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The 1960 Institute of Metals Lecture 
The Work Hardening of Metals 


N. F. Mott 


My aim in this lecture is to survey the theory of 
the work-hardening of metals. The subject was dis- 
cussed at a symposium which formed part of the 
fifth General Assembly of the International Union of 
Crystallography held at Cambridge in August 1960, 
and this lecture owes much to what was said on that 
occasion. It contains an account, necessarily incom- 
plete, of some ideas put forward by Dr. Hirsch and 
as yet unpublished elsewhere. None of these ideas 
are final; they may change again as theories have 
before. Nevertheless, I feel that we now have the 
beginnings of a consistent picture of the phenomenon. 

I shall limit myself in this lecture to face-centered 
cubic metals, on which most of the experimental work 
has been done. Even here I do not think the process 
is simple; more than one mechanism for stopping the 
movement of dislocations may well contribute to the 
hardening ina given metal. Those active in face- 
centered cubic metals may well be different from 
those in metals with other structures. 

There have been several theories of work-harden- 
ing. Of these the first and most famous was that due 
to G, I. Taylor.* 

His assumptions were 

a) Dislocations are created during straining and 
move a certain distance L. 

b) The flow stress 7 is the stress necessary to 
move a dislocation in the stress field of the dislo- 
cations already there. This is believed to be of the 
order 


tT = aGb/1 [1] 


where G is the shear modulus, b the Burgers vector, 
I the mean distance between dislocations and a a 
constant usually assumed to be about 1/27 (cf Seeger’). 

Taylor’s assumption that during cold-work the 
density of dislocations increases has been amply 
verified, and indeed that a relationship of the type 
[1] exists between 7 and / has been verified experi- 
mentally recently for several polycrystalline metals.’ 
Whether, however, the flow stress is indeed all or in 
part due to the elastic interaction between disloca- 
tions is the subject matter of this lecture. 

It will be worth while to set out Taylor’s derivation 
of a stress-strain curve, as it is typical of later cal- 
culations. Taylor’s theory was two-dimensional; we 
modernize it by assuming that, when the plastic 
strain is ¢, N dislocation rings of radius R have been 
given off per unit volume. 

Then 


€ = Nn R*b 


N. F. MOTT, F.R.S., is Cavendish Professor of Experimental Phys- 
ics, Cavendish Laboratory, University of Cambridge, England. IMD 
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and 
1 ~ RN), 


from which we obtain for the stress-strain relation 


T= const 


If R is constant, a parabolic relationship is obtained 
between 7 and ¢, which was in accord with the ex- 
perimental results available at that time. The rate of 
hardening depends essentially on R, and values of a 
few microns give agreement with experiment. 

Some more recent theories (Mott,* Friedel,° Seeger”) 
have attempted to modernize Taylor’s model and to 
bring it into accord both with recent observations 
of the strain-hardening curves of single crystals and 
with the slip lines observed on their surfaces. Briefly 
these observations are as follows. 

Fig. 1 shows a typical stress-strain curve for a 
single crystal of a face-centered cubic metal. Stage 
I, or easy glide, depends on its extent both on the 
orientation and size of the crystal. In our view it 
occurs when many of the dislocations generated can 
pass out of the crystal. Hardening in Stage II is 
linear (dt/de is constant). Stage III sets in at a strain 
which increases with decreasing temperature and is 
probably associated with the annihilation of disloca- 
tions as a consequence of cross slip. 

Our discussions in this lecture will be confined to 
hardening in Stage II, which seems to us a process 
in which temperature plays no essential role. The 
points to emphasize about it are: 

1) The process is essentially similar in both 


MW 


STRESS T 


STRAIN € 


Fig. 1—Stress-strain curve for a face-centered cubic metal 
crystal. Stage I (easy glide) occurs only for single crystals 
and is strongly dependent on orientation. Stage II (region of 
linear hardening) occurs both for single and polycrystals 
and depends little on temperature. The stress at which Stage 
III sets in depends on temperature. 
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Table I. Slip Line Lengths for Copper Crystals in Stage I! 


Mean Length L 


Strain, Pet of Slip Lines, p 
12.5 to 17-3 35 
12.5 to 21.8 30 
20.0 to 24.3 20 
20.0 to 28.0 20 


single crystals and polycrystals (cf Clareborough and 
Hargreaves’). 

2) The ratio [(dt/de)/G] differs little from one 
metal crystal to another and is roughly independent 
of temperature. Its value is about 1/300, but varies 
by a factor 2 with orientation. 

3) During Stage II short slip lines are formed. ””® 
During straining these slip lines are formed quite 
suddenly (.@. in a short increment of 7) and there- 
after do not grow, either in length or intensity. In 
the work of the Stuttgart school,® a specimen is 
pulled to a given point on the stress-strain curve, 
then polished and then strained further and the 
mean length of the lines formed in that interval of 
strain determined. The results are shown in Table I. 

It will be noticed that the slip-line length decreases 
with strain. 

The authors quoted assume that dislocations are 
formed by Frank- Read sources, and that they ‘‘pile- 
up’’® at the ends of the slip lines (more accurately, 
at the boundaries of the active slip planes). The 
hardening, on such theories, is then due to the long- 
range stresses from these piled-up groups. The 
most recent theory, that of Seeger ,* may be simpli- 
fied as follows. Assuming for the moment that the 
slip lines are of constant length (R constant) and 
that 2 is the number of dislocations in each line, 
one may write, if N sources per unit volume have 
been active 


€ = Na R* nb 
T ~ (1/27) Gbn/I, 


where | ~ 1/V(2 NR) is the distance between piled-up 
groups, and 7 itself is given by a relation of the type 
given by Eshelby et al.°), namely 


n = const. TR/bG 


From these equations one can deduce that 7/eG isa 
constant and, unlike Taylor’s theory, the slip dis- 
tance R does not affect its value. In a more com- 
plete calculation, and assuming that the slip distance 
2R is given by 

2R = A/(€—-€,), 

where €, is the strain at the beginning of Stage II and 


A a constant length, Seeger evaluates the actual value 
of dt/de and finds 


dt/de = G/6n°; 


this is somewhat too large; Seeger introduces a 
further factor of order 1/2 reducing the stress be- 
tween piled-up groups, due to relaxation. He thus 
obtains good agreement with experiment. The re- 
sult that dt/de is independent of slip line length 
depends on the assumption that the length of a piled- 
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Fig. 2—Schematic mechanism for holding up a dislocation 
by forming a Cottrell-Lomer or other combination between 
dislocations on different planes. 
Moving dislocation 
Forest dislocation 


Combined dislocation 


up group is small compared with the distance be- . 
tween them, which a short calculation shows to be 
about 


V(bLn/e ) 


or say 300 b. This would imply very compressed 
groups. If this is not so the theory becomes similar 
to Taylor’s. 

The conclusion of this theory that dt/de does not 
depend on A (the slip line length) depends then es- 
sentially on the assumption that dislocations are 
piled up in groups at the end of the slip line, not 
distributed uniformly along it. The piled-up group 
is supposed held in position by a Cottrell- Lomer 
lock, formed by a dislocation moving on another 
plane. Thus Stage II is assumed to set in if there 
are enough dislocations on other slip planes to form 
such locks and prevent the dislocations from moving 
out of the crystal. 

We have a number of objections to a theory of this 
kind. They are: 

a) It seems to us almost certain that the large 
stresses round piled-up groups would be relaxed by 
flow on other planes. 

b) Except in metals of very low stacking fault 
energy, the methods of thin film electron microscopy 
do not show dislocations on slip planes. They show a 
tangle of dislocations, perhaps due to a) above. 

c) One can hardly envisage that the whole of dislo- 
cation ring is anchored, and if there are gaps the big 
stress froma piled-up group will pushit through them. 

d) It is difficult to see why the piled-up group 
should not run back when the stress is removed,at 
any rate in a pure metal. 

e) Any theory of Stage II hardening must include a 
mechanism for unlocking a source, so that a sudden 
slip band may be formed. We need in fact something 
to replace the dynamic hypothesis of Fisher, Hart, 
and Pry.*° One needs a mechanism of source harden- 
ing which—unlike, for instance, locking by impur- 
ities—increases with increasing plastic strain. 

Before attempting to modify the theory to take ac- 
count of these objections and to bring it into accord 
with the recent observations by transmission elec- 
tron microscopy, I would like to make a few remarks 
about the flow stress of other materials, particularly 
alloys, which may perhaps be easier to interpret. 

Mechanical strength may in principle be due to two 
causes: i) The dislocation itself may need a finite 
stress to move it. There may be, for instance: 

a) A Peierls-Nabarro force, thought to be absent 
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CRITICAL RESOLVED SHEAR STRESS 
Kg/ -VS- TEMPERATURE FOR 
VARIOUS AGED STATES OF SINGLE 


CRYSTALS OF AN Al + 3:85 % Cu ALLOY 
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Fig. 3—Critical resolved shear stress of single crystals of 
alloys of aluminium with 3.85 pct Cu, plotted against tem- 
perature. The results are for single crystals in states of 
various aging, that marked ‘‘reverted’’ being a quenched 
specimen in which all the copper is in solution. The curves, 
prepared by Dr. A. Kelly, show that the dependence on tem- 
perature is greatest for the smallest obstacles. 


for fec metals for dislocations moving in close- 
packed planes, but certainly present in iron at low 
temperatures. * 


*The observations of Gilman, Johnston and Sears*’ on the stress- 
dependence of the velocity of dislocation movement in ionic crystals is 
attributed by him to the Peierls-Nabarro force; Christian and Bassinski’” 
emphasize that this force must be present in body-centered cubic struc- 
tures at low temperatures, since the flow stress rises at low tempera- 
tures even after initial cold-work which will tear the dislocations away 
from any locking atmospheres. 


b) The dislocation may be locked by impurities. 

c) The dislocation may contain jogs of a kind which 
cannot move conservatively. 

ii) The lattice itself may contain obstacles which 
hinder the movement of dislocations. These may be: 
a) Strains round Preston-Guinier zones, for in- 
stance in cual alloys as postulated by Mott and 

Nabarro.? 

b) The necessity for a dislocation to cut or go 
round a precipitate or P.G. zone. 

c) Other dislocations, which can affect them both 
through their strain fields, and because of the work 
necessary to cut a dislocation with a screw compo- 
nent which crosses the slip plane, (the forest) there- 
by forming a jog. In this connection both Hirsch’® and 
Saada*® have recently emphasized that a Cottrell- 
Lomer lock or any dislocation combination will, if 
repeated at intervals / along a dislocation, produce a 
locking stress independent of temperature ‘of order 
Gb/27l. Whelan’ has observed by the method of 
electron transmission microscopy many dislocations 
trapped in this way. 

One may, however, differentiate between the ef- 
fects of small obstacles of atomic size and larger 
obstacles or strains. For the former, one expects a 
resistance to flow which drops rapidly with increas- 
ing temperature; the latter should give a value of 
T (or T/G) relatively independent of temperature. 
This is shown in Fig. 3 (due to Kelly”). It shows the 
flow stress asa function of temperature of an Al saopet. 
Cu alloy containing P.G. zones of type I, 3 to 4A thick 
and also one hardened by P.G. zones II, some 30A 
thick. The smaller, thinner zone shows much the 


’ 
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greater dependence on temperature. These observa- 
tions suggest that it is the work to cut P. G. zones 
that hardens these alloys rather than the direct ef- 
fect of the strains round them, as postulated by Mott 
and Nabarro’’ and more recently by Dew-Hughes and 
Robertson. 

There is, however, one form of obstacle of atomic 
size which may hinder the movement of a disloca- 
tion in an otherwise perfect lattice, and if so may be 
expected to lead to a flow stress independent of tem- 
perature over a certain range of temperature. This 
is the presence in the dislocation of jogs. Frank was, 
I believe, the first to suggest that a screw dislocation 
with jogs in it could move only if the jog left behind 
it a row of vacancies or interstitials, according to its 
sign and the direction of its motion (Mott?”?, Van 
Bueren”° ). For a considerable time this process was 
thought to play a part in work-hardening and to be 
responsible for the formation of vacancies in cold- 
work. It then went out of favor when it was realized 
that jogs are nothing but small edge dislocations and 
can move along the dislocation conservatively. They 
were thus thought neither to form vacancies nor to 
contribute to the resistance to flow. More recently 
still Hirsch (unpublished), by examining the geometry 
of ‘‘large’’ jogs, and extrapolating their properties 
to those of atomic length, has been led to suppose: 

a) A vacancy jog will move with the creation of a 
row of vacancies more easily than it will move con- 
servatively sideways; for the latter there is in his 
view a large activation energy, which does not de- 
crease with stress. 

b) An interstitial jog will normally move con- 
servatively, but there is a (smaller) stress-aided 
activation energy w for the purpose. 

If vacancy jogs are distant x from each other ona 
screw dislocation, the stress necessary to move it 
will be 


a Gb/x 


where a@Gb’ is the energy required to form a vac- 
ancy; a ~ 0.2 for most metals. Also this stress will 
not be temperature dependent; temperature can only 
help the dislocations to move forward a single atomic 
distance, and then the row of vacancies will pull it 
back. A temperature-dependence will only occur if, 
at the same time, the vacancy diffuses away. If Uis 
the activation energy for this process, so that W=U 
+ aGb®* is the energy for self- diffusion, the prob- 
ability per unit time that this happens is 


vb exp{— (U+ aGb* 7)/kT} 


as pointed out by the present author.* At a tempera- 
ture at which the thermal energy is sufficient to al- 
low the vacancies to diffuse away at the appropriate 
rate, this formula becomes applicable and above this 
temperature a drop in T occurs. Such a drop is ob- 
served (Warrington™) and is illustrated in Fig.5. 

If interstitial jogs, on the ather hand, are a dis- 


tance y apart, then the rate of movement of a dis- 
location is 


vb exp 
Such behavior, as is well known, leads to a tempera- 
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Fig. 4—Mechanism by which a dislocation with a big jog can 
form a loop (Segall). 


ture-dependent term in the flow stress such as that 
shown at low temperatures in Fig. 5.* 


*At temperatures below that at which vacancy jogs can move noncon- 
servatively by stress aided self diffusion, the temperature independent 
part of the flow stress is the stress necessary to make a line of vacan- 
cies, and the temperature dependent part is the stress necessary to con- 
Strict the interstitial jogs to enable them to move conservatively. 


These ideas were put before the International 
Union of Crystallography at its meeting in August 
1960. They are by no means fully agreed. However, 
it is known experimentally that big jogs can leave dis- 

location loops behind. Fig. 4, due to Segall,*” shows 
how this can occur. These have been observed by 
thin film electron microscopy by Price” in zinc. 
This is the probable explanation of the ‘‘debris’’ left 
behind by moving dislocations in ionic crystals; such 
loops have been observed in magnesium oxide by 
Washburn, Groves, and Kelly.” They have been ob- 
served also in face-centered metals by Kuhlmann- 
Wilsdorf, Maddin and Wilsdorf,*’ who have shown how 
point defects can contribute to their formation. 

I would like now to turn to the observations on the 
distribution of dislocations made by the method of 
transmission electron microscopy. A great many 
observations have been published (cf Hirsch™’”) 
and photographs will not be reproduced here. Some 
of the results may be summarized as follows: 

a) In polycrystals and single crystals in Stage II 
and Stage III, arrangements of dislocations on slip 
lines are only observed in metals of very low stack- 
ing-fault energies, e.g. austenitic steels (polycrys- 
tals), Cu with 7 pct Al (single crystals). The more 
characteristic arrangements are in thick, tangled 
regions separating regions that are comparatively 
free from dislocations. These become more marked 
as one passes from Stage II to Stage III. In the ob- 
servations of Bailey and Hirsch’ on polycrystalline 
copper and silver, the former fill about one fifth of 
the total volume. The substructures are absent in 
fatigued specimens. 

b) Piled-up groups are observed at grain bound- 
aries in metals of low stacking fault energy, but 
not in the body of the grains. There is no evidence 
in pure metals for Cottrell-Lomer locks long enough 
to anchor piled-up groups. 

We may say at once that we have no detailed model 
of how these structures are formed or of how to 
reconcile them with surface markings, though we 
make some suggestions below. We would, however, 
emphasize that both X-ray microbeam and electron 
microscopy are in complete agreement about the 
nature of this type of substructure for polycrystals. 
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Fig. 5—Observed flow stress of cold-worked copper as a 
function of temperature (Warrington?4). 


The work of Bailey and Hirsch® on copper and 
silver determines the density of dislocations both 
by measuring the stored energy and by counting. 
They show that, for varying degrees of cold-work, 
the flow stress is given by 


a Gb/1 


where a ~ 0.2 and 7 is the distance between the 
dislocations in the dense regions. It is tempting, 
thus, to ascribe the flow stress to the internal 
stresses of the tangle, as in Taylor’s theory, (or 
to some such modification as that of Hirsch”, and 
Saada’® which we sketched in Fig. 4), and the rise 
in the flow stress at low temperatures to the work 
done in cutting through the tangle with consequent 
formation of jogs. On such‘a theory the ‘‘forest’’ 
and the dislocations producing the internal strains 
are one and the same, and a Cottrell-Stokes law 
would be expected. 

The reasons, however, why we have been forced 
to the conclusion that a considerable part of the 
flow stress is due to some other cause are the fol- 
lowing: 

a) It gives no account of the observed length of 
a slip line. 

b) It gives no mechanism for ‘‘unlocking”’ a / 
source. 

c) It does not fully account for the temperature- 
dependence of the flow stress, particularly the drop 
at high temperatures shown in Fig. 5. 

Dr. Hirsch at the recent conference in Cambridge 
put forward the hypothesis, as emphasized above, 
that jogs may exert a resistance to the movement 
of a screw dislocation. As stated earlier, his hypo- 
thesis is that vacancy jogs in most metals move with 
the creation of a row of vacancies, and therefore 
lead to a resistance to movement which is independ- 


[3] 
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Fig. 6—Configuration of a dislocation according to the 

theory put forward by Hirsch. (a) with the stress applied. 
(b) after the stress has been taken off. The points marked 
I are interstitial jogs, those marked V are vacancy jogs. 
The double lines marked VS represent lines of vacancies. 


ent of temperature at temperatures below the drop 
illustrated in Fig. 4, while interstitial jogs move 
conservatively and do not hold the dislocation up ex- 
cept at low temperatures, and then only contribute a 
small term to the flow stress, Fig. 4. These proper- 
ties are sensitive both to stacking fault and core 
energy. Dr. Hirsch believes that elementary jogs 
are responsible for hardening in all face-centered 
metals in Stage II. We shall present a theory in 
terms of these elementary jogs. We assume: 

i) That a dislocation in a slip line moves until it 
becomes so ‘‘joggy’’ that it stops. 

ii) The secondary slip is comparable in amount 
(say 25 pct)to the visible slip on the primary planes, 
and that this secondary slip creates jogs in the 
sources (and other dislocations). 

Thus the same mechanism (jog formation) is used 
to explain hardening and slip-line length. 

Consider now a Frank- Read source operating and 
giving out dislocation rings which move through the 
forest. We suppose the temperature to be high 
enough for interstitial jogs to be glissile but that 
vacancy jogs move by forming a row of vacancies. 
Movement through the forest will lead to the forma- 
tion of an equal number of jogs of either sign, but 
the former, moving along the dislocation, will every 
now and then annihilate the latter. One can set up a 
differ ential equation* describing the formation and 


*This equation is due to Dr. Hirsch, 


annihilation of jogs. If we consider a dislocation 
ring which has expanded to a radius R, then the 
total number m of jogs in this line per unit length is 
given by 


dn _ 5 
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Here p (~ 1/1’) is the number of forest dislocations 
per unit area. The solution of this equation is, 

m= Vp tanh {RV (2p)}. 
Now the dislocation stops when [equation (2)], 

T= aGb/x. 

Since 

Eq. [4] becomes 

Tt = a GbV(1/2p) tanh {RV(2p)} [5] 

Eq. [5] must be thought of as determining the slip 
distance. L,i. e., the distance moved by the leading 
dislocations of a slip line, in terms of the stress 7 
and forest density p. Actually, for reasons that we 
shall discuss below, the function tanh {LV(p/2)} is 
always very near to unity; the forest density at any 
part of stress-strain curve is only just big enough 
to stop the dislocation at all. Thus in practice [4] be- 
comes 
T~aGbyp [6] 
which is the Bailey- Hirsch relationship [3]. Note 
that this should and does apply to the dense regions 
between the subgrains, rather than to the average 
over the whole crystal. 

New let us consider what happens when a source 
is ‘‘unlocked’’ and the first dislocation moves a dis- 
tance R. (The mechanism of unlocking will be con- 
sidered later). Closely piled-up groups will not be 
formed, because the frictional force given by [5] is 
increasing slowly over most of the slip distance. It 
is likely that, approximately, the dislocations will 
be uniformly spaced. They will also be held fairly 
rigidly in position. Any vacancy jogs trailing a row 
of vacancies behind them, will be pulled back. The 
interstitial jogs, on the other hand, when they begin 
to move back, will become vacancy jogs. The situa- 
tion will be as in Fig. 6. 

Now a row of dislocations all on one plane and all 
of the same sign will set up stresses of the same 
order as the flow stress extending over a volume of 
order L*. It is assumed that this happens quickly, 
so that long-range stresses are set up in a region 
previously relaxed. It is clear that movement of 
dislocations on secondary planes will occur to neu- 
tralize these stresses, probably just after the slip 
line is formed, and also that the total amount of slip 
necessary to do this is of the same order as that on 
the primary plane. This is an essential part of the 
theory. Actually the total amount of secondary slip 
necessary to screen out the long-range stress field 
of the slip line will not depend much on whether the 
dislocations piled-up at the ends of the slip line, 
Fig. 7(@) or, as we suppose, uniformly spread, Fig. 
7(b). It may also be pointed out,* that the density of 
dislocations produced by secondary slip is likely to 
be related to the long-range stress due to piled-up 
groups by a relationship of type [2], which may be 
the explanation of the success of Seeger’s model in 
explaining the observed magnitude of dt/de. This. 
secondary slip, we believe, produces the observed 
tangle of dislocations. The pileups at the ends of the 
slip lines, their stresses relaxed by secondary slip, 
do not, even if they remain, have direct effect on the 
flow stress. 
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The secondary slip, or ‘‘moving forest,’’ also, 
produces jogs in the sources, as in all the other dis- 
locations which it cuts. But it does not in this case 
produce an equal number of vacancy and interstitial 
jogs. Cottrell™ has pointed out that, if a flow of dis- 
locations is set in motion by a stress having its 
maximum value in a given direction, the jogs on dis- 
locations with their Burgers vectors in this direction 
will be nearly all interstitial jogs; only a fraction 
J ~ 1/20 will be vacancy jogs. In our case the sec- 
ondary flow is produced by the applied stress and the 
stress due to the slip band just formed, but it is 
reasonable to suppose that secondary flow only oc- 
curs when the two reinforce each other. Cottrell’s 
theorem is therefore applicable. It is only the va-— 
cancy jogs, of which few are formed, which, except at 
very low temperatures, have any effect on hardness. 

Sources hardened by jogs in this way will be ‘‘un- 
locked”’ by a stress sufficiently large, because as 
soon as the vacancy jogs start to move, they will run 


into jogs of the other sign, resulting in local annihila- 


tion. The source will then act freely until the back 
stress stops it. Probably secondary slip which fol- 
lows immediately after the formation of the slip 
line will produce further locking. 

Let us now look at the stress-strain curve in Stage 
II on this model. Suppose, in a given increment of 
strain de the number of loops on primary planes 
given out, each of mean radius R, is dN. Then 


de =b1 R*dN [7] 
We next ask how much this slip will harden the 
sources. We suppose that the amount of slip on sec- 
ondary planes is g times that on primary planes, g 
being comparable with unity. If the m is the number 
of jogs per unit length on a source or other station- 
ary dislocation 


dm = R°dN [8] 


Of these, only a small fraction dm, = f-dm are vac- 
ancy jogs. The stress to trigger off a source (the 
flow stress) is given by 


T=aGbDmM, [9] 
(a Gb* being the jog energy). Thus from [8] and [9] 
dt =aGb (fg) R*dN 


whence from [7] [10] 


Experimentally the quantity (dt/de)/G is about 1/300 
for most metals. If a=0.2 and f = 1/20, g is about 
1/3 which is-reasonable. 

To obtain the slip-line length, we write for the 
increase in 


dp =1 RdN, 

so that from [7] 
de/dp =bR 
Also from [6] 

2 = a? G*b’p 
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Fig. 7—Possible forms for a slip-line. (a) with free piled- 
up groups. (4) with dislocations held in position by jogs. 
S represents the source. 


and 

1 22,2 
7 G“b 
Thus 

dt_1 


Comparing with [10] 


aGb b 
where 6) is the strain at which linear hardening be- 
gins. The calculated slip-line length is of the right 
order but not quite great enough. If fg~1/40 and 
€ —€, is 1/10, it comes out to 9u(cf Table 1). 

There is much more that should be discussed on 
this model, including particularly the temperature 
dependence, and hardening in Stages I and III and 
in fatigue. Lack of time, however, prevents me 
from mentioning these, which will be discussed in 
later publications. 


SUMMARY 


1) The formation of a slip line of length L in Stage 
II hardening leads to secondary slip throughout a 
volume L’ of the same order as, about one third of 
the primary slip. 

2) The secondary slip is responsible for most of 
the network of dislocations observed in cold-worked 
materials. 

3) This network is responsible for a considerable 
part, say one half, of the flow stress. 

4) The secondary slip also hardens the sources by 
forming glissile and nonglissile jogs; when the source 
is stressed hard enough these annihilate each other 
and the source is unlocked. 

5) The dislocations move until the jog density 
stops them. 

6) The forest density in Stage II work-hardening 
retains a value just big enough to stop the disloca- 
tions. 

7) The theory predicts the formation of vacancies 
in cold work but not of interstitials. 
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Hardening by Internal Oxidation as a Function of 
Velocity of the Oxidation Boundary 


Oxidation hardening of cylindrical and spherical specimens 
first decreases with depth below the surface, but then increases 
again as the center is approached. This is in agreement with the 
view that this change in hardness is mainly determined by the 
change in velocity of the oxidation boundary, which affects the 


dispersion of the oxide. 


W uen a thick slab of silver containing 0.3 pct Mg 
by weight is internally oxidized, the hardness meas- 
ured on a cross section is found to decrease consid- 
erably with distance from the surface.! This phe- 
nomenon has been attributed to the diminution of the 
velocity of the oxidation boundary. The smaller this 
velocity is, the more slowly the free-oxygen concen- 
tration rises towards the concentration in equilib- 
rium with the oxygen gas. And a small O concentra- 
tion favors dissociation and thus conglomeration of 
the oxide. For instance, the hardness decreases 
more rapidly during long annealings in nitrogen than 

Measurements by Gregory and Smith? on sections 
through internally oxidized Al-silver wire showed a 
smaller variation in hardness, probably because the 
wire diameter was only 0.9 mm. Wood? found a drop 
in hardness with depth in internally oxidized Al- 
copper strip, and also—by electron microscopy—the 
concomitant increase in Al,O, particle size. 

Under certain circumstances internal oxidation 
leads to formation of rather irregular inner oxide 
films in the midst of dispersed oxide. This special 
sort of conglomeration—discussed in Ref. 5—is also 
favored by greater depth below the surface.3)5 

In this paper hardness measurements in large 
diameter cylindrical and spherical specimens are 
described. Here the oxidation velocity* goes through 


*This pertains to linear velocity. The volume amount oxidized per 
second decreases more rapidly with depth than if the specimen is flat. 


a minimum, so it might be expected that the hard- 
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ness initially decreases with depth but increases 
again towards the center. Normally, the diffusion 
coefficient D, of oxygen is very large compared to 
D,, that of the dissolved metal. If, furthermore, the 
atomic fraction c, of the latter is much larger than 
the O-solubility c,- but c,D2< c,D,— the velocities 
in question are easily calculated? to be: 


v=- dp/at = (€1D:/C2)/ p Int [1] 


for the cylinder and 
v = -dp/dt = (¢,D,/c,)R/p(R p) [2] 


for the sphere. Here p is the radial coordinate of 
the oxidation boundary and # the specimen radius, 
which in dilute silver alloys is constant, as no ex- 
ternal oxidation occurs. These equations have been 
derived for a divalent solute; for nondivalent solutes 
c, has to be multiplied by half the valency. 

The equations are not valid near the center. For 
C,/Cz = CzD,/C,D, = 0.01, which can be considered as 
a standard case,” the Eqs [1] and [2] begin to yield 
v-values which are appreciably too high for p/R = 
0.05 and 0.15, respectively. But at the v-minima 
they are still very good approximations. These 
minima lie at p = e~+R= 0.37R in the cylinder and 
p = 1/2 R in the sphere. 

Other factors besides the velocity v will also 
influence the hardness. The oxide concentration c,, 
is constant in a flat strip, apart from a narrow re- 
gion in the middle,” but in cylindrical and spherical 
specimens C,, decreases steadily with depth. When 
Cc, < and cw, > c.D, one ean calculate 


( + 2In [3] 
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Table 1. Hardness vs Depth in Internally Oxidized Silver Alloys 


Ag with 0.7 Pct Mn, 96 Hr 
Air 800°C 


Ag with 0.25 Pct Mg, 96 Hr Ag with 0.15 Pct Be, 


Ss Air 800°C 216 Hr Air 800°C (+6°) 
ylinder Spheres i 
8.1 mm Diam 8.1 Diam 8. 
ncreas- Number Number umber 
Zone, Hardness, of Hardness, of Hardness, of Hardness, Hardness, 
ep ee Text 2% kg Points 24 kg Points 2% keg Points 2% kg Points lkg Points 
I 113 7 128.5 14 130 13 90.5 20 
II 89.5 14 95 41 127.5 ZN 120 35 84 12 
Ill 81 25 87 41 116.5 36 114.5 34 76 cA3 
IV 79 24 84 59 114 31 112 18 72 11 
V 78 24 81 29 112 24 111 22 71 11 
VI ifs 23 81 24 186 BS 36 114 13 69 9 
Vil 78 16 82 27-3 110 29 113 15 67.5 9 
Vill 79 21 82 12 109.5 32 114.5 17 67.5 8 
§ Ix 81 12 92 5 108 24 116.5 13 TES 10 
N xX 90.5 7 106 22 122 1 76 a, 


for the cylinder, and 


p 


for the sphere. The equations are not valid near the 
“center, just like [1] and [2]. With c,D2/c,D, = 0.01 
the oxide concentration will be only some 4 pct lower 
at p = 0.12 than at the surface. Therefore this fac- 
tor cannot be expected to cause obliteration, or even 
a marked shift, of a hardness minimum due to the 
velocity. 

Another factor to be considered is the fact that 
the oxide is older in the exterior than in the interior 
regions. Since the fall in surface hardness with long 
annealings in air is small,” this factor will not be 
important either. In any case it is unable to reverse 
the decrease of hardness with depth in flat slabs. 


EXPERIMENTS 


Our first experiments were made with a cylinder 
and two spheres of 8 mm diam machined from cast 
silver with 0.7 pct Mn by weight, grain size about 
1/4 mm?. They were oxidized for 96 hr at 800°C in 
air, together with a flat slab from the same casting. 
This time was amply sufficient for complete inter- 
nal oxidation of the cylinder and spheres. After 
mounting the specimens in bakelite, Vickers hard- 
ness (2 1/2-kg load) was measured on successive 
sections about 1/2 mm apart. The distances of the 
section planes from the sphere centers were checked 
by measuring the circular diameters and were used 
for calculating the distances of the indentation loca- 
tions from the center. In the cylinder (20 mm long), 
the influence of the oxygen penetration from the flat 
faces was eliminated by taking no points where one 
of these faces would be closer than 4/3 times the 
distance to the cylindrical surface. 

To smooth out the fluctuations in the measure- ° 
ments, these were grouped into ten zones numbered 
from the surface. Zone I lies between p/R = 1 and 
0.9, and so on down to zone X which lies between 
o/R = 0.1 and 0. The hardness results, averaged 
zonewise, for the two spheres together and for the 
cylinder are given in Table I. It is seen that with in- 
creasing depth the hardness does in fact go through 
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a minimum, at about the location expected. The 
standard deviation for the zones III to VIII was about 
3.5 Vpn, but in the zones I, II, IX, and X, where hard- 
ness iS more sensitive to location, 5.5 Vpn in the 
average. 

In Fig. 1 the hardness results, together with those 
of the flat slab, are plotted versus the reciprocal of 
the velocity of the oxidation boundary. The velocities 
v were calculated from Eqs. [1] and [2] for the aver- 
age of each zone. For the flat slab we have v = 
c,D,/c,é where & is depth below the surface. As 
internal oxidation was not complete in the slab, the 
depth attained after 96 hr yielded c,D,/c, and thus 
the absolute values of 1/v. 

- The points of Fig. 1 lie roughly on one curve, so 
that the hardness appears to be defined mainly by the 
velocity of the boundary at the location in question. 


- The hardness measured at the surface was about 


140 Vpn (2 1/2-kg load). 

For flat specimens 1/v is proportional to the 
depth below the surface (2.5 mm at the last point 
in Fig. 1). Therefore Fig. 1 can be compared di- 
rectly to Wood’s Fig. 5,4 where Vickers hardness 
vs depth is plotted for internally oxidized Al-copper 
alloys. The course of the hardness is similar in 


Vv. 


slab 
ext. 
int. 
ext. 
int. 


= 


cyl. 


spheres 


Hardness D 


20 h/mm 25 30 


5 10 
Reciprocal of velocity 
Fig. 1—Silver with 0.7 pct Mn by weight, internally oxi- 
dized at 800°C in air, cf. Table I, Vickers hardness vs 
reciprocal of velocity of the oxidation boundary in hours 
per mm. For the cylinder and spheres ‘‘ext.’’ and “‘int.’”’ 
means p > 1/2R and p < 1/2R, respectively. 
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Fig. 2—Cylindrical crystal of copper with 0.35 pct Be by 
weight, internally oxidized 48 hr air 1000°C (49°). Chemi- 
cally polished with H;PO,/HNO;/acetic acid at 80°C. 
Etched with NH,OH/H,O,. Black spots are etch pits. 

Dark rings are caused by the temperature oscillations, 
period 15 min. X48. Reduced approximately 23 pct for 
reproduction. 


both cases: falling steeply near the surface and 
gradually flattening at greater depths. 

Similar experiments were carried out with silver 
containing 0.25 pct Mg by weight, where oxidation 
hardening is more pronounced. For the spheres we 
have again the minimum hardness about half-way 
towards the center. The mean standard deviation 
for the zones was 3.5 Vpn. For the cylinder a mini- 
mum was found in the first half of the sections, but 
finally the average values in the zones showed the 
monotonic fall given in Table I. The standard devia- 
tion was 7 Vpn for the zones I, II, IX, and X of the 
cylinder and 4 Vpn for the intermediate zones. Asym- 
metries in hardness values and crystal size across 
the sections suggested that the convergence axis of 
the internal oxidation might deviate appreciably 
from the geometrical axis. 

We therefore also made measurements on speci- 
mens where the inward progress of the oxidation 
boundary could be seen, in order to determine the 
convergence axis. If alloys of silver or copper 
with Be are internally oxidized at a regularly oscil- 
lating temperature (16°), etching reveals a succes- 
sion of dark streaks, which may be seen in Fig. 2 
for the Be-copper specimen mentioned below. The 
distance between two consecutive streaks has been 
covered by the boundary during a whole oscillation 
period, and is thus a direct measure of v. The 
streaks are due to a modulation in the oxide concen- 
tration c,, caused by a modulation in v. This again 
is brought about by disturbances in the reaction 
balance at the boundary caused by a difference be- 
tween the diffusion activation energies of O and Be.? 
These streaks are treated more fully in Ref. 6 
where also a photograph of the stréaks in the Be- 
Silver alloy of Table I is found. 

The specimen in question was a nearly square bar 
with 10.8 x 10.0 mm cross section. Although a theo- 
retical calculation of uv for this geometry would be 
difficult, it is clear that in the later stages the pene- 
tration will behave qualitatively as in a cylinder. 
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Fig. 3—Vickers hardness (100-g load) vs distance from 
axis in BeO-copper cylinder of Fig. 2. 


Indeed the spacing between the streaks went through 
a minimum of 3y and attained 10u near the con- 
vergence center, which lay 0.5 mm from the geo- 
metrical center. 

The streak spacings at the 110 places where the 
Vickers hardness (1-kg load) was determined were 
plotted vs the streak number, from 1 to 910 near 
the center. The best curve was drawn through these 
points (which showed some scattering because of the 
noncircular section and the convergence asymmetry). 
Graphical integration then yielded ‘‘effective’’ dis- 
tances from the surface. Dividing the maximum ef- 
fective distance, 5.6 mm, into 10 equal parts gave 
the zones I to X used in Table I. The rather flat 
minimum of v fell in Zone VI, while the hardness 
minimum is seen to be situated near the border of 
VIL and VIII. The standard deviation in the zones I, 
II, IX, and X was 3 Vpn and in the intermediate 
zones 2 Vpn. 

A fourth series of hardness measurements were 
made with a cylindrical single crystal of copper 
with 0.35 pct Be. The temperature oscillations were 
increased to +9° to enhance visibility of the streaks, 
cf. Fig. 2. These converged nicely onto the cylinder 
axis. In Fig. 3 each point represents an average of 
nine measurements made at five different sections 
about 0.8 mm apart. The spread was small, pre- 
sumably because there was only one crystal. The 
hardness minimum is seen to be very flat and about 
half-way between the center and the final metallic 
surface. The same things can be said of the velocity 
v, The external oxidation hampers its calculation be- 
cause R in Eq. [1] is not constant here. But one 
easily finds that the minimum should lie between 37 
pet of the final and 37 pct of the initial radius of the 
metallic cylinder, and also that the minimum will be 
flatter than with constant R. There can be little 
doubt that the hardness obtained in the external re- 
gions—which later have been converted into (Cu,O + 
BeO)—has attained larger values than in the center. 

The experiments with the Ag-Be and Cu-Be alloys 
have the advantage that v is actually measured in- 
stead of calculated as in the experiments with Ag-Mn 
and Ag-Mg alloys. But they have the disadvantage 
that the streaks are due to a modulation in v and in 
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the BeO concentration. Their Spacing gives the 
average velocity over a temperature-oscillation pe- 
riod. In the Cu-BeO case this spacing becomes 
greater than the size of the hardness indentations at 
about the last point in Fig. 3 before the axis. In the 
Ag-BeO case—where the load was larger—all data 
in Table I can be considered as pertaining to good 
averages of v, since the Vickers indentations are 
crossed by several streaks. Even then, however, it 
might well be that the hardness for a given average 
v and c,, still depends on the degree of modulation, 
which is closely coupled to the average velocity. 
The smaller the latter is, the more c,, fluctuates 
(cf. Ref. 6). This can also be seen from Fig. 2; on 
converging on the center, the streaks become more 
vague as their spacing increases. 

Another Be-copper single crystal, containing less 
Be, was internally oxidized at more isothermal con- 
ditions, the amplitude of the oscillations being less 
than 2 deg. The hardness measurements gave a 
curve like that of Fig. 3, but the minimum was shal- 
lower. It is not certain, however, that the difference 
with Fig. 3—not much greater than the standard de- 
viation 2.5 Vpn—is significant. 


DISCUSSION 


The experiments, and especially Fig. 1, are in 
agreement with the view that the hardness obtained 
at a given point in a certain alloy by internal oxida- 
tion at a certain temperature depends largely on the 
speed of building up the free-oxygen concentration 


at the point in question. The lower hardness obtained 
by oxidizing Mg-silver in nitrogen with 0.02 pct O, 
as compared with air will be due more to this factor 
than to the lower final free-oxygen concentration. 12 
The oxide is most liable to conglomeration in the ini- 
tial stages after its formation. Oxygen pressure and 
temperature during the hardening are much more 
important than afterwards. 

The decrease of v with increase of c, will be 
partly responsible for the fact that e.g. Cu with 
0.35 pct Be gives about the same oxidation hardening 
as Cu with 0.2 pct Be. 

The formation of inner oxide films mentioned in 
the introduction is not only enhanced by greater depth 
below the surface, but also by lower oxygen pres- 
sure in the case of silver alloys.*»® 
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Purification Reactions of Tantalum During 


Vacuum Sintering 


The purification of commercial-purity tantalum powder by 
vacuum sintering in the temperature vange 2600° to 2860°C has 
been investigated. Mixtures of tantalum oxide and tantalum carbide 


were sintered at 1800° and 2200°C. Tantalum bars containing 1 pct 
additions of oxygen, nitrogen, and carbon were sintered in the 
range 1800° to 2600°C. Analyses were conducted on the sintered 
mixtures to determine the extent of removal of oxygen, nitrogen, 
and carbon at each sintering condition. The mechanism for remov- 
al of each impurity, and the conditions necessary for preparing 
ductile tantalum by vacuum sintering are discussed. 


Inrerest in the refractory metals has been stimu- 
lated in recent years by the need for structural ma- 
terials capable of operating at temperatures of 1100C 
and higher. These metals include columbium (nio- 
bium) (mp 2468°C), molybdenum (mp 2620°C), tan- 
talum (mp 2996°C), rhenium (mp 3160°C), and tung- 
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sten (mp 3415°C). In addition to its high melting 
point, tantalum possesses the advantages of forming 
a solid, nonvolatile oxide at temperatures of interest 
and of being ductile and easy to fabricate. 

The classic method of consolidating tantalum from 
powder refined from the ores is by vacuum sintering 
at temperatures on the order of 2600°C. This sinter- 
ing treatment both densifies the compacted powder 
bars and purifies the metal by causing impurities to 
boil out. The present work was undertaken to provide 
more quantative data on the relationship between 
sintering conditions and purity and to determine the 
mechanisms of impurity removal. 
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Table |. Analysis of Tantalum and Tantalum Compound Powders 


Amount Present, Wt Pct 


Tantalum Tantalum Tantalum 


Tantalum Carbide, Oxide, Nitride, 
Element Metal TaC Ta,O, TaN 
Oxy gen 0.136 18.4 13S 
Carbon 0.09 6.19 
Nitrogen 0.013 8.61 
Hydrogen 0.0071 0.15 0.11 
Calcium <0.0001 
Copper <0.001 
Columbium 0.02—0.002 
Iron 0.004—0.0004 
Magnesium <0.0002 
Manganese <0.0005 


PREVIOUS WORK 


The sintering process for tantalum has been in- 
vestigated previously by Myers.” On the basis of 
changes in electrical resistivity, density, and weight 
with sintering temperature, Myers noted: evolution 
of hydrogen up to 650°C, commencement of sintering 
at 1200°C, evolution of CO, oxygen, and nitrogen, at 
1900°C and higher, and volatilization of tantalum 
metal above 2450°C. 

The removal of the impurities carbon, oxygen, and 
nitrogen has been further studied in other work. 
Titterington and Simpson” report that CO evolution 
occurs at 1400° to 1600°C, in contrast to the 1900°C 
temperature cited by Myers. 

The temperature range over which oxygen is re- 
moved from tantalum has been reported as 1925° to 
2300°C,°’* in agreement with the results of Myers. 

Nitrogen removal from tantalum was investigated 
by Andrews 4 who indicated that nitrogen is evolved 
above 1800°C in vacuum as nitrogen gas. 

Tantalum carbide, TaC, is quite stable in vacuum 
up to its melting point, 3800° to 3900°C.? 

The rate of volatization of tantalum metal in vacu- 
um was measured by Myers as 9.4 mg per (em’”)(hr). 
This rate is of the same order of magnitude as the 
rate of 5.05 mg per (cm’)(hr) calculated from the 
evaporation data of Langmuir and Malter’ and Ed- 
wards et al. 


EXPERIMENTAL TECHNIQUE 


The materials used in this work included Type-268 
tantalum powder (325 mesh), tantalum carbide (200 
mesh), and high-purity tantalum oxide (200 mesh) 
obtained from the Fansteel Metallurgical Corp., and 
tantalum nitride powder obtained from A. D. Mackay 
and Co. Analysis of these materials is given in 
Table 1. 

Weighed portions of powder were prepared for 
sintering by pressing at 30 tsi into 1/2 by 1/2 by 7 
in. and 1/4-by 1/4-by 6-in. bars. After pressing, the 
bars were présintered for 2 hr at 1200°C under a 
pressure of 0.5 yu. 

The majority of the sintering experiments were 
conducted in a self-resistance vacuum sintering bell. 
Temperatures were obtained by an optical pyrometer 
and were corrected to black-body conditions and for 
sight-glass transmission losses. The temperatures 
are believed accurate to + 20°C. 
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The second type of furnace, in which the carbide- 
oxide mixtures were sintered, consisted of a resist- 
ance-heated tungsten tube contained in an evacuated 
bell. Samples were positioned axially in the center 
of the element tube and could be heated to 2200°C in 
this furnace. 

The schedule adopted for evaluation of the various 
sintering treatments included sintering under the 
selected conditions, cold rolling 20 pct, resintering 
for 1/4 or 1 hr at the original sintering temperature, 
and final cold rolling to 80 pct after the resinter. 
Heating time for the first sinter was slow (2 to 3 hr) 
so that entrapped gases could escape without causing 
blisters, while about 1 hr of heating was required to 
reach temperature for resintering. Evaluation of the 
bars was based on analyses, microstructure, hard- 
ness, and fabricability after the various sintering 
treatments. 


EXPERIMENTAL RESULTS AND DISCUSSION 


Emissivity and Melting Point of Tantalum—Three 
preliminary sintering experiments were performed 
in order to check the emissivity and melting point of 
tantalum. Three sintered 1/2- by 1/2- by 7-in. tan- 


talum bars were drilled to a depth of 0.3 in. with 1/16- 


or 3/32-in. drills. The bars were then reheated 
slowly and the relationship between black-body and 
apparent temperature determined by comparing the 
surface and hole temperatures. The relationship, 
shown in Fig. 1, compares well with values calculated 
from the data of Malter and Langmuir.’ 

An additional correction for the porthole sight 
glass was calculated by the method described by 
Dike. 

Two melting-point determinations gave values of 
2971°C and 3020°C. The average melting point of 
2995° + 25°C is in good agreement with the value of 


Apparent Temperature, F 
1000 1500 2000 2500 3000 3500 4000 4500 _ 5000 
T T T | i T T T 
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2 2000 
800 —=1500 
@ Experimental values, this work 
— Calculated values from emissivity +1000 
ir (7 
400 data of Malter and Langmuir 
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Apparent Temperature, C 
Fig. 1—Relationship of apparent and true temperatures of 
tantalum heated in vacuum. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


| 
| 

| 
| 
| 
| 
| 
| 
| 
| 
| 
| 


2) 

(= 

= 

3000 

2500 

oor 
2000 

1500 


Legend 


x Temperature 
Pressure 


Temperature, 
re) 


) 40 80 120 160 200 240 280 320 
Time , minutes 


Fig. 2—Fluctuation of pressure as temperature is raised 
during sintering of a 1/2 by 1/2 by 7-in. bar of tantalum 


_ 2996°C reported by Malter and Langmuir.’ Hardness 
of the melted metal was 97.1 Vhn and subsequent 
analyses which gave <0.0005 pct O and 0.001 pct N 
indicated that this metal was of high purity. 

Sintering of Unalloyed Tantalum Powder—The sin- 
tering of unalloyed tantalum powder was investigated 
at sintering temperatures of 2600° and 2750°C, sin- 
tering times of 1/4 to 4 hr, and on bar sizes of 1/4 
by 1/4 by 6 in. and 1/2 by 1/2 by 7 in. 

A typical graph of pressure fluctuation during sin- 
tering of a bar at 2750°C is presented in Fig. 2. 
After degassing the bar for about 2 hr in the 1900° 
to 2100°C range, the temperature was raised slowly 
to the desired sintering temperature, after which the 
pressure decreases with time. 

Sintering data for eight bars are given in Table II. 
The data show that the final pressure during sinter- 
ing decreases and the densities increase as the sin- 
tering time or temperature increases. The decrease 
in pressure with time and temperature results from 
decreasing vapor pressure of impurities as their 
concentrations in the bar are reduced. The densities 


of the bars after the initial sinter are relatively low, 
ranging from 78 to 87.3 pct of the theoretical density, 
16.6 g per cc. The low densities of the bars affected 
the hardness values to such an extent that the hard- 
ness reflected density rather than purity. 

Resintering at the same temperature as the initial 
sinter resulted in higher densities, 87.1 to 92.5 pct, 
and slightly increased hardnesses. The hardnesses 
after resintering are not, however, considered indica- 
tive of purity. 

The condition of the bars after cold rolling follow- 
ing resintering correlated well with sintering con- 
ditions. The fabricability improved with increasing 
sintering time and was superior for the smaller bars, 
reflecting better purification with longer sintering 
times and smaller cross sections. 

Chemical analyses were performed on each bar 
after sintering to determine the effects of sintering 
conditions on impurity content. These data are given 
in Table III. 

The final levels of all four impurities which were 
analyzed, oxygen, carbon, nitrogen, and hydrogen, 
decreased with increasing sintering time and increas- 
ing sintering temperature. Comparison of data for 
the 1/4- and 1/2-in.-sq. bars suggests that the 
smaller bars were purified to a slightly greater 
extent than the larger bars. 

Weight losses for each sintering condition were 
calculated and compared to the actual weight losses. 
The calculated values, assuming carbon removal as 
CO, oxygen as TaO, and nitrogen and hydrogen as 
N, and H,, respectively, run lower than the actual 
weight losses, but are of the proper order of magni- 


‘tude. The differences could result from removal of 


oxygen by an oxide lower than TaO, or by an error 
on the low side of about 200 ppm in the original oxy- 
gen analysis of the starting powder, both of which 
would decrease the calculated weight losses. 

Micrographs of 1/2-in. sq. bars after sintering at 
2600°C are shown in Fig. 3. Sintering for 1/4 or 1 hr 
produces a porous structure containing small round 
impurity particles believed to be oxide. Sintering 
for 4 hr improves the density slightly and removes 
all but traces of the impurity particles. 

These experiments indicate that workable 1/2-and 
1/4-in. bars of reasonably good purity can be obtained 


Table II. Sintering Data for Unalloyed Tantalum Powder Bars 


First Sintering Treatment? 


Second Sintering Treatment 


Final Hard- Fabricability Final Hard- Fabricability 
Time, Temp, Pressure, Density, ness, Reduc- Time, Temp, Pressure, Density, ness, Reduc- 
Hr AG Pct  Vhn_ tion, Pct Results Hr Pet Vhn tion, Pct Results 
¥%, by 4 by 7-In. Bars 
th 2600 - 0.38 81.7 78 20 Good % 2600 0.38 87.1 88 36 Heavy edge cracks 
1 3 2600 0.27 84.0 80 20 Good 1 2600 0.17 91.0 82 81 Light edge cracks 
4 2600 0.20 87.3 81 20 Good 1 2600 — 0.26 92.3 86 80 Very light edge cracks 
‘h 2750 0.30 82.6 71 20 Good vs 2750 0.10 90.8 88 80 Moderate edge cracks 
2750 0.12 85.9 76 27. ~+=Edgecracking (not resintered) 
by by 6-In. Bars 
qi 2600 0.22 78.0 64 13. Edge cracking (not resintered) 
‘ 2600 0.16 81.6 52 20 Good 1 2600 0.24 88.2 58 80 Very light edge cracks 
4 2600 0.10 83.0 58 20 Good it 2600 0.10 88.6 60 80 Very light edge cracks 


4AJ] bars were initially pressed at 54,000 psi and vacuum presintered for 2 hr at 1200°C. The as-pressed densities ranged from 71 to 73 pct of 


theoretical and were not significantly changed by presintering. 
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by sintering at 1 to 4 hr at 2600°C and resintering 
for 1 hr at 2600°C. The total oxygen and nitrogen 
contents after sintering at 2600°C approximate 50 to 
100 ppm for the more fabricable bars. 

Tantalum Oxide-Carbide Reaction—The reaction 
of tantalum oxide with tantalum carbide was investi- 
gated by preparing oxide carbide mixtures with oxy- 
gen/carbon atomic ratios varying from 0.63 to 1.28, 
and vacuum sintering 4 hr at 1800° and 2200°C. Sin- 
tering data on these bars are presented in Table IV. 

Considerable degassing occurred during sintering 
of these bars, as seen in Fig. 4. The pressure showed 
a significant increase on raising the temperature to 
1400°C and remained high until the sintering temper- 
ature of 2200°C was reached. The reaction between 
-Ta,O, and TaC thus begins at about 1400°C and evo- 
lution of CO continues to at least 2200°C. 

The initial ratio of oxygen to carbon has a signi- 
ficant effect on the final composition of the sintered 
bars and on their properties. Bars with low initial 
O/C ratios generally contained appreciable carbon 
after sintering, while bars with high initial O/C 
ratios contained less carbon after sintering. This 
relationship is shown in Fig. 5. At 1800°C, the oxide- 
carbide reaction is the only reaction occurring to an 
appreciable extent. This reaction may be written as 


Fig. 3—Effect of sintering time at 2600°C (4710°F) on the microstructure of tantalum. (a) After 1/4-hr sinter. (6) After 
1-hr sinter. (c) After 4-hr sinter. X250. Reduced approximately 32 pct for reproduction. 


C. (in + Ta) = CO; 
The equilibrium relation for this reaction, 


indicates that the equilibrium concentration of carbon 
and oxygen should vary inversely with each other, 

as observed at 1800°C. At 2200°C, volatilization of 
a tantalum oxide also occurs, resulting in the remov- 
al of excess oxygen from bars with high initial o/c 
ratios. 

Weight losses were calculated for each sintering 
condition from analyses before and after sintering 
and are compared to the measured weight losses in 
Table IV. The calculated weight losses were com- 
puted as for the unalloyed bars except that oxygen 
was assumed lost as Ta2O,; rather than TaO. This 
gives a better correlation with the measured weight 
gains and suggests that Ta,O; is evolved when the 
oxygen content is high and TaO when the oxygen 
content is low. 

Micrographs of selected carbide-oxide mixtures 
sintered at 2200°C are shown in Fig. 6. The dark 
areas in each structure aré voids. Second-phase 


Table Ill. Effect of Vacuum Sintering Treatment on Purification of Unalloyed Tantalum Powder? 


First Sintering Treatment 


Second Sintering Treatment 


Sintering Sintering 
Conditions _ Impurity Content, Weight Loss, Conditions Impurity Content, Weight Loss, 
Time, Temp, Ppm Pct Time, Temp, Ppm Pct 
Hr N H Actual Calculated> Hr N Actual Calculated? 


% by % by 7-In. Bars 


Va 2600 216 100 90 4.3 0.55 0.29 


1 2600 35 90 40 3.0 0.65 0.50 
4 2600 24 100 30 1.5 0.73 0.53 

%, 2750 102 70 80 2.9 0.62 0.39 
i 2750 17 70 50 <0.3 0.72 0.50 
S 2860 <5 - 10 <0.6 - - 


if 2600 99 90 70 2.4 = 0.13 
gl 2600 15 - - 0.8 0.06 - 
1 2600 17 50 30 <0.8 0.06 0.01 
2750 - - - 0.07 ~ 


(not resintered) 
(not resintered) 


by by 6-In. Bars 


%, 2600 110 30 80 4.0 0.61 0.33 
1 2600 49 20 60 12 0.77 0.39 
4 2600 56 50 20 <0.2 0.87 0.43 


(not resintered) 
1 2600 - 50 40 - 0.26 = 
1 2600 52 10 10 <0.2 0.66 <0.01 


pPowder contained 1360 ppm O, 900 ppm C, 130 ppm N, and 71 ppm H. 


Calculated weight losses are based on carbon removal as CO, excess oxygen as TaO, nitrogen as N,, and hydrogen as HS. 
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Table IV. Sintering Data for Tantalum Oxide—Carbide Mixtures 


Sintering Conditions 
Final 


Atomic Composition, 


Weight Loss, 


Ratio Time, Temp, Pressure, Wt Pct® Pet Density Hardness ean 
0/C Hr O Actual Calculated® | Vhn Area, Pct 
0.63 - 4.04 4.81 47.6 - 

4 1800 0.4 - 1.29 12:7. (7.56)4 58.2 82.2 - 

4 2200 0.09 - 1.85 6.98 (7.02)4 75.6 130 Cracked at 10 pct 
0.74 = 4.54 4.61 46.9 = = 

4 1800 0.4 0.0350 1.85 2.33 9.12 57.8 47.1 - 

4 2200 0.09 0.0079 1.20 8.17 794 72.5 91.5 Rolled 20-pct 
0.94 = = 5.45 4.33 = 45.2 = 

4 1800 0.4 0.325 1.18 9.43 10.35 58.7 97.8 - 

4 2200 0.09 0.0074 0.38 10.1 SOT. 66.4 41.8 Rolled 20 pct 
1.26 = 6.61 3.93 — - - - 

4 1800 0.1 1.94 0.18 13.2 8.42 58.7 169 - 

4 2200 0.03 0.0046 0.04 18.4 Eve 60.8 78 - 


b 


“Density is reported as per cent density of pure tantalum, 16.6 g/cc. 


“Initial compositions calculated from analyzed compositions of component powders. F 
Weight losses were calculated from initial and final compositions assuming carbon loss by CO and excess oxygen loss, if any, as Ta,O,. 


Values in parentheses are estimated on basis of complete oxygen removal as CO, since final oxygen analyses were not obtained. 


carbide and oxide are seen in Figs. 6(@) and 6(d), 
while Fig. 6(c) shows the surface-to-center change 
_ in carbon concentration. 

The existence ofa surface-to-center compositional 
gradient suggests that diffusion of the reactants to 
the surface is the rate-controlling reaction. Diffu- 
sion rates are not available for carbon in tantalum 
but its high activation energy for diffusion (39.6 kcal 
per g mol” compared to 27.3 for oxygen’) and its 
larger atom size suggest that it would diffuse slower 
than oxygen and thus would be rate-controlling. 


Sintering of Tantalum Powder Containing Intention- 


al Impurities—Seven bars of tantalum were prepared 
containing intentional additions of 1 wt pct O, C, and 
N. These were sintered at temperatures ranging 
from 1800° to 2600°C to determine the effects of 


sintering conditions on the removal of each impurity. 


The sintering conditions and analyses of each bar 
given in Table V. £ 
Fig. 7 compares the results of sintering for 2 hr 


at various temperatures on the residual oxygen, car- 


bon, and nitrogen contents. Both oxygen and nitrogen 
contents decrease rapidly with increasing sintering 
temperature, although nitrogen removal requires a 
slightly higher temperature than does oxygen. Good 
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Fig. 4—Fluctuation of pressure as temperature is raised 
during vacuum sintering of Ta,O;-TaC mixtures with O/C 
ratios of 0.63, 0.74, and 0.94. 
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Pressure, microns 


correlation between calculated and measured weight 
losses was obtained by assuming oxygen removal by 
Ta,O;, in agreement with the earlier suggestion that 
oxygen volatilizes from oxygen-rich bars as Ta2Os. 

A small amount of carbon was removed at 2000°C 
by reaction with the oxygen present in the tantalum 
powder, but very little further reduction in carbon 
content occurred at this and higher temperatures. 
This confirms the expected stability of carbon in 
tantalum in the absence of oxygen. - 
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Fig. 5—Effect of initial oxygen/carbon ratio on oxygen and 
carbon contents of Ta,O;-TaC mixtures sintered for 4 hr 
at 1800° and 2200°C. 
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Fig. 6—Microstructure of sintered oxide-carbide mixtures. (a) O/C ratio 0.63, sintered 4 hr at 2200°C, typical inter- 
ior microstructure. X250. (b) O/C ratio 1.26, sintered 4 hr at 2200°C, typical interior microstructure. X250. (c) O/C 
ratio 0.63, sintered 4 hr at 2200°C, illustrating smaller amount of carbide at surface. X100. Reduced approximately 52 


pet for reproduction. 


Calculated weight losses are compared with actual 
weight losses in Table IV. The agreement is fairly 
good with oxygen and carbon-containing bars but 
erratic for nitrogen-containing bars, possibly reflec- 
ting an inaccurate oxygen analysis on the TaN. It is 
concluded that weight loss data are in satisfactory 
agreement with the suggested removal reactions. 

Density measurements on these bars after sinter- 
ing indicate that the densities are affected by gases 
evolving from the bars. The carbon alloys, which 
evolved very little gas, sintered to the highest densi- 
ties. The oxygen alloys, which evolved a tantalum 
oxide during sintering, had appreciably lower densi- 
ties than the Ta-C bars. The nitrogen alloys had the 
lowest densities, as gases were Still evolving from 
these alloys at 2600°C. 


CORRELATION OF DIFFUSION RATES, SOLUBILI- 
TIES, AND SINTERING TIMES 


The decrease in oxygen and nitrogen contents with 
increasing sintering times and temperatures suggests 
that the removal of these elements is diffusion con- 
trolled, and that the solubilities at a given pressure 
decrease with increasing sintering temperature. 


The degree of outgassing for these two gases was 
calculated as a function of their diffusion rates using 
the following expressions which relate to outgassing 
from an infinite cylinder:”* 


Co-Cm_ _ 2.256 vDt (at short times) and, 


Pl _ _0.6375-0.3988 log 1-|Co—C™m \ (at long times), 
L 

0 
where: 


C, = initial uniform gas concentration 
Cy, = mean gas concentration at time ¢ 
gas concentration at surface during degassing 
= diffusion coefficient, em’/sec 
= time, sec 
= radius of cylinder, cm 

In these calculations, Cs for nitrogen was extra- 
polated from the lower temperature data of Andrews* 
and C, for oxygen was estimated from the data pres- 
ented in Fig. 7. The diffusion coefficients of oxygen 
and nitrogen in tantalum are given by Ang.’° 

The experimental and calculated bar compositions 
after sintering at 2600°C are compared in Fig. 8. 


| 


Table V. Sintering Data for Tantalum-Impurity Alloys 


Sintering Conditions 


Calculated Starting Final Weight Loss, 
Nominal Composition® Pres- Final Composition, Pct Density, 
Composition, Wt Pet Time, Temp, sure, Wt Pct 

Wt Pct N H Hee, ane O Cc N H tual lated? Initial Final Fabricability® 
TA-10 1.14 0.08 0.01 0.15 2 1800 0.2 0.69 - - <0.001 2.97 2.28 71.5 67.7 Not attempted 

-10 1.14 0.08 0.01 0.15 2 2300 0.2 0.0600 0.002 — 0.00034 5.42 5.76 70.2 70.5 Good 

—10 1.14 0.08 0.01 0.15 2 2600 0.09 0.0058 0.003. — 0.00005 5.70 6.06 71.2 77.3~ Good 
-—0.7049 0.69 - - <0.001 2 2600 0.06 0.0027 — - 0.0004 3.48 3.80 67.7 78.6 Not attempted 
TA-1C 0.12 1.08 0.01 0.007 2 2000 0.08 0.0183 0.93 — 0.00109 0.33 0.27 69.7 74.3 Cracked at 10 
pet reduction 

-1C 0.12 1.08 0.01 0.007 2 2300 0.15 0.0102 0.92 — 0.00121 0.52 0.28 68.6 80.2 Good 

-1C& 0.0183 0.93. — 0.00109 2 2600 0.07 0.0030 0.90 — 0.00058 0.15 0.05 74.3 87.2 Good 
TA-—1N 0.274 0.08 1.01 0.11 2 2000 0.41 0.4850 — 0.67 <0.0010 2.53 0.45 61.5 63.0 Cracked at 10 
pet reduction 

0:08) 1.01 0.11 2300 0.0290 — 0.10 <0.0002 2:37 6155. (65.5= (Good 

—0.7N© 0.485 — 0.67 <0.001 2 2600 0.09 0.0740 — 0.013 0.00132 3.17 2.93 63.0 67.4 Good 


“Composition calculated from analyses of component powders. Analyzed 


composition given in three cases as noted. 


Calculated weight losses based on carbon removal as CO, excess oxygen as Ta,O,, nitrogen as N,, and hydrogen as He 


°Fabricated by cold rolling to a total reduction of 20 per cent. 


4Compositions determined by analysis; bar previously sintered 2 hr at 1800°C. 
“Compositions determined by analysis; bar previously sintered 2 hr at 2000°C. 
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Fig. 7—Amount of impurity remaining in tantalum-impuri- 
ty alloys after sintering for 2 hr. 


Agreement is reasonable in the case of 1/2-in. bars, 
but the analyzed compositions of the 1/4-in. bars are 
slightly higher than the calculated values, especially 
for oxygen. Sources of possible error in the calcu- 
lations include variation of gas solubility with pres- 
sure, effects of porosity, and application of diffusion 
equations relating to a single-phase cylinder to 
polyphase square bars. However, the general agree- 
ment between calculated and experimental values 
weighs in favor of the assumption that diffusion in 
the bars is rate-controlling during removal of oxygen 
and nitrogen. 

The critical impurity appears to be nitrogen, since 
it diffuses appreciably slower than oxygen. An in- 
crease in original nitrogen content would signifi- 
cantly stiffen the sintering requirements to obtain 
the minimum interstitial level required. | 


SUMMARY AND CONCLUSIONS 


A study has been conducted on the sintering be- 
havior of commercial purity tantalum powder, mix- 
tures of TaC and Ta,O,, and tantalum powder con- 
taining intentional oxygen, carbon, and nitrogen ad- 
ditions. Emphasis was placed on study of the reac- 
tions by which oxygen, carbon, and nitrogen are re- 


moved. 

The first reaction to occur during vacuum heating 
of powdered tantalum is combination of carbon and 
oxygen to form CO. This reaction begins at 1400°C 
for TaC—Ta,O; mixtures and at 1900°C for metal 
powder bars. The reaction is slow and may be gov- 
erned by the diffusion rate of carbon in tantalum. 
An excess of the stoichiometric amount of oxygen 
must be present; otherwise carbon will remain in 
the bar. The carbon monoxide reaction is mostly 
complete at 2200°C. 
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Fig. 8—Comparison of experimental and calculated com- 
positions of tantalum bars after sintering at 2600°C. 


The second reaction to occur is volatization of 
excess oxygen as a tantalum oxide. This reaction 
begins at about 2000°C in the unalloyed bars and is 
rapid because of the relatively high diffusion rate of 
oxygen in tantalum at these temperatures. However, 
the oxygen solubility varies with both temperature 
and pressure so that temperatures on the order of 
2400°C and pressures of 0.2 ware required to lower 
the solubility to 100 ppm. Ta,O, appears to volatilize 
from oxygen-rich bars and TaO from low-oxygen 
bars. 

The third reaction to occur during sintering is 
evolution of nitrogen as N, gas. This reaction is also 
diffusion controlled and is appreciably slower than 
oxygen removal because of the lower diffusion rate 
of nitrogen in tantalum. Removal of 90 pct of the 
original nitrogen content from a 1/2-in. bar requires 
about 4 hr at 2600°C compared to 1/4 hr for oxygen. 
The nitrogen solubility in tantalum also varies with 
temperature and pressure. 

The oxygen and nitrogen contents of sintered tan- 
talum bars can be calculated with fair accuracy 
from a knowledge of diffusion rates, solubility vari- 
ations with temperature, initial powder composition, 
and sintering conditions. 


REFERENCES 


1R, H. Myers: The Sintering of Electrolytic Tantalum Powder, Metallurgia, 
1948, vol. 38, p. 307. 

2R, Titterington and A, G. Simpson: The Production and Fabrication of Tan- 
talum Powder, Symposium on Powder Metallurgy, The Iron and Steel Institute, 
London, 1956. 

8—, Gebhardt and H. Preisendanz: The Solubility of Oxygen in Tantalum and 
its Effect on the Properties, Plansee Proc., 1956, vol. 1955, p. 254. 

4M, R. Andrews: Reactions of Gases with Incandescent Tantalum, J. Am. 
Chem. Soc., 1932, vol. 54, p. 1845. 

5D. B. Langmuir and L. Malter: The Rate of Evaporation of Tantalum, Phys. 
Rev., 1939, vol. 55, no. 8, p. 748, 

6}, W. Edwards, H. L. Johnston, and P. E, Blackbum: Vapor Pressure of 
Inorganic Substances. IV. Tantalum between 2624 and 2943°K, J. Am. Chem. 
Soc., 1951, vol, 73, p. 172. 

7], Malter and D. B. Langmuir: Resistances, Emissivities, and Melting Point 
of Tantalum, Phys. Rev., 1939, vol. 55, no. 8, p. 743. 

8p, H. Dike: Temperature and Its Measurement, in High Temperature Tech- 
nology, Ed., I. E. Campbell, John Wiley and Sons, Inc., New York, p. 335, 1956. 

°R. W. Powers and M. V. Doyle: Carbon-Tantalum Internal Friction Peak, 
J. Appl. Phys., 1957, vol. 28, p. 255. 

10C, y, Ang: Activation Energies and Diffusion Coefficients of Oxygen and 
Nitrogen in Niobium and Tantalum, Acta Met., 1953, vol. 1, pe 123, : 

1, S. Darken and R. W. Gurry: Physical Chemistry of Metals, McGraw-Hill 
Book Co., Inc., New York, p. 447, 1953 


VOLUME 218, DECEMBER 1960-977 


The Preparation and Properties of Barium, 


Barium 


Telluride, and Barium Selenide 


Barium can be purified by equilibration with titanium. The 


melting point of barium was found to be 726.2° + 0.5°C. The 
room-temperature lattice parameters of BaTe and BaSe are 
7.004 +0.002A and 6.600 +0.002A. Melting points for BaTe 
and BaSe were found to be 1510° + 30°C and 1830° + 50°C, re- 


spectively. 


Hicx-purity barium and its compounds are difficult 
to prepare because of the reactivity of barium with 
the atmosphere and the large heats of formation of 
the compounds. Purification of barium by vacuum 
distillation,! and the preparation and properties of 
barium oxide? and barium sulfide? have been re- 
ported. However, little has been done on the homol- 
ogous compounds barium selenide and telluride. 


PURIFICATION OF BARIUM 


Distilled barium obtained from King Laboratories 
was used as the starting material. The analysis sup- 
plied with the metal showed the presence of: 0.4 wt 
pet Sr, 0.001 pct Mg, 0.02 pct F, 0.003 pct Cu, 0.005 
pct Na and less than 5 x 10-3 wt pet of any other 
metallic impurity. Analyses for oxygen and nitrogen 
were not available. Since there is evidence? that any 
barium nitride present in the starting material may 
decompose on distillation producing nitrogen which 
can contaminate the distillate, further purification 
was performed. 

At elevated temperatures, any nitrogen and oxy- 
gen present in barium should be removed by reaction 
with titanium. Assuming that the solubility of oxy- 
gen in liquid barium is negligible near the melting 
point of barium, any oxygen present will be in the 
form of BaO. Removal of oxygen from molten barium 
is expressed by the equation: 


TixOy = Bay]) Ti~Ovy +1)(S) 


where Ti,O, and Ti,Ovy ,,) are Solid solutions of 
oxygen in titanium. At 1000°C, the change in free 
energy for this reaction is negative for (y + 1)/x +y +1) 
x (100) < 17.5 at. pect O.5 Since reaction with com- 
mercially pure titanium (containing 0.07 wt pct oxy- 
gen) results in a free energy change for the reaction 
of —19 kcal per g-atom, slight solubility of oxygen 
in barium would not hinder the oxygen removal. 

Since comparable thermodynamic data are not 
available to permit calculation of the partition of 
nitrogen between liquid barium and titanium, a‘simi- 
lar quantitative relationship cannot be obtained. 
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However, on the basis of work by Kubaschewski and 
Dench,°® complete removal of nitrogen from liquid 
barium can be expected. Since the melting point of 
barium is depressed markedly by small additions of 
nitrogen,# the change in melting point during reac- 
tion of barium with titanium was used to follow the 
purification reaction. 


MELTING POINT OF BARIUM 


A 50-g sample of barium was sealed by arc weld- 
ing under argon into an all titanium crucible provided 
with a thermocouple well. The melting point of the 
sample was determined by thermal analysis, using a 
Pt/Pt-10 pct Rh thermocouple which was calibrated 
according to National Bureau of Standards specifica- 
tions. The crucible was then heated for 48 hr at 
950°C in vacuum and the melting point redetermined. 
This procedure was repeated until three successive 
thermal analyses agreed within +0.5°C, the limits of 
error of the analysis. The melting point increased 
from an initial value of 720.0°C to a final value of 
126.2°C. 

Analysis on samples quenched from 950°C gave a 
solubility value of 0.004 wt. pct Ti. Assuming that the 
titanium-barium phase diagram is similar to those 
of titanium-magnesium’ and titanium-calcium, ® the 
solubility of titanium in liquid barium decreases with 
decreasing temperature. Therefore, the solubility 
of titanium in liquid barium should be less than 0.004 
wt. pcetat the melting point (726°C), and the effect of 
dissolved titanium on the melting point would be 
negligible. Addition of up to 3 wt pct Sr does not 
Significantly change the melting point of barium,7 so 
that the effect of the 0.4 wt pct Sr in the starting 
material will also be negligible. 

The value of 726.2° + 0.5°C obtained for the melt- 
ing point of barium can be compared with a deter- 
mination carried out by Keller and coworkers in 
low-carbon steel crucibles,! who obtained a value of 
725°+ 1°C, using barium purified by fractional dis- 
tillation. The higher value obtained in the present 
investigation is indicative of the effectiveness of 
titanium in removing traces of nitrogen. 


PREPARATION OF BaTe AND BaSe 


The compounds were prepared by direct reaction 
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RESISTIVITY vs TEMPERATURE 
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Fig. 1—Resistivity vs temperature for BaTe and BaSe. 


of the two elements. Purified barium and semicon- 
ductor grade tellurium and selenium (99.999+ pct) 
were uSed as the starting materials. Since tellurium 
and selenium react with metals, and barium tends to 
reduce refractory oxides, high purity reactor grade 
graphite crucibles were used. The crucibles were 
outgassed in vacuum at 1000°C for 4 hr prior to use. 
The crucibles were charged with the reactants and 
then sealed separately into iron bombs in an argon 
atmosphere dry box. The bomb was then placed in a 
furnace and heated in vacuum to the melting point of 
tellurium or selenium. Rapid reaction occurred upon 
melting, and the heat of formation raised the temper- 
ature above the melting point of the compound. Sound 
nonporous polycrystalline ingots were obtained. 


PROPERTIES OF BaTe AND BaSe 


Debye-Scherrer powder diffraction patterns, taken 
in a 114.6 mm diameter camera using filtered CuKa 
radiation, confirmed the Bl (NaCl) structure for both 
The lattice parameters obtained were 

= 7.004 + 0.002A for BaTe and a, = 6.600 + 0.002A 
Ae BaSe. These values can be compared with those 
reported by Goldschmidt:® a, = = 6.99A for BaTe and 
a, = 6. 58A for BaSe. The ionic radii of nitrogen and 
oxygen are smaller than those of tellurium and selen- 
ium, so that solution of these impurities in the com- 
pounds would tend to reduce the lattice constant. The 
higher values obtained in the present investigation 
can therefore be attributed to higher purity. No ex- 
traneous lines were found in the X-ray pattern, in- 
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dicating that carbon pickup during reaction was in- 
Significant. 

The melting points of the compounds were deter- 
mined by direct visual observation. Specimens 
weighing about 1 g were placed on a tungsten strip 
resistance heater in an evacuated chamber?® and 
melting was observed through a quartz window. In 
vacuum, both the BaTe and BaSe specimens evap- 
orated completely in less than 15 sec at 1300°C. 
Introduction of argon corresponding to 600 mm Hg 
at temperature retarded vaporization sufficiently to 
permit observation of the sample for several -min- 
utes. In addition to direct sighting through an optical 
pyrometer the melting point of the sample was de- 
termined by comparison with those of elements 
placed on the heater next to the compound. The 
melting point of BaTe as measured with the optical 
pyrometer was 1500° + 50°C. BaTe remained solid 
at the melting point of cobalt (1480°C) but was ob- 
served to melt before iron (1535°C). The melting 
point of BaSe, obtained by means of pyrometer sight- 
ings, was 1850° + 75°C. Comparative observations 


placed the melting point between that of platinum 
(1773°C) and zirconium (1857°C); melting of BaSe 
occurring almost simultaneously with zirconium. 
On the basis of these observations the respective 
melting points of BaTe and BaSe were fixed at 
1510° + 30°C.and.1830° + 50°C. 

The electrical resistivity for a BaTe and a BaSe 
specimen was determined as a function of tempera- 
ture using the two probe method. A Kepco dc con- 
stant voltage supply was the power source and the 
current through the sample was measured with a 
Millivac micro-microammeter. To eliminate cur- 
rent leakage through the alumina insulation at ele- 
vated temperatures, the insulation was preheated 
at 1000°C for 8 hr. To exclude the possibility of 
thermionic emission from the sample, the specimen, 
was placed at 90 v positive with respect to ground. 
The room-temperature resistivity of the samples 
was highly dependent upon conducting moisture and 
hydroxide layers on the surface; the samples were 
therefore heated for four hours at 400°C in vacuum 
to convert these layers to nonconducting oxides. 

The variation of resistivity with temperature in 
the range from 300° to 830°K is shown in Fig. 1. 
The room-temperature resistivity of the BaTe 
specimen was 7 X 10’ ohm-cm and that of the BaSe 
sample was 3 x 10!° ohm-cm. 

The graph shows a continuously increasing slope 
with increasing temperature. According to Pell” 
the carrier mobility of BaO increases from about 
3 cm?/v-sec at low temperatures to about 5 cm?/v- 
sec at high temperatures. If we assume that the 
variation of mobility with temperature for BaSe and 
BaTe will not be greatly different from that of BaO, 
we can conclude that the large decrease in resistivity 
with increase in temperature must be due to an in- 
crease in carrier concentration. 

The large room-temperature resistivities suggest 
that the bandgaps are large, consistent with the op- 
tical absorption and photoemission data of Zollweg** 
which inducate that the bandgaps of BaTe and BaSe 
are of the order of several electron volts; the con- 
ductivity observed must therefore be due to ionized 
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the assistance of Mr. C. Andersson who determined 


impurities. Because of the curvature of the log re- 
the melting points of the barium samples. 


sistivity vs 1/7 graph, a definite ionization energy 
could not be calculated, but from the slope of the 
curve at low temperatures, the impurity ionization 
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Self-Diffusion in Alpha Iron 


The self-diffusion coefficients for a iron have been deter- 
mined between 980° and 1167° K using Fe* as the tracer. With 
decreasing temperature the diffusivity was found to decrease 
more vapidly than predicted by the Arrhenius equation in the re- 
gion of the Curie temperature. The diffusion coefficients obtained 
well above the temperature of the magnetic transformation are 
more precise and differ substantially from all the previously re- 


ported values. In the temperature region beginning at least 50° 
above T., the diffusion coefficient is given by D = 118 (+2) exp 


(-67240/RT) cm sec™}. 


Tue self-diffusion coefficients for qa iron have been 
reported previously as the result of four independent 
investigations.'*"* The general lack of agreement and 
the poor precision of most of the previous work 
prompted the redetermination by the present authors. 
The possible effect of the onset of ferromagnetism 
upon the diffusivity® provided an additional impetus 
for this investigation. The earlier measurements of 
Birchenall and Mehl! gave low values for the diffusion 
coefficient at temperatures below the Curie temper- 
ature, 7’.. However, the precision of these ineasure- 
ments is not sufficient to establish an indisputable 
correlation between the low values and the magnetic 
transformation. The results of this investigation 
along with all the previous ones are shown in Fig. 1. 


EXPERIMENTAL 


Small rectangular samples, approximately 1 by 
0.5 by 0.3 cm, of high-purity iron (Vacuum Metals 
Corp., ‘‘Ferrovac’’) are first heated in hydrogen at 
900°C for 24 hr in order to remove possible trace 
amounts of dissolved carbon and oxygen. The small 
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Fig. 1—Published values of self-diffusion coefficients in 
airon. The cross-hatched rectangle covers a group of 


points obtained at Carnegie Institute of Technology on very 
coarse grained iron in 1950, but not published. 
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Fig. 2—Typical diffusion penetration curves at two tem- 
peratures. Counts per minute corrected for background, 
coincidence and absorption vs distance in microns squared. 


specimens are then strained in a rolling mill and 
annealed at 825°C. The resulting material is coarse 
grained, the individual grains having an average di- 
ameter of about 3 mm. The individual samples are 
mounted on a piston which fits snugly into a massive 
cylinder. Thus held, the opposing faces are ground 
parallel on emery paper. Fe tracer is evaporated 
in vacuum onto a single face of the sample which is 
then sealed in a vycor ampoule with a 0.3 atm. pres- 
sure of He. The diffusion anneal is made using a 
resistance wound furnace controlled by a potentio- 
metric controller with the control thermocouple on 
the furnace windings. The ampoule sits in a 4-in.- 
long stainless steel buffer with radiation shields at 
both ends. The temperature is measured using a 
Pt-Pt-10 pct Rh thermocouple in contact with the 
ampoule. The axial temperature gradient within the 
buffer is less than 0.1°C. The temperature is con- 
trolled to +1.0°C during a diffusion anneal. 

After the diffusion anneal, the samples are 
mounted and sectioned using the same holding device 
that was initially employed to obtain parallel faces. 
The thickness of the section removed is calculated 
from the weight loss measured on a semimicro bal- 
ance. The diffusion sample is not demounted between 
sectionings but is weighed in place along with the 
pistons. Sections of average thickness from 1 to 7 u 
are removed in this manner with good accuracy. 
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For a complete description of this method including 
the attendant errors see the paper of Eisen and 
Birchenall.® 

The residual radioactivity in the specimen is 
measured with an end window Geiger counter after 
the removal of each section. The edge of the face 
is shielded during counting with lead foil in order 
to eliminate complicating edge effects. Great care 
is taken to maintain reproducible counting geometry 
as even Slight variation of alignment can introduce 
recognizable errors. 


RESULTS 


The activity measured through a given surface on 
the sample originates from depths greater than each 
grinding step removes, but it is necessary to find 
the activity removed with each section. If the activ- 
ity from the surface before removal of a layer is 
Ay» and after removal of a section of thickness AX 
is Aj, the contribution to Ay which originated in the 
layer removed, A,, is given by 


Y =A, [1] 


where the absorption coefficient 1 has been adjusted 
for the exact counting geometry by obtaining the best 
fit for a good experimental penetration curve (as in 
this case) or by the method of Condit and Birchenall? 

The activity counted from Section A, can be re- 
lated to the mean relative activity in the section, A, 
by the equation: 


[2] 


if the section is thin compared with the half-thick- 
ness of the radiation. 

The logarithm of the relative specific activity of 
the section, A/Ax, is plotted against the square of 
the distance from the initial surface to the section, 
x*, and the slope of the resulting straight line is re- 
lated to the diffusion coefficient through the solution 
of Fick’s law appropriate to the boundary conditions 
employed: 


where ¢ is the time of the diffusion anneal. The 
relative specific activity is proportional to Gf Ces 

With this procedure D is remarkably insensitive 
errors in pu. Conversely the effective value of y can 
be found with only fair precision by fitting the best 
data available. For the geometry used here a value 
of 95 mg-cm~? is used, which is appreciably less than 
the value appropriate with collimated radiation.’ The 
surface activity methods employed in earlier in- 
vestigations'“* are very sensitive to errors in the 
value of 

Fig. 2 shows typical penetration curves which 
demonstrate the relatively better precision obtained 
for the diffusion measurements made at higher tem- 
peratures. The results are summarized in Table I 
and log D is plotted against the reciprocal of the 
absolute temperature in Fig. 3. The most interesting 
feature revealed by Fig. 3 is the anomalous decrease 
in D beginning about 50°C above T¢. 

Two points at 759.7°C were obtained from opposite 
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Table |. Self-Diffusion Coefficients in Alpha Iron 


Ke tx 10° (sec) D(cm?—sec™) 
893.8 8.570 6.03 3.05 x 10-3 
844.8 8.943 8.57 8.54 x 107? 
827.9 9.082 15.24 5.35 x 1071? 
796.0 9.353 12.02 2.00 x 10-12 
783.6 9.462 22.75 1.22 x 107? 
775.5 9.536 34.38 9.44 x 10-3 
765.0 9.634 34.38 5.56 x 107" 
759.7 9.681 61.31 4.57 x 10713 
759.7 9.681 61.31 4.16 x 10773 
759.7 9.681 61.31 3.61 x 107"? 
736.0 9.910 58. 10 1.45 x 
736.0 9.910 58.10 107"? 
706.7 10.200 61.34 
706.7 10.200 61.34 


faces of the same sample in spite of the fact that 
activity was vapor deposited only on one face. The 
very close similarity of the two penetration curves 
demonstrated that the activity diffused over the sur- 
face to cover it with a nearly uniform layer ina 
time which was short compared with the time of 
diffusion. In order for the activity to spread sub- 
stantially at all, the ratio of surface diffusivity to 
volume diffusivity must be very large. This ratio 
increases with decreasing temperature, so the speci- 
mens run at lower temperatures presumably show 
the same effect, although the back faces were not 
sectioned. 

An autoradiograph on a sectioned low-temperature 
specimen showed an amount of activity remaining 
in the grain boundaries too small to affect the vol- 
ume diffusion measurements appreciably. 


DISCUSSION 
Applying the Arrhenius equation 
D = De-WkT [4] 


to the diffusivities obtained at the four highest tem- 
peratures, the activation energy, Q, is found to be 
67.24 kcal per g atom. A rate theory expression for 
D has been derived by Zener® 


D = fya’vexp (AS/R) exp (-Q/RT) [5] 


where f is the correlation factor introduced by Bar- 
deen and Herring® and evaluated to be 0.721 for bcc 
lattices by Compaan and Haven,*® y is a geometri- 
cal factor which is unity for self-diffusion by a de- 
fect mechanism in cubic lattices, a is the lattice 


parameter, AR is the gas constant, T is the absolute 
temperature, and v is the vibration frequency in the 
direction of possible jumps. In calculating the en- 
tropy of activation, AS, from Eq. [5] v has been cal- 
culated from k 6/h, where k is Boltzman’s constant 
and h is Planck’s constant. Probably the use of the 
Debye temperature, 6), yields too low a frequency 
(and too high a AS), while the diffusion temperature, 
IT, would give too high a frequency. Consequently, 


Eq. [5] is best regarded as useful for purposes of cor- 


relation, and the significance of the calculated values 
of the entropy should not be overestimated. Dy and 
AS values for the highest temperatures are given in 
Table II. Only the values at the three highest tem- 
peratures are included in the averages, because the 
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Fig. 3—The experimental results of this investigation 
showing their relation to the Curie temperature for ferro- 
magnetism. 


lower temperatures appear to show the beginnings 
of the systematic trend associated with the Curie 
point anomaly. The high temperature value of @ 
has been used as a constant in this calculation. The 
uncertainty in the absolute value of AS is much 
greater than the precision indicated in Table II, be- 
cause of the uncertainty in v. 

Zener ® has proposed a strain model for the ac- 
tivation step in diffusion which correlates AS with 


the temperature coefficient of the bulk shear modulus, 


u, according to 


[6] 


where wp is the value of the bulk shear modulus ex- 
trapolated to absolute zero of temperature, T,, is 
the melting temperature, and \ is a parameter re- 
lated to the relative entropies of defect formation 
and motion which seems to be nearly constant for a 
given crystal structure and diffusion mechanism. 
The characteristic value of X for bcc metals is 
unity, and it has been so taken here. Using the high 
temperature Q value for this investigation and 
Ke’s™ value of d(u/uy)/dT a AS of 16.4 e.u. was 
calculated. This value was then inserted in Eqs. [4] 


Table Il. Frequency Factors and Entropies of Activation 
Calculated from Eqs. (4) and (5) Respectively 


T°K AS (e. u.) 
1167.0 119 19.75 
1118.2 118 19.73 
1101.1 119 19.74 
1069.2 111 ‘ 19.61 
1056.8 123 19.36 

AS = 19.74 + 0.01 
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Fig. 4—A comparison of the heat capacity anomaly in the 
Curie point region (curve }) with the ratio of the measured 
diffusivity to the diffusivity extrapolated from the high 
temperature line (curve a). The excess enthalpy (curve c) 
is also given for comparison. 


and [5] to obtain a calculated value for D, of 228. 
These numbers are only in fair agreement with 
those given in Table II. The uncertainty in vibration 
frequency may account for much of the difference. 

Birchenall and Mehl! were the only authors to 
have made extensive measurements below T. Their 
precision did not permit them to clearly delineate the 
magnetic anomaly. A single slope, including the ~ 
anomalously low values, was chosen to represent 
the energy of activation. This accounts for the very 
high values reported for D, and @. They also have 
a systematic deviation which may arise from the use 
of the absorption coefficient appropriate for colli- 
mated radiation.’ 

Several explanations may be suggested for the 
pronounced decrease of the diffusivity as the tem- 
perature approaches T,. Since the effect is notice- 
able at least 50°C above 7, it cannot be due to do- 
main walls. It may also be suggested that the de- 
crease reflects a contraction of the bond distances 
because of-magnetostriction. Several reliable de- 
terminations of the thermal expansivity of iron*3"*5 
show that there is no discontinuity of the lattice 
spacing at the Curie temperature. Basinski and co- 
workers” found ‘‘no observable difference in the 
thermal expansivity immediately above and below 
the Curie temperature’”’ and conclude that the change 
in lattice spacing must be less than one part in 10:4 
Furthermore, if the constriction were severe, it is 
unlikely that the diffusion of carbon in iron would 
follow the Arrhenius equation from —35° to 800°C.** 
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The present authors attribute the ‘anomalous’ de- 
crease in diffusivity primarily to a decrease in the 
equilibrium concentration of vacant lattice sites, as 
well as a decrease in mobility. The vacancy concen- 
tration thus appears to decrease as the degree of 
electron spin order increases in the paramagnetic as 
well as the ferromagnetic region. There is abundant 
evidence indicating the persistence of some short 
range spin order at temperatures well above T¢. 
The work of Hofmann” and coworkers indicates that 
the magnetic region extends to the a-y transition 
temperature. Also, using neutron diffraction, Wil- 
kinson and Shull? were able to detect short range 
spin ordering up to 850°C. Hence, the high temper- 
ature values are not excluded from the influence of 
spin order, but the measurement appear to be too 
insensitive to show this effect. 

The rate of decrease in D is most rapid in the 
vicinity of T,, as can be seen in Fig. 4, curve a, 
which gives the temperature dependence of the ratio 
of the measured D to the value obtained at the same 
temperature by extrapolating Eq. [7] 


D = 119 e787240/RT [7] 


For comparison a portion of the heat capacity curve 
has also been plotted directly above (Fig. 4, curve b). 
It is reassuring to note that within the precision of 
the measurements the rate of change of D is a max- 
imum in the same temperature region in which the 
binding energy changes most rapidly. 

It is possible to show that the change in internal 
energy caused by spin ordering is sufficient to ac- 
count for a decrease in vacancy concentration com- 
patible with the diffusion results. For convenience 
consider the entropy and activation energy of diffu- 
sion each to consist of one part arising from the 
formation of the defect and another part arising 
from its motion. Thus: 

AS = AS¢ + [8] 

Q = AHy + 
If the values obtained from the high-temperature re- 
sults are AS, and Q, it is necessary to add excess 
values, AS, and AH,, both of which are temperature 
dependent near T,, in order to fit the observed be- 
havior. It is not possible to distribute the excess 
values quantitatively between defect formation and 
motion at this stage, nor is it feasible to deal quan- 
titatively with the configurational entropy for inter- 
mediate degrees of spin ordering because the vacan- 
cies are likely to associate preferentially with re- 
gions of high spin disorder. 

As a first approximation, maintaining D, constant, 
(that is, taking AS, = 0), values of AHy have been 
calculated from Table I yielding the results given in 
Fig. 4, curve c. AHx increases with decreasing 
temperature and would probably reach a constant 
value in the neighborhood of 2 kcal, if the measure- 
ments had extended lower. The total additional 
binding energy derived from spin ordering has been 


reported*” to be 1930 + 120 cal which implies a decrease 


in vacancy concentration large enough to lower D by 
the observed amount. 

The variation in entropy of mixing vacancies into 
the iron as a function of the degree of spin ordering 
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has been neglected. When the spins are either com- 
pletely random or completely ordered the configura- 
tional entropy of mixing in vacancies should be iden- 
tical because the vacancies should go into random 


sites, except insofar as they interact with each other. 


When partial spin ordering exists, the entropy of 
mixing in vacancies should be less than the ideal 
entropy of mixing, because the vacancies should seek 
regions of low order where their formation energy 
is somewhat lower. It is reasonable to expect that 
AS goes through a shallow minimum near 7,. If 
holding Dy constant results in overestimating its 
value, then AHx has been slightly overestimated, 
particularly in the middle of the temperature range. 

Another way to estimate the excess energy of for- 
mation of vacancies in the presence of short-range 
spin order has been suggested by Wohlfarth.’® If an 
atom has z nearest neighbors, x may have like spin 
and y unlike spin. The exchange energy for a pair 
with like spin is —J and +J for a pair with unlike 
spin. Since 


X+Y=2 [9] 


and for complete disorder x and y are equal on the 
average, the change in internal energy between the 
stage with short range order E, and with random 
spins E, is 


Ey - Ey = -J(x — y) [10] 


for z pairs. N atoms form Nz/2 pairs or z/2 
pairs per atom. The energy change per atom is 
(-J/2)(x — y). If the short range order parameter 
is defined by 


[11] 
the energy change per atom is —zJs/2. To change 
the degree of order from unity to zero, z/2 pairs 
must be disordered. Therefore J is given approx- 
imately by 


J = (2/z)(bkT ¢) [12] 


where b is a constant which is 1 in the simple 
Bragg-Williams type approximation or about 0.60 in 
a more detailed treatment available for the body- 
centered cubic structure.”° A semi-empirical evalu- 
ation’” gives } = 0.44, and an estimate based on spin 
wave theory” predicts b = 0.72. 

The excess enthalpy of formation is approximately 
the change in interval energy per atom which must 
be supplied in forming a vacancy.* Combining Eqs. 


*Since the enthalpy of forming a vacancy is usually about one half 
the heat of sublimation, 5 in Eq. [13] may be effectively lowered by as 
much as a factor of one half. 


[10], [11], and [12], 
AHx = [13] 
Neglecting any changes in D, and adding AH, to Q 


in Eq. [4] the ratio of D expected to D° extrapolated 
from the high temperature line is 


ORT 

or 

log D/D® = -0.434 bT./T [14] 
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The ratio of the experimental value at 706.7°C to 
that extrapolated by means of Eq. [7] is 


4.8x10°% 
D/D® = 12x10°% 


which should be compared with values from Eq. [14] 
of 0.35 for b taken to be 0.60, and 0.62 for 6 taken 
to be 0.48. This calculation assumes short-range 
spin order to be substantially complete at this tem- 
perature, which is only approximately true. It im- 
plies that an extra decrease in vacancy concentration 
by about a factor of two could account for the whole 
effect on the diffusion coefficient. The lowest value 
of b allows for a possible decrease in vacancy mo- 
bility as well. While the testing of such a proposal 
seems straightforward in principle, it is likely to be 
extremely difficult in practice because of the prob- 
able low total vacancy concentration. 

This short-range spin order theory implies that an 
effect of the sort observed for iron should exist in 
cobalt near 1115°C. Diffusion measurements re- 
ported to date do not show the effect, so new meas- 
urements are now in progress to attempt to con- 
firm its presence or absence. 

Stanley and Wert”* have observed low diffusivities 
for Fe®? in an 18.8 pet V alloy of Fe (as compared 
with their higher temperature results in the alpha 
phase alloy). They offer a theory to explain the re- 
sult in terms of a change in the entropy of motion 
with no substantial change attributed to the energy 
to form the defect. This effect observed in Fe-V al- 
loys probably has the same physical origin as the 
one reported here for a@Fe. 


= 0.40 
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The Application of Ultrasonic Energy to Ingot 


Solidification. | 


The effect of ultrasonic vibrations on ingot solidification has 
been considered both theoretically and experimentally. The the- 
ovetical section elucidates the mechanisms by which the ultra- 
sonic vibrations might refine the ingot structure. The experi- 
mental section describes a very efficient means of introducing 
the ultrasonic vibrations to the freezing interface. The applica- 
tion of this technique to the consumable-electrode arc melting 


process shows that the columnar mode of freezing may be effec- 
tively suppressed yielding an ingot structure consisting predom- 
inantly of equiaxed grains. The results support the contention that 


D. H. Lane 
J. W. Cunningham 


the ultrasonic vibrations increase the nucleation frequency in 


the layer of liquid adjacent to the freezing interface. 


Certain structural characteristics of as-cast in- 
gots are undesirable since they create considerable 
difficulty for subsequent processing and often pro- 
duce defects in the finished product. These struc- 
tural defects are illustrated in Fig. 1(a), and are: 
1) planes of weakness where columnar grains grow- 
ing from the different mold faces meet, 2) strength 
anisotropy due to the preferred orientation of the 
columnar grains and 3) inhomogeneity due to segre- 
gation at dendrite boundaries within the columnar 
grains and at the columnar grain boundaries. The 
type of ingot structure that eliminates 1) and 2) and 
diminishes 3) is the fine-grained equiaxed structure 
illustrated in Fig. 1(c). 

Many attempts have been made to produce the de- 
sirable ingot structure illustrated in Fig. 1(c) by 
inoculating, casting with varying superheats, vi- 
brating or stirring, or by irradiation with ultrasonic 


(a) (b) (c) 
Completely Mixed Completely 
Columnoar Structure Equiaxed 
Structure Structure 


Fig. 1—Three main types of ingot structure. 
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vibrations. These attempts have met with various 
degrees of success, the ingots generally having the 
structure illustrated in Fig. 1(b). All four methods 
have been the subject of numerous investigations,*~* 
the latter producing the most erratic behavior and 
inconsistent success. The method of ultrasonic ir- 
radiation during ingot solidification has shown con- 
siderable promise on small-scale ingots (diam 2 in.) 
but has not yet been successfully adapted to large- 
scale operation. 

The present paper considers the application of ul- 
trasonic radiation to ingot solidification both theo- 
retically and experimentally. The purpose of the 
paper is to elucidate the mechanism by which ultra- 
sonic energy refines the ingot structure and to de- 
scribe a method for producing the desirable ingot 
structure in both laboratory scale experiments and 
in ingots of commercial size. 


THEORY 


Conventional Casting—Before discussing the pos- 
sible effects of ultrasonic radiation upon ingot struc- 
ture let us first briefly review the reasons for the 
breakdown of columnar crystallization to equiaxed 
crystallization during ingot solidification. The fol- 
lowing is a slightly oversimplified description. 

In the conventional method of casting, the alloy 
having a certain degree of superheat, A7, is poured 
to fill a cold mold which is at room temperature, 7. 
Due to conduction of heat through the mold wall the 
outer rim of liquid metal cools rapidly to the liquidus 
temperature and begins to supercool. At some degree 
of supercooling, nuclei of solid form at random in 
this supercooled layer at the mold surface. The 
grains in this chill layer begin to grow inwards pro- 
ducing a solute build-up, thus lowering the freezing 
temperature at the interface as illustrated in Fig. 2. 
As growth proceeds, the temperature gradient in the 
solid conducts away not only the latent heat of fusion 
evolved during growth but it also conducts away some 
of the superheat of the melt so that the temperature 
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gradient in the liquid continues to decrease as the 
interface advances, Fig. 2. Because of the solute 
build-up at the interface, a zone of constitutional 
supercooling is created in the liquid ahead of the in- 
terface which increases in magnitude as the temper- 
ature gradient in the liquid decreases. When the 
magnitude of the constitutional supercooling reaches 
a critical value, 57, as illustrated in Fig. 2, nucle- 
ation of the solid phase will occur in this zone of 
liquid and the onset of the equiaxed mode of solidi- 
fication will have occurred. The remainder of the 
ingot will be equiaxed if conditions are suitable for 
a repetition of this process after the interface has 
advanced a small distance. On this model the ratio 
of equiaxed zone width to columnar zone width, p, 
increases as AT decreases, as 67, decreases, and 
as the freezing range of the alloy increases.°® 

One other variable in the process is the mold tem- 
perature. The foregoing discussion assumed that the 
mold temperature, T,, was fixed before casting; how- 
ever, Suppose we now do the following: Cast the alloy 
with a superheat, AT, into a mold maintained at the 
liquidus temperature, T,,, of the alloy. In this case 
the superheat will be conducted away in a short time 
and no freezing will have occurred. Now, rapidly 
cool the mold to a low temperature, T,, and we have 
the same condition existing that we would have if we 
cast the alloy with AT = 0 into a mold of temperature, 
T., 1.€., p will be large. This same effect could be 
produced if we could somehow add heat to the inter- 
face region at a controlled rate. 


Ultrasonic Irradiation During Casting—It is well 
known that when a sound wave travels through a me- 
dium, the acoustic energy is attenuated with distance 
in an exponential manner. Also, when the sound wave 
travels from one medium to another, the interface 
becomes a region of pronounced energy reflection. 
As the wave travels from a solid to a liquid the at- 
tenuation is increased significantly by cavitation in 
the liquid adjacent to the interface.® This attenuation 
decreases as the liquid viscosity decreases; how- 
ever, close to the liquidus temperature, the viscosity 
of liquid metals is such that energy attenuation by 
factors of 5 to 10 occurs within a distance of 1/4 in. 
from the transducer coupling-bar surface. The at- 
tenuation within the cavitation zone is observed to 
be substantial but beyond the cavitation zone it is 
significantly smaller. 

Let us now consider the three possible ways in 
which ultrasonic radiation may affect the formation 
of equiaxed crystals during ingot solidification. 
These are: 1) equilibrium temperature distribution— 
change the solute distribution and thus the effective 
freezing range of the alloy by altering the hydro- 
dynamic layer thickness, 6, at the interface or by 
altering the solid-liquid phase equilibria, 2) actual 
temperature distribution—change the thermal con- 
figuration in the environment of the interface due to 
the ultrasonic energy absorption in the solid and 
liquid in the interface region and 3) catalytic activity 
—change the number of catalysts in the liquid and 
alter their effectiveness as nucleation centers. 

1) It is difficult to envisage that irradiation would 
have anything more than a minor effect on the ther- 
modynamic properties of the solid and liquid phases. 
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Y = Position of Interface Relative to Mold Surface, ¥>\y.; 
Ta= Actual Temperature Distribution 
Te= Equilibrium Temperature Distribution 

STc= Maximum Degree of Constitutional Supercooling 
To= Equilibrium Melting Temperature 

AT = Superheat Given to the Molten Metal 


Fig. 2—Growth of constitutional supercooling as a func- 
tion of interface position, Yy, relative to mold surface. 


Thus, any change in the solute distribution, conse- 
quently the effective freezing range, could only arise 
through convective mixing of the liquid adjacent to 
the interface by cavitation induced agitation. How- 
ever, Since this effect could only reduce the solute 
build-up, the degree of constitutional supercooling 
can only be reduced and the probability of equiaxed 
crystal formation also reduced. 

2) The attenuated acoustic energy appears in the 
form of heat contributions gq, and gy; cals per cc 
per sec to the bulk solid and bulk liquid respectively 
and Q, cals per sq cm per sec to the interface re- 
gion. In general g, and gy are small compared to 
the specific heat change per cc per sec of the bulk 
solid and liquid and will be neglected since they do 
not produce a Significant change in the thermal en- 
vironment. 

The magnitude of Q@, may be made large enough to 
control the freezing rate of the solid. There isa 
value of Q> for which the interface will not move, 
z.é€., the heat flow in the solid behind the interface 
just balances the heat, Qo, developed at the interface 
by the sound plus the heat flowing into the interface 
region from the liquid. As some of the superheat is 
lost from the liquid, the gradient in the liquid at the 
interface decreases and the interface can advance 
Slowly if Q@» does not change. After a time the gradi- 
ent in the liquid will be low enough that the critical 
constitutional supercooling, 57, for a high nuclea- 
tion frequency is attained. Equiaxed grains may then 
nucleate ahead of the interface to give the equiaxed 
structure. 

By considering Q, as an effective increase in the 
latent heat of fusion of the material, we can esti- 
mate the magnitude of Q> that will produce a sig- 
nificant change in the ratio of equiaxed to columnar 
zone widths, p. If the latent heat is doubled, the 
freezing velocity is halved and 6T. is reached when 
the columnar zone is about half as long, i.e., p is 
almost doubled. Since AH, ~ 500 cals per cc for 
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iron, if the freezing velocity without ultrasonic ir- 
radiation is 2 cm per min, the latent heat evolved 
per sq cm of interface per sec is about 60 w. Thus 
@> must be greater than 60 w per sq cm of interface 
to increase p by more than a factor of 2. 

3) The third way in which ultrasonic vibrations can 
affect the ingot structure is by directly influencing 
the nucleation frequency in the liquid. If the sound 
energy is sufficient to produce cavitation in the liquid 
adjacent to the interface, the critical value of consti- 
tutional supercooling, 5T,, required for a high nu- 
cleation frequency may be decreased by one of sev- 
eral possible mechanisms. We will assume that 
sound vibrations of normal frequency (~20 kc), having 
an intensity less than the cavitation threshold, do — 
not appreciably influence the nucleation character- 
istics of the liquid. 

First, cavitation in the liquid adjacent to the inter- 
face will produce turbulence in this region of liquid. 
Thus associated temperature fluctuations will occur 
in isolated volumes of liquid which may be of suffi- 
cient magnitude and proper sign to initiate nucleation 
when the average value of the supercooling is smaller 
than that required for general nucleation. 

Secondly, the cavitation may erode the catalysts 
changing their state of surface adsorption. Since the 
catalytic activity of heterogeneous particles is re- 
lated to their state of surface adsorption,’ changing 
the state of adsorption could either increase or de- 
crease their efficiency as centers of nucleation. This 
mechanism is unlikely because irradiation of a melt 
immediately prior to freezing yields no effect while 
irradiation during freezing does. 

Thirdly, at any degree of supercooling, there will 
be a certain number of subcritical nuclei of various 
sizes in the liquid. A sound wave or turbulence wave 
incident upon a suspension of such small particles 
in a liquid medium will impart a relative motion to 
the particles. Thus, collisions between subcritical 
nuclei may occur to produce larger sized particles 
just as the agglomeration of colloidal suspensions is 
enhanced by ultrasonic vibrations.* This agglomera- 
tion of subcritical nuclei may lead to the formation 
of nuclei of critical size initiating centers of growth 
of the solid phase. 

A fourth mechanism proposed? is that the ultra- 
sonic energy breaks pieces of solid from the inter- 
face to shower the constitutionally supercooled liquid 
with ready-made nuclei. It is difficult to imagine that 
very plastic materials would respond in such a fash- 
ion to relatively small sound intensities. However, 
the mechanism may be possible at very high sound 
intensities. 

Finally as pointed out by Walker*® a sound wave 
of sufficient pressure may cause nucleation at less 
than the normal supercooling. Using the Clausius- 
Clapyron equation, he showed that if the liquid is 
compressed by a pressure Ap above atmospheric, 
the supercooling, 67, required for formation of a 
nucleus is reduced to the value 


6T = aAp [1] 


‘where a is a constant for a particular system. Since 
cavitation sets up pressure and rarefaction waves of 
high intensity, it may be sufficient to reduce 67 in 
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isolated volumes of liquid to such a value that a high 
nucleation rate will result. 

Whatever the mechanism or combination of mech- 
anisms by which ultrasonic energy alters the nucle- 
ation characteristics of the liquid, it will probably 
depend upon the existence of cavitation and also upon 
the flux of ultrasonic energy irradiating a small 
volume of liquid before it freezes. The cavitation 
threshold for liquid metals is not known exactly; 
however, it should be about that for water and water 
requires a Q, of approximately 1 w per sq cm. The 
energy threshold is also observed to decrease as the 
irradiation time increases.’> Thus, if significant 
ingot structure refinement occurs at low ultrasonic 
energy inputs, 7.€., Q@) ~ 1-10 w per sq cm, the effect 
can only be attributed to an enhanced nucleation fre- 
quency in the liquid. 

Critical Flux of Radiation—Consider the freezing 
of a cylinder of liquid from one end. Irradiate from 
the solid to the liquid such that energy Q, is de- 
livered to the liquid adjacent to the interface. This 
energy is dissipated exponentially in the liquid with 
a characteristic distance, J. If the freezing velocity 
is V, the total flux, F7, of ultrasonic energy dissi- 
pated in a 1 sq cm Slice of liquid parallel to the inter- 
face before it freezes is given by 


Fr = [ = Qol/V [2] 
0 0 


For a particular alloy, if a critical value, Fr, is re- 
quired to yield a certain grain size, one must always 
maintain Fy > FF during solidification. Since the 
conversion efficiency of electrical energy input to a 
transducer to sound energy in the solid at the trans- 
ducer, €, is about 50 pct, the electric energy input, 
Q@z must be given by 


Qp = >2Q,, [3] 


where y, is the average energy attenutation in the 
solid and y is the position of the solid-liquid inter- 
face relative to the transducer-solid interface. 

If the irradiation is from the liquid to the solid, 
the attenuation at the transducer-liquid interface will 
be large if cavitation occurs (about a factor of 10) 
and the sonic energy delivered to the interface re- 
gion will be Q, only if the electrical energy input 
Qr > 20Q,. The transducer, in this case would act 
as a fairly potent heat source in the liquid and would 
influence the solidification through this means also. 

An experiment which discriminates between the 
interface heating effect and the nucleation effect as 
the cause of the structure refinement (other than the 
magnitude of Q) would be the following. Freeze the 
ingot unidirectionally under conditions such that G, 
is always constant and increase V as the interface 
advances. In this case Gy; will decrease and the 
ratio (Gz /V) will decrease even more rapidly. It 
has been shown that the onset of equiaxed crystalli- 
zation depends on (Gz /V) such that as (G,/V) de- 
creases, the columnar crystals become shorter. 

It can also be shown that the grain size, d, will de- 
crease as G;/V decreases. Thus, if the interface 
heating effect is predominant, the grain size, d, 
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Fig. 3—Variation of grain size, d, as a function of freezing 
velocity, V, and interface position, x, for several ultrasonic 
energy inputs, 


should decrease along the ingot. However if the nu- 
cleation effect is predominant, since (Q,/V) will de- 
crease as V increases, the grain size, d, would vary 
as a function of x along the ingot in the manner illus- 
trated in Fig. 3 for various Qo. 


EXPERIMENT 


In this paper experiments utilizing the consumable- 
electrode arc-melting furnace will be reported on. In 
another paper** an experiment utilizing a horizontal 
zone-melting furnace will be reported on. 

To obtain efficient transfer of ultrasonic energy 
to the interface region of a solidifying ingot, the cold- 
hearth consumable-electrode arc-melting technique 
was first used. A schematic diagram of the furnace 
and horn assembly used in 6-in. diam experiments 
is shown in Fig. 4. A similar arrangement with a 
single transducer was used for 2 1/2-in. diam ex- 
periments. The magnetostrictive transducer, a stack 
of nickel laminations, was brazed to a starting slab 
of 304L stainless steel for 6-in. and pure iron for 
2 1/2-in. experiments. A low impedance coupling 
was maintained by isolating the transducer and horn 
assembly from the cold copper crucible by vacuum 
seal ‘‘0’’ rings. The entire transducer assembly and 
crucible bottom were cooled by direct contact with 
flowing water. 

For the 2 1/2-in. diam experiments, after fixing 
the water jacket in place, evacuating the furnace and 
back-filling with argon to 60-mm absolute pressure, 
the air-melted electrode (Fe + 5 wt pct Cr + 18 wt 
pet Mn + 0.5 wt pct C) was brought into contact with 
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Fig. 4—Schematic representation of apparatus for con- 
sumable-electrode arc melting with ultrasonic vibration. 
Transducer-coupling-bar assembly serves as the mold 
bottom. 


the starting slab or horn. A current of 1200 amp 
was used to initiate the arc and melt the upper sur- 
face of the iron horn. When it was certain that a 
molten pool had been established in the horn, the 
current was decreased to 900 amp and the electrode 
melted into the 2 1/2-in.-diam copper mold. The 
electrical power input to the transducer was approx- 
imately 400 w. The transducer was energized by a 
variable frequency ultrasonic generator after the 
molten pool had been established. Since the solidify- 
ing ingot was now a part of the continuously length- 
ening horn and since we wished to introduce maxi- 
mum energy to the solid-liquid interface, the fre- 
quency of the ultrasonic vibration was varied con- 
tinuously to maintain the system at a position near 
resonance. By this means the maximum energy was 
delivered to the freezing interface where it was ex- 
pected to be most effective in producing the desired 
changes in ingot structure. 

For the 6-in. diam experiments a vacuum of 0.1 uw 
was maintained during melting. The arc was ini- 
tiated at 5600 amp and the electrode melted at 2000 
amp and 22 v. The electrical power input to the trans- 
ducer was 2200 w and the frequency varied as de- 
scribed above. 


In the 2 1/2-in. diam experiments resonance was 
maintained by placing a small piezoelectric probe at 
the base of the transducer and varying the frequency 
of vibration to produce maximum response of the 
probe. In the 6-in. diam experiments resonance was 
maintained by placing a ‘‘John Flute Model 120 VAW 
Meter’’ in parallel with the transducer windings and 
varying the frequency of vibration to produce a max- 
imum reading on the VAW meter. The VAW meter 
is a vacuum tube device used for measuring voltage, 
amperage, and power at high frequency. When used 
in conjunction with a line voltage stabilizer, the 
VAW meter was considered accurate to +2 pct. 

Two 2 1/2-in. and two 6-in. diam ingots were pre- 
pared by the techniques described above. Control 
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Fig. 5—Macrostructures of a type 316 stainless steel in- 
got 6 in. indiam. Left—arc-cast ingot without ultrasonic 
vibration. Right—arc-cast ingot with ultrasonic vibration. 


ingots were also melted in the standard cold mold 
apparatus without ultrasonic vibrations. 

The 6-in. diam control ingot, a type 316 stainless 
alloy solidified without ultrasonic irradiation is 
shown in Fig. 5. An ingot of the same alloy irradi-— 
ated with an electrical input of 12 w per sq cm and 
solidified under the same melting conditions is also 
shown in Fig. 5. From these macrosections we can 
see that the columnar mode of solidification was 
suppressed, the planes of weakness were eliminated, 
and the grain structure became predominantly equi- 
axed due to the ultrasonic irradiation. The 2 1/2-in. 
diam ingots gave identical results.“ 

Near the bottom of a 2 1/2-in. diam ingot shown 
in Fig 6, a short region of columnar crystal growth 
may be seen. This arose due to a temporary failure 
of the ultrasonic generator. The oscillator failed 
just after melting of the electrode had begun and 
the mode of growth changed abruptly from equiaxed 
to columnar. The ultrasonic power was quickly re- 
stored and, as a result, the equiaxed mode of growth 
soon reappeared. 

Although tensile tests made on specimens taken 
from the axis of each of the three 2 1/2-in. diam in- 
gots exhibited no significant differences in mechani- 
cal properties, the mechanical properties of ingots 
of other materials were significantly effected. In- 
gots of the normally nonforgeable alloys a) stellite 
31 and b) an ordered nickel-aluminum alloy, can be 
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Fig. 6—Macro- 
structure of an 
austenitic iron- 
base alloy ingot 

2 1/2 in. in diam 
for which the ul- 
trasonic vibrations 
suffered a tempo- 
rary cessation. 
Note the abrupt re- 
version to the 
columnar mode of 
freezing over the 
whole interface as 
the vibrations 
ceased. X1.25. 
Reduced approxi- 
mately 42 pct for 
reproduction. 


forged when solidified in the presence of an ultra- 
sonic radiation field. Microstructures of the iron- 
base 2 1/2-in. diam ingots exhibited an array of 


linear traces within the individual grains. These are 
presented in Fig. 7 showing that the density of the 
markings is much less in the control ingot than in 
the irradiated ingot. 

One other observation of note is that in both irradi- 
ated 2 1/2-in. diam ingots less than 50 pct of the ingot 
was welded to the horn. In the 6-in. diam ingots about 
a 75 pct weld was produced. This would lead to a de- 
crease in the ultrasonic energy delivered to the 
freezing interface. 


DISCUSSION 


In order to eliminate the normally large loss of 
acoustic energy at the mold-ingot interface due to 
the lack of a coherent bond between the two surfaces, 
the source of vibrational energy, z.e., the magneto- 
strictive transducer, was brazed to a slab of a ma- 
terial similar to the material to be cast. By melting 
the upper surface of the slab, it becomes the lower 
part of the ingot; thus eliminating any surface of 
mechanical discontinuity between the transducer and 
the ingot. 

The efficient transmission of ultrasonic vibrations 
posed several problems in the design of the appara- 
tus. Changes in the acoustical impedance along the 
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Fig. 7—Microstructures of 2 1/2-in. diam ingot showing carbide decorated slip traces. (a) —unvibrated ingot. (b)—vi- 
brated ingot. (c)—vibrated ingot containing small rare-earth oxide additions. 


path of the elastic wave set up reflections which give 
rise to reactive components of impedance which in 
turn limit the passage of the wave and the energy to 
be stored in the vibrating member during resonance. 
The magnitude of the reactive impedance varies with 
distance from the transducer and is a maximum at 

a quarter wave length and a minimum at a half wave 
length or multiples thereof. The acoustic impedance 
is a function of the area of the path, the density and 
the modulus of elasticity of the medium. Radical 
changes in these quantities in going from transducer 
to coupling bar, coupling bar through crucible bottom 
to ingot, ingot to melt, and melt to air will give rise 
to reflections. Only the first three of these transi- 
tions are important in the present work and their ef- 
fects are minimized by the use of a tapered crucible 
bottom for a coupling bar, low impedance attachment 
of the crucible to the coupling bar, and a welded bond 
between coupling bar and ingot. Furthermore, the 
reactive impedance or deviation from resonant fre- 
quency may always be minimized by keeping the 
acoustic path equal to an integral number of wave- 
lengths. Thus, the reflected wave is always in phase 


with the incident wave reinforcing, rather than buck- 
ing it. A close approach to resonance may be main- 
tained by adjusting the frequency to maintain a max- 
imum in the electrical power input to the transducer. 

One might expect that, in ingots of small diameter 
compared to the sound wavelength, maintaining the 
interface as a position of resonance would require a 
variation of the sound wavelength. This is found to 
be the case.** However, when the ingot diameter is 
comparable to, or larger than, the sound wavelength, 
scattering from the ingot walls plus the existence of 
a parabolic interface shape make it doubtful that a 
close approach to resonance can be maintained. In 
this case a constant frequency may be as effective 
as a variable frequency in refining the ingot struc- 
ture; however, it would probably require larger power 
inputs, 

The energy delivered to the interface region is 
probably less than 50 pct of the electrical energy 
input to the transducer due to the inefficiency of en- 
ergy conversion and the attenuation in the solid. 
Thus, it is observed that this structure refinement 
can be produced with energy inputs to the interface 
of less than 5 w per sq cm. We can conclude then, 
that it is the variation of the nucleation characteris- 
tics of the liquid rather than the change in thermal 
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environment that leads to the refined grain struc- 
ture, This conclusion is also supported by the vari- 
ation of grain size along an ingot as the velocity in- 
creases.13 As far as the size of ingot that can be 
treated in this fashion, no limit has thus far been 
found 

The traces on the microsections shown in Fig. 7 
are probably slip bands decorated by the precipita- 
tion of carbides since markings of this type are also 
observed in the same alloy after deformation and 
heat treatment. 

The abrupt change in ingot structure illustrated 
in Fig. 6 produced by the temporary failure of the 
ultrasonic generator seems to indicate that the nu- 
cleation characteristics of the liquid also changed 
abruptly at this point. This seems to imply that the 
nucleation mechanism exhibits little or no post- 
irradiative properties. 


CONCLUSIONS 


A very efficient method for the irradiation of a 
solid with sound vibration during freezing has been 
developed It allows the preparation of ingots of 
both small and large diameters having a fine-grained 
equiaxed structure with only a small expenditure of 
ultrasonic energy. The small sound intensity required 
to produce the structure refinement supports the 
contention that the ultrasonic sound enhances the nu- 
cleation probability for solid formation in the layer 
of liquid adjacent to the solid-liquid interface. 
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The Application of Ultrasonic Energy to Ingot 


Solidification. II 


A simple zone melting technique for investigating the effect 
of ultrasonic irradiation upon ingot solidification is described. 
The effect of i) ultrasonic power level, ii) freezing velocity, 
itt) constant or variable frequency, iv) direction of irradiation, 
and v) transducer-coupling bar joint upon the grain size of type 
316 stainless steel have been investigated. The results of this 


study support the postulate that the ultrasonic vibrations increase 
the nucleation probability in the layer of liquid adjacent to the 


freezing interface. 


D.H. Lane 
W.A. Tiller 


In the first paper of this series,! the possible mech- . power level needed to produce a certain grain size 


anisms whereby ingot structure may be altered by 
irradiating a solidifying melt with ultrasonic vibra- 
tions have been discussed. A new technique for effi- 
- ciently introducing the ultrasonic energy into the 
solid-liquid interface region was presented and ap- 
plied to ingot preparation by the consumable-elec- 
trode arc-melting technique. The experimental re- 
sults support the postulate that the ultrasonic vibra- 
tions may refine the ingot structure by increasing 
the nucleation probability in the zone of liquid ad- 
jacent to the solid-liquid interface. 

The present paper describes the application of the 
same technique to a relatively simple laboratory- 
scale zone-melting apparatus. This apparatus is 
found to be well suited to the detailed study of ultra- 
sonic technology in this area and allows one to de- 
termine, in particular, the minimum ultrasonic 


Fig. 1—Photograph of zone-melting apparatus used for 
horizontal ultrasonic experiments. 
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in a particular material. The results of this study 
support the nucleation mechanism for grain refine- 
ment, but do not provide any deeper insight into the 
specific nucleation mechanism responsible for the 
effect. 


EXPERIMENT 


The apparatus used in these experiments is shown 
in Fig. 1 and illustrated schematically in Fig. 2. The 
material to be studied, type 316 stainless steel, was 
in the form of a 3/4-in. sq bar 30 in. long. This bar 
was placed in a square open-topped mold with open 
ends made from high-purity graphite coated with a 
flame-sprayed Al,O, skin. Surrounding the crucible 
was a molybdenum susceptor with 3/8-in. diam holes 
spaced at 1-in. intervals along its length to serve as 
sight ports. A tapered transducer horn was brazed 
to one end of the specimen. The entire assemblage 
was enclosed in a quartz tube, the transducer itself 
projecting out one end and resting in a cooling tank. 
A vacuum seal between the coupling bar and the end 
plate enclosed one end. A similar plate and seal en- 
closed the other end. The system is gas tight and 
can be operated under vacuum or an inert atmos- 
phere. For these experiments, flowing argon at 15 
in. of Hg pressure was used. 

_The heat source for melting the stainless steel 
specimen was a 2-in. long 3-kc induction coil placed 
around the quartz tube; this source heated the sus- 
ceptor, inductively melting about a 3-in. zone of the 
sample by radiation. To move the molten zone at a 
specified rate, the induction coil was moved down 
the tube at this rate with the aid of a simple pulling. 
device. Thus, the sample could be irradiated at 
varying ultrasonic frequencies and power levels and 
could be solidified at varying rates. 

The power input to the transducer was measured 
using a ‘‘John Fluke Model 120 VAW-Meter.’’* The 
power delivered to the interface region is probably 
only about 50 pct of that measured on the VAW- 
meter. 

In a typical run, when the ultrasonic power was 
turned on, the interface of the molten zone closest 
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Fig. 2—Schematic diagram of zone-melting apparatus used 
for ultrasonic experiments. 


to the transducer quickly melted back about 1 cm. 
When the coil began moving at a constant rate, the 
zone responded by following slowly at first and 
gradually increasing speed until it was moving at 
the same speed as the heat source. The frequency 
of the ultrasonic vibrations was varied in the man- 
ner previously described’ to maintain the interface 
as a position of resonance. It was found that the fre- 
quency needed to be varied linearly with the dis- 
tance, x, of the freezing interface from the trans- 
ducer to maintain resonance as shown in Fig. 3. 

Experiments at 50, 25, 12.5, 6.25, and 3.13 w per 
sq cm electrical energy input were conducted at 
both constant frequency and variable frequency to 
test the need for the interface to be at a position of 
resonance. It was observed that the grain size de- 
creased as the ultrasonic energy input increased 
for both constant and variable frequency. As ex- 
pected, with constant frequency, marked grain re- 
finement occurred periodically when the interface 
was at a position of resonance. Typical comparative 
results on solidified ingots 20 in. long irradiated at 
6.25 w per sq cm are shown in Fig. 4. The ingots 
solidified with 50 and 25 w per sq cm power input 
exhibited hot tears in several areas along their 
length. From Fig. 4 we can see that the variable 
frequency is indeed necessary to give good homo- 
geneous structure refinement at low power levels. 
The detecting apparatus in these experiments was 
not very sensitive below the 3.13 w per sq cm power 
level; however, marked grain refinement was ob- 
served at this level with variable frequency. 

To test the importance of the freezing velocity, 
an ingot irradiated at variable frequency with an 
electrical power input of 12.5 w per sq cm was 
solidified at a continuously increasing rate from 
10-2 cm per sec to 6 x 10-2 cm per sec. The macro- 
structure of this ingot is shown in Fig. 5 and we can 
see that the grain size increases as the freezing 
velocity, V, increases. 


Two ingots were solidified under variable fre- 
quency at a power level of 45 w per sq cm and at 
freezing rates of 10-2, and 3 x 1073 cm per sec to 
see if the ultrasonic vibrations would enhance the 
partitioning of solute at the freezing interface and 
produce a long-range segregation in the ingot. Spec- 
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Fig. 3—A plot of resonant frequency, f, as a function of 
solidified ingot length, x, in a typical experiment. 


trographic chemical analysis showed no long range 
segregation in the ingots. 

An experiment was run to evaluate the efficiency 
of a brazed joint between the transducer coupling 
bar and ingot as compared to a carefully machined 
screw joint. Ingots solidified under varying fre- 
quency at 6.25 w per sq cm power input are com- 


Fig. 4—Macrostructures of ingots irradiated at 6.25 w per 
sq cm with either constant or variable frequency. Top— 


constant frequency. Middle—variable frequency. Bottom— 
unirradiated. 
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Fig. 5—Macrostructure of an irradiated ingot (12.5 w per 
Sq cm) solidified at a continuously increasing velocity, V, 
from 10~ cm per sec at the left end to 6 x 1072 em per 
sec at the right end. Note that the grain size, d, increases 
as V increases. 


pared in Fig. 6. We can see that the carefully ma- 
chined screw joint is as efficient as the brazed joint 
for transmitting energy to the freezing interface. 

A final experiment was carried out at constant —— 
frequency to test the efficiency of two different ir- 
radiation techniques. One whereby the freezing in- 
terface is irradiated via the solid, the other via the 
liquid. To do this the liquid zone was moved away 
from the transducer in one case and towards the 
transducer in the other. From Fig. 7, the macro- 
structures of the two ingots with energy input of 
6.25 w per sq cm may be compared. We can see 
that irradiation via the solid is a much more effi- 
cient means of delivering ultrasonic energy to the 
interface region. 


DISCUSSION 


We have seen that, with this technique, there is a 
distinct advantage in varying the ultrasonic frequency 
to maintain resonance at the solid-liquid interface. 
This produces the most efficient transfer of energy 
to the interface region so that grain refining can be 
carried out at low power levels and is homogeneous 
throughout the ingot. The variable frequency may not 


be more efficient than a constant frequency when large 


ingots are irradiated. The relative merits of vari- 
able vs constant frequency will probably depend upon 


the ratio of sound wave length, i, to ingot diameter, D. 


From Figs. 4 and 5 we can See that the grain size 
decreases as the electrical energy input, Qp, in- 
creases, and as the freezing velocity, V, decreases. 
Since the energy delivered to the interface region, 


Fig. 7—Macrostructure of irradiated ingots (6.25 w per sq 
em). Top—irradiated from the solid to the liquid. Bottom— 
irradiated from the liquid to the solid. 
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Fig. 6—Macrostructure of irradiated ingots (6.25 w per sq 
em). Top—brazed joint between transducer and coupling 
bar. Bottom—carefully machined screw joint. 


Qo, is about 0.5 Qp, the grain size decreases as the 
total flux of ultrasonic radiation, (Q,/V), increases.! 
This is consistent with the postulate that the ultra- 
sonic energy increases the nucleation probability in 
the constitutionally supercooled liquid adjacent to 
the interface. The fact that grain refinement occurs 
at energy levels of Q ~ 1-2 w per sq cm also sup- 
‘ports this postulate. 

We have seen that the ultrasonic irradiation does 
not alter the solute distribution at the interface even 
though one might expect it to do so if the sound in- 
tensity is sufficient to produce cavitation and hence 
mixing in this solute layer. However, the solute 
rich layer extends only about 107? cm ahead of the 
interface for these growth rates whereas the zone 
of constitutional supercooling extends about 1 cm 
ahead of the interface. Thus, if the cavitation begins 
well beyond 107? cm from the interface, the super- 
cooled liquid can be irradiated to provide nuclei of 
solid without detectable mixing of the solute-rich 
layer of liquid. This is consistent with the fact that 
the rate of erosion of a metallic sheet is greatest if 
the sheet is placed a small distance from the end of 
the transducer coupling bar whereas the rate of 
erosion of the coupling bar face is very small in 
comparison.? 

Finally, we see, as expected, that any surface of 
phase discontinuity between the source of sonic 
energy and the freezing interface decreases the ef- 
ficiency of energy transfer. This does not apply to 
a carefully machined screw-joint coupling but def- 
initely does apply to the case of irradiating from the 
liquid to the solid. When irradiating from the liquid 
to the solid the sound intensity is decreased sig- 
nificantly in travelling from the transducer to the 
liquid due to cavitation at the coupling bar face. Thus, 
the energy reaching the freezing interface region is 
only a very small fraction of the energy input and 
the resulting ingot structure is analogous to that of 
an unirradiated ingot. 


CONCLUSIONS 


Homogeneous grain refinement in ingots where 
/D > 1 requires a variable frequency of ultrasonic 
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vibrations such that the interface is a surface of 
resonance. The grain size decreases as the sound 
intensity increases and as the freezing velocity de- 
creases. The mechanism by which the ultrasonic vi- 
brations refine the grain structure is exhibited as 

an increase in the nucleation probability of the super- 
cooled liquid ahead of the interface.’ The zone- 
melting technique described here will have great 


usefulness in determining the critical value of Qo/V 
needed to yield a certain grain size ina particular 
material. 
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The Reduction of the Iron Values of Ilmenite 


to Metallic Iron at Less than Slagging Temperatures 


New Jersey, Florida, and Canadian ilmenites were reduced 
with hydrogen or coke under various experimental conditions and 


R. H. Walsh 
H. W. Hockin 


the phase changes occurring in the ilmenite upon reduction have 


been studied by microscopic examination of polished sections and 


D. R. Brandt 


by X-ray diffraction. The products formed were dependent upon 


the type of ilmenite, temperature, time and reducing agent. Of 
the reducing agents, hydrogen was the more effective at lower 


temperatures. 


Tue possible utilization of ilmenite as a source of 
both iron and titanium has resulted in the develop- 
ment of a number of methods for the separation of 
the iron and titanium content. Slagging processes as 


currently used in Canada are typical of such methods. 


Somewhat less attention has been given industrially 
to the reduction of the iron content at less than the 
slagging temperature. Although references may be 
found to such work, in general only one type of il- 
menite, either natural or synthetic, has been studied 
by each author. We have attempted to draw some 
relationship between the results of experimental re- 
duction and the type of deposit from which the il- 
menite was derived, as evidenced by phases occur- 
ring in the ores and in the reduction products. 

Ilmenite ores having from 27 to 61 pct titanium 
dioxide were included in this study and in each case 
reduction was carried out at such temperatures that 
only limited coalescence of the particulate iron prod- 
uct occurred within the ilmenite grains. The history 
of the individual ilmenite samples and the tempera- 
ture of reduction were found to determine the occur- 
rence of various phases and the mode of distribution 
of the iron. 


REVIEW OF EARLIER WORK ON REDUCTION 


One of the earliest references to the reduction of 
ilmenite at less than the slagging temperature was 
made in 1917.1 The metallic iron produced was 
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leached out by the action of dilute sulfuric or hydro- 
chloric acid, to leave a product high in titanium di- 
oxide. Subsequent to this, numerous patents?-” and 
other references’*-*! have appeared concerning re- 
duction of ilmenite by carbon, hydrogen, carbon 
monoxide, methane, coal gas, water gas, or the like 
in the absence of fluxing agents. Mineragraphic ex- 
aminations were not reported, and in the main, the 
only examinations made were chemical analyses. 
However, in two cases®, }5, titanium suboxides were 
reported in the products and in one case” rutile was 
reported, in addition to metallic iron. Both were 
identified by X-ray diffraction. While reductions in 
the absence of fluxing agents were generally followed 
by either a wet or dry chemical process for removal 
of the metallic iron, a Canadian source?’ reported 
removal of the metallic iron by magnetic separation. 

By the addition of fluxing agents during reduction, 
the metallic iron has been coalesced into ‘‘pearls.’’ 
Each reference to such a process?3-?28 has shown that 
the coalesced iron could be removed by magnetic or 
gravity means after the product was crushed. In the 
absence of fluxes, the coalescence did not generally 
occur. The major part of the present study has been 
limited to reductions without fluxing agents in order 
to determine the primary reactions of naturally oc- 
curring ilmenites. 
Titaniferous iron ores have also been studied 
*® their reduction having been used as the basis of 
a commercial process for beneficiation of such ores 
in Norway”® and more recently considered in the 
United States*, 35, 

The ease of reduction of titaniferous iron ores 
relative to that of hematite or magnetite has been 
referred to, with the conclusion that the more 
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Table 1. Comparison of the Maximum Theoretical Utilization of H2 
when FeO and FeTiO3 are Reduced (These Values Correspond to 
Equilibrium Conditions) 


Temperature (°K) FeO+H, = Fe+H,0 FeTi0, +H, = Fe+H,0+ TiO, 
1000 30.7 pet 3.2 pet 
1200 38.7 7.6 
1400 44.7 13.6 
1600 48.6 19.8 


titanium there is in the ore, the more difficult is 
the reduction. 

Shomate, Naylor and Boericke™ have presented 
thermodynamic data for the reduction of pure fer- 
rous titanate, FeTiO,, with hydrogen, carbon mon-— 
oxide and carbon. They point out that the equilibria 
for reduction of ferrous titanate are less favorable 
than those for the corresponding reduction of fer- 
rous oxide. Table I illustrates the case for hydrogen 
reduction. The values shown were selected from the 
above reference. 

If the values given for the reduction of ferrous 
titanate may be taken as an indication of hydrogen 
utilizations obtainable for ilmenite ore reduction, it 
is clear that a large stoichiometric excess of Hz; will 
be required. This is particularly true at relatively 
low temperatures. As pointed out by Shomate, Nay- 
lor, and Boericke,* ilmenite has higher stability 
(compared with ordinary iron ore) resulting from 
the combination of the iron oxide with titanium diox- 
ide, this combination being associated with a reduc- 
tion in free energy. The greater difficulty in re- 
ducing ilmenite can thus be understood. 

The overall picture that is given by the literature 
for the reduction of ilmenite at temperatures below 
1200°C is that metallic iron is formed at about 800°C 
or above, but that the titanium-bearing phases occur 
in many variations, some containing reduced titanium 
oxides and some not. This investigation was direc- 
ted toward further clarifying these variations, es- 
pecially by means of mineragraphic examinations of_ 
the products. 


EXPERIMENTAL 


1) Apparatus and Procedures—A reduction reactor, 
Fig. 1, was constructed from a 2-in. ID mullite or 
zirconia-stabilized mullite tube, and the ilmenite, 
with or without coke, was supported in the reduction 
zone by a 1/2 in. layer of ceramic chips which in 
turn was supported on a perforated porcelain disc. 
Gas flows were measured with a rotameter having a 
glass or sapphire float, and temperatures were 
measured with a Pt-Pt 10 pct Rh thermocouple lo- 
cated 1/2 in. from the reactor tube. The effluent 
gases were burned to dispose of any hydrogen or 
carbon monoxide. 

The first step in the procedure was to pass nitro- 
gen through the charge while the reaction tempera- 
ture was being attained. When the temperature was 
at the desired level, the nitrogen flow was either dis- 
continued (for coke reduction) or replaced by hy- 
drogen. The procedure to be followed depended on 
the reducing agent used. At the completing of a run, 
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the charge was cooled in a nitrogen atmosphere. If 
coke was present during the reduction, the reduced 
ilmenite and coke were separated by floating the 
coke with bromoform. The reduced sample was 
analyzed for total iron and for metallic iron, by the 
HgCl, method,* and the ratio of metallic iron to total 
iron was taken as a measure of the effectiveness of 
the reduction. 

2) Materials 

A) Allard Lake Ilmenite—This ilmenite was from 
the Allard Lake region of Quebec. The sample was 
screened and the —48 + 200 fraction was used in the 
tests. The fraction analyzed 16.0 pct Ti and 32.8 pct 
Fe (22.0 pct Fe.O, and 22.4 pct FeO). 

B) Allard Lake Ilmenite Concentrate—Micro- 
scopic examination of the Allard Lake ilmenite 
showed the presence of silicate minerals. To re- 
move these silicates, the ilmenite was concentrated 
on a Wilfley table to give an ilmenite concentrate 
which represented 75 pct by weight of the original 
material and contained approximately 93 pct of the 
titanium. It analyzed 20.9 pct Ti and 42.6 pct Fe 
(29.3 pet Fe,O, and 28.4 pct FeO). 

C) New Jersey Ilmenite—This sample was ob- 
tained from prospecting operations in New Jersey 
and assayed 36.8 pct Ti and 22.3 pct Fe (31.7 pct 
Fe,O, and 13 pct FeO). 

D) Florida Ilmenite—This sample was from the 
Jacksonville area in Florida, and assayed 21.1 pct 
Fe (5.4 pet FeO, 24.2 pct Fe,O,) and 33.6 pct Ti. 

E) Petroleum Coke—The petroleum coke was 
screened and only the —28 + 325 fraction was used. 


RESULTS 
A) Allard Lake Ilmenite—The reductions carried 
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Table Il. Reduction of Allard Lake IIlmenite 


Stoichiometrics of 


Pct Fe Reduced to 


Reducing Agent Reducing Agent4 Temp., °C. Time, Hr the Metallic State X-Ray Diffraction Data 
22 800 4.0 85 @-iron, rutile, unknown® 

H, 22 1000 4.0 87 @-iron, unknowns 

H, 49.5 1000 9.0 90 d-iron, MgO/Fe,0,:TiO, 

H, 22 1200 4.0 52 d-iron, MgO/Fe,0,°TiO,, ilmenite 
H, + MgCo,° 22 1200 4.0 95 d-iron, MgO/Fe,0,°TiO, 

Coke — 20 pct© 2.9 800 4.5 0 ilmenite unknown 

Coke — 20 pct 2.9 1000 4.0 83 &-iron, MgO/Fe,0,:TiO,, unknown 
Coke — 33 pct Bi 1000 6.5 73, 

Coke — 33 pct Sys 1000 7.0 65 

Coke — 20 pct 2.9 1200 3.0 89 Q@-iron, unknown 

Coke — 20 pct 2.9 1200 5.5 92 @-iron, MgO/Fe,0O,.TiO, 

14 pct Coke + H, 29.3 800 5.0 89 Q-iron, unknown 

14 pct Coke + H, 29.3 800 5.0 87 @-iron 

13 pet Coke + H, 48.6 930 8.5 92 @-iron, MgO/Fe,0,.TiO, 

20 pct Coke + (85cc per min H,) 14 1000 4.0 68 

20 pet Coke + H, 24.9 1200 4.0 88 


“The flow of H, was 5 liter per min unless indicated otherwise. 


>Enough MgCO, was added to combine with the Ti (Calc. As TiO,) to form MgO-2TiO,. 


“The amount of coke is expressed as a percent of the total charge weight. 


dRatio of actual to stoichiometric amount of reducing agent based on the FeO and Fe,O, content of the ore. When coke was used it was assumed 
that CO was formed and when H, was used that H,O was formed. The reaction between coke and H,O to form H, and CO was neglected. 

“Unknowns refer to patterns not identified by the standard ASTM pattern cardfile. 

This refers to members of the (Fe, Al),0,.Ti0,—(Fe, Mg) 0.2TiO, solid solution series. 


out with Allard Lake ilmenite are summarized in 
Table II. 

It can be seen that with hydrogen alone, the extent 
of reduction was essentially the same at 800° and 
1000°C. At 1200°C severe sintering occurred and 
the extent of reduction was significantly less than 
that obtained at 800° and 1000°C. Examination of a 
polished section showed some ilmenite grains sur- 
rounded by a siliceous phase which apparently pre- 
vented the ilmenite from coming in contact with the 
hydrogen, thus preventing reduction from taking 
place. It is believed that the formation of the sili- 
ceous phase around the ilmenite grains rather than 
the sintering itself was responsible for the low per- 
cent of reduction at 1200°C with hydrogen. This 
conclusion is supported by the fact that reductions 
in the range of 88 to 95 pct were obtained when sin- 
tering took place if the ilmenite grains were not sur- 
rounded by the siliceous phase, as described in the 
succeeding section. At 1000°C, increasing the re- 
duction time from 4 to 9 hr resulted in only a slight 
increase in the extent of reduction (from 87 to 90 pct). 


With the addition of MgCO, to the charge, exten- 
sive reduction to metallic iron resulted when the hy- 
drogen reduction was carried out at 1200°C. 

When coke was used as reducing agent, reduction 
did not occur at 800°C. A temperature of 1200°C 
appeared to give a greater extent of reduction than 
1000°C. Increasing the reduction time from 3.0 to 
5.5 hr at 1200°C resulted in only a minor increase 
in extent of reduction. Reductions carried out at 
1000°C with 20 and 33 pct coke by weight gave vari- 
able results. 

It should be noted that complete reduction of the 
iron was not achieved in any case, but that reductions 
ranging from 85 to 90 pct were readily obtained. 

B) Allard Lake Ilmenite Concentrate—The sinter- 
ing problem mentioned above was virtually elimi- 
nated by concentrating the ilmenite and eliminating 
much of the siliceous material. The data for the re- 
duction experiments using the concentrate are pre- 
sented in Table III. 

C) New Jersey Ilmenite—The reduction experi- 
ments are summarized in Table IV. 


Table Ill. Reduction of Allard Loke limenite Concentrate 


Stoichiometrics of 


Pct Fe Reduced to 


Reducing Agent Reducing Agent® Temp:,;. °C. Time, Hr the Metallic State X-Ray Diffraction Data 
H,? 25.3 1000 4.0 93 @-iron, MgO/Fe,0,.TiO,4 
H, 16.9 1000 4.0 84 @-iron 

H, 16.9 1200 4.0 96 a-iron, MgO/Fe,0,.TiO, 

H, 12.7 1200 3.0 84 @-iron, MgO/Fe,0,.TiO, 

20 pct Coke Die 1000 4.0 2 2FeO.TiO, (Spinel), ilmenite 
18 pet Coke 1.9 1200 5.5 84 iron, MgO/Fe,0,.TiO, 


*The hydrogen was metered at 5 liter per min. 


>The amount of coke is expressed as a percent of the total charge weight. 


Ratio of actual to stoichiometric amount of reducing agent based on the FeO and Fe,O, content of the ore. When coke was used it was assumed 
that CO was formed and when H, was used that H,O formed. 


4This refers to the (Fe, Al),0,.TiO, — (Fe, Mg) 0.2TiO, solid solution series. 
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Table IV. Reduction of New Jersey Ilmenite 


Reducing Stoichiometrics of 
c Pct Fe Reduced to 

Agent Reducing Agent© Temp., °C Time, Hr the Metallic State X-Ray Diffraction Data 
40 600 2 Ilmenite 
600 3 Rutile, ilmenite 
600 4 Q-iron, rutile, ilmenite 
80 800 4 @-iron, rutile 

1 4 84 d-iron, MgO/Fe,0,.TiO,‘ 
, Mg e,0,.Ti 

17 pet Coke’ 2.8 800 4 = Rutile, ecm 
7 pct Coke 1.0 1000 6 =a Rutile, ilmenite 
1.5 1000 6 -iron, rutile, MgO/Fe,0,.TiO,, unknown 

p oke 3.5 1000 4 14 Q-iron, ilmenite, rutile unknown 


“The hydrogen was metered at 5 liter per min. 


a 
This is the theoretical amount of coke assuming that the Fe is present as Fe,O, and that only CO is formed. All coke percentages are expressed 


as a percent of the total charge weight. 


Disc of actual to stoichiometric amount of reducing agent based on the formation of CO or H,O assuming that the iron was all present as Fe,O 
These values could not be determined experimentally because analytical methods for iron. failed to yield accurate results in this particular 


matrix as described under C, Results. 


3° 


Regs ok refer to patterns not identified by the standard ASTM card file. 
This refers to the (Fe Al),0,.TiO,—(Fe, Mg) 0.2TiO, solid solution series. 


The results show that reduction took place with 
hydrogen at temperatures as low as 600°C providing 
the reaction time was 4 hr. It is interesting to note 
that the rutile phase developed before the metallic 
iron phase at 600°C. When the theoretical amount of 
coke (7 pct) was used at 1000°C for 6 hr, no reduc- 
tion occurred. The analyses for metallic iron were 
not successful for the samples reduced at 600° to 
1000°C., the reason for which is not known at this 
time. The values for metallic iron given in Table 
IV should therefore be considered as approximate 
and not absolute values. 

D) Florida Ilmenite—The reductions that were car- 
ried out with Florida ilmenite have been summarized 
in Table V. It can be seen that coke did not reduce 
the ilmenite at 800°C but that reduction occurred at 
1000°C. Reduction took place at temperatures as 
low as 600°C with hydrogen. 

The Mineralogical Examination of Reduced Ilmenite 
— Mineralogical examination of the ilmenites reduced 
in the above experiments was carried out to deter- 
mine the phases present and the textural relation- 
ship existing between these phases. The techniques 
used were those of mineragraphy and optical min- 
eralogy, but the majority of the work was carried 
out using polished sections. Identification of the 


phases present was by X-ray diffraction in certain 
instances. Polished sections were prepared by 
mounting the samples in Lucite and polishing with 
diamond abrasive. Examination was carried out using 
a standard Bausch & Lomb ore microscope. 

Mineralogy of Ilmenites Used for Reduction— The 
ilmenites used for the reduction experiments were 
typical of: 

a) The massive ilmenite-hematite ex-solution 

ores (Canadian ilmenite from Allard Lake). 
_b) Typical beach deposits containing ilmenite in 
various stages of alteration (Florida ilmenite). 

c) Highly altered ilmenite typical of certain fossil 

deposits (New Jersey ilmenite). 

There is still a lack of precise information concern- 
ing the solid solution relationships and unmixing of 
the various phases in the Fe-Ti-O system including 
the important part involving magnetite, ulvdspinel, 
ilmenite and hematite. Similarly the mechanism of 
alteration in alluvial and beach ilmenites has not 
been completely studied and only recently has work 
been carried out on the degrees of alteration possi- 
ble and the nature of the alteration products. 

Massive Ilmenite-Hematite Ores—Among the 
opaque oxides, one of the better known instances of 
substitutional solid solution in which unmixing occurs 


Table V. Reduction of Florida IImenite 


Reducing Stoichiometries of Pct Fe Reduced to 5 ; 

Agent Reducing Agent® Temp., °C. Time, Hr the Metallic State X-Ray Diffraction Data 
H,? 91 600 4 ae d-iron, rutile, unknown® 
20 pet Coke? > 3.9 800 4 aly Ilmenite, rutile, unknown 
20 pet Coke “3.9 1000 4 78 @-iron, rutile, unknown ; 
20 pct Coke 3.9 1200 4 91 d-iron, MgO/Fe,0,.TiO, 


@The hydrogen was metered at 5 liter per min. 


>The percent coke is expressed as a percent of the total charge weight. 


Ratio of actual to stoichiometric amount of reducing agent based on the FeO and Fe,O, content of the ore. When coke was used it was assumed 


that CO was formed and when H, was used that H,O formed. 


dthese values could not be determined experimentally because analytical methods for iron failed to yield accurate results in this particular 


matrix as described under C. Results. 


€Unknown refers to patterns not identified by the standard ASTM card file. 
fThis refers to the (Fe, Al),0,.TiO,—(Fe, Mg) 0.2TiO, solid solution series. 
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Fig. 2—Allard Lake ilmenite showing a typical ex-solution 
intergrowth of ilmenite (dark) and hematite (light). Small 
hematite ex-solution bodies arranged in parallel rows 
within the ilmenite and a similar arrangement of small 
ilmenite bodies within the large hematite lenses can be 
seen. X600. Reduced approximately 22 pct for reproduc- 
tion. 


is that of ilmenite and hematite.*” The continuity of 
the ilmenite-hematite solid solutions seems to be in 
some doubt, but it appears that complete solid solu- 
bility exists above about 1050°C,** and on moderately 
slow cooling this unmixes into two solid solutions— 

a ferriferous ilmenite and a titaniferous hematite— 
that continue to unmix on further cooling. The typical 
microtexture resulting from the unmixing of an ilme- 
nite-hematite solid solution is shown in Fig. 2. When 
considering the reaction of such an ilmenite with a 
reducing agent, the material should be! regarded as 

a two-phase system, for while slow heating could 
possibly result in the formation of a homogeneous 
ferri-ilmenite, solution may not be complete by the 
time reduction commences. 

In addition to the ex-solution effects in the titanium 
mineral itself, an ilmenite from a massive rock de- 
posit is likely to contain various impurities in the 
form of silicate minerals. These minerals may not 
have been completely eliminated during the concen- 
tration stages, if any, used to prepare a marketable 
ilmenite concentrate. The commonest of these im- 
purities are the plagioclase feldspars, pyroxenes 
(probably enstatite), biotite mica and various garnets 
and spinels. 

Partially Altered and Highly Altered Ilmenites— 
Considerable uncertainty is revealed in the litera- 
ture regarding the nature of the titanium minerals 
which make up the bulk of the heavy opaque fraction 
in beach sand and fossil beach deposits. Discussion 
centers on the nature and characteristics of the 
‘“ilmenite’’ extracted from them. There is general 
agreement that many of these ilmenites have TiO, 
contents that differ from the 52.7 pct theoretical 
value for ilmenite, but there has been disagreement 
as to the reasons for the discrepancies. The recent 
work by Bailey et al.,*° in which a study was made of 
beach sand ilmenite from various countries, indicated 
that successive stages of alteration are recogniz- 
able, consisting of progressive breakdown of the il- 
menite lattice to give a material that is either an 
amorphous iron-titanium oxide or a mechanical mix- 
ture of amorphous titanium oxide and iron oxide, 
followed by recrystallization of this amorphous sub- 
stance to give finely crystalline rutile or even 
brookite. Recently the actual mechanism of ilme- 
nite alteration has been studied by Lynd,*° who pro- 


998-VOLUME 218, DECEMBER 1960 


Fe0-Fe20,-Ti0g Composition Diagram 


Tid2 


Fe0* 2Ti0, 


“TiO 
Fe203°*102 


2FeO*Ti0g 


FeO Fe0*Fe,0, Fe203 


The usual representation of the composition diagram FeO-TiO,-Fe,0, 
with the three lines for the solid solution series: 


Fe, 5, Fe, Tiz!, with pseudobrookite structure 


Fey! O,, with hematite (ilmenite) structure 


Fell 


Ill 
and Fe ies 


2-2a 

The three lines do not represent regions but only the lines on which 
stoichiometric compositions are found. It has been suggested also that 
a spinel form of FeTiO,(y-FeTiO,) having no stable independent exist- 
ence may enter into solid solution with magnetite over an extensive 
compositional range at high temperatures (shown by a dotted line). 

MgO, MnO and CaO may substitute for FeO in various proportions and 
Al,O,, V,0,, Cr,0, for Fe,0,. 


a O, , with spinel structure. 


Fig. 3—FeO-Fe,0,-TiO, composition diagram. 


posed reasons for the breakdown. It is possible that 
certain anaerobic bacteria may play a part in some 
cases. Since the progressive alteration is accom- 
panied by an increase in the ratio of TiO, to iron 
oxides, it is possible to have ‘‘ilmenite’’ of a much 
higher TiO, content than the theoretical. At the 


same time ferric iron will predominate over ferrous. 


A study of the FeO-Fe,03;-TiO, composition diagram 
in Fig. 3, which shows the major (and only known) 
solid solution lines, will indicate that minerals of 
the typical altered ilmenite composition do not fall 
into the same region as the ex-solution hematite- 
ilmenite ores, with which they may be confused in 
some instances. 

Ilmenite concentrates prepared from beach de- 
posits may thus contain grains in various stages of 
alteration. Florida ilmenite is a typical example. 

In addition to the ilmenite and altered ilmenite it 
also contained some rutile and silicates such as 
garnet. The New Jersey ilmenite, Fig. 4, had mostly 
advanced to an intermediate stage of alteration and 
was almost entirely amorphous. 

Altered ilmenites must thus be considered as dif- 
fering mineralogically from either the unaltered 
massive mineral or exsolution hematite-ilmenite 
intergrowths. When they are reduced, their behavior 
differs from that of a pure ilmenite. 
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Fig. 5—All 


Fig. 4—New Jersey ilmenite. A grain 

of altered ilmenite (mottled gray) con- 
taining remnants of the original unal- 

tered material (smooth gray). X300. 


ard Lake ilmenite reduced 
with hydrogen at 1000°C showing the 
persistence of a seriate arrangement 
of the metallic iron (white) in the 
titaniferous phase (gray). This sam- 
ple contained silicate minerals, but no 
sintering has occurred. X600. 


! 

Fig. 6—Allard Lake ilmenite concen- 
trate reduced with hydrogen at 1200°C 
for 3 hr showing metallic iron (white) 
distributed in the titaniferous matrix. 
The coalescence of the iron resulting 
from the use of a higher temperature 
is noticeable. The black areas are 
pits. X600. 


Reduced approximately 22 pct for reproduction. 


Phases Recognized in Reduced Ilmenites—In ad- 
dition to metallic iron the major phases occurring 
in reduced ilmenites are a titaniferous phase and a 
siliceous constituent. Rutile may be formed under 


certain reducing conditions as well as spinel miner- 


als as intermediate phases. Unidentified phases 
which were probably titanium suboxides have also 
been seen. 

a) The Metallic Iron Phases—Metallic iron was 
observed as a separate phase in samples treated at 
temperatures as low as 600°C in the case of New 


Jersey ilmenite reduced with hydrogen. The textural 


relationship between the metallic iron and the other 


phases present varied considerably and is illustrated 


in a series of photo-micrographs, Figs. 5-12. In 


Fig. 5, showing Canadian ilmenite reduced at 1000°C 


with hydrogen, orientation of the iron particles was 


well developed. In Fig. 6, showing a sample reduced 


at 1200°C with hydrogen for 3 hr, considerable 
growth in the size of the iron particles has taken 


place and this coalescence was typified by the almost 


sub-graphic texture which resulted. Similarly in 
Fig. 7, which shows a coke reduction at 1000°C, 


Fig. 7—Allard Lake ilmenite reduced 
with coke at 1000°C. Metallic iron 
(white) has formed as well as two ti- 
taniferous phases. A titaniferous 
phase of the pseudobrookite type (dark 
gray) is present as well as a certain 
amount of rutile (light gray). The dark 
area at the bottom left of the field is a 
grain of feldspar which has sintered to 
the ilmenite. Other black areas are 
pits in the surface of the grain. X600. 


Fig. 8—Allard Lake ilmenite concen- 
trate reduced with hydrogen at 1200°C 
for 4 hr. Further coalescence of the 
iron has taken place (compared with 
Fig. 5) and the sample now consists of 
metallic iron (white) distributed 
through a titaniferous phase matrix lig 
(gray) which also contains small areas ceous slag (dark gray). The grain is 
of silicate glass (black). X600. 


some seriate arrangement of the metallic iron still 
persists, although it is not as well developed as in 
hydrogen reduced samples. On further extending 
the residence time, additional coalescence of the 
iron apparently took place, although even after 4 hr 
at 1200°C traces of the seriate arrangement could 
still persist, Fig. 8. 

A factor influencing the form of the metallic iron 
was the presence of excessive quantities of silicate 
minerals which apparently tended to assist coales- 
cence of the metal. This effect is apparent in Fig. 9, 
which shows a section of one grain reduced at 1200°C 
with coke for 4 hr. The effect of the silicates is 
evidently significant only above about 1000°C, as at 
this temperature reduction did not result in unusual 
coalescence even when nearly 20 pct by weight of 
silicate minerals was present. 

The absence of any regular arrangement of the 
metallic iron particles is noticeable in reduced 
Florida and New Jersey ilmenites. Fig. 10, of a 
New Jersey ilmenite sample, shows small irregular 
bodies of metallic iron scattered through the titani- 
ferous phase matrix in a completely random manner. 


Fig. 9—A sample of Allard Lake ilme- 
nite reduced at 1200°C with coke. In 
the presence of silicate minerals con- 
siderable coalescence of the iron has 
taken place resulting in grains con- 
sisting of metallic iron (white), a ti- 
taniferous phase (gray), and a sili- 


surrounded by mounting medium 
(black). X600. 


Reduced approximately 22 pct for reproduction. 
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8 10—New Jersey ilmenite reduced 
with hydrogen at 1000°C. This reduc- 
tion has resulted in the formation of 

fine iron particles (white) distributed 
through the poorly crystallized titani- 


Fig. 11—New Jersey ilmenite reduced 
with hydrogen at 1200°C_ The increase 
in grain size of the iron (white) is ap- 
parent, while the titaniferous phase 
(gray) is more crystalline as indicated 


Fig. 12—New Jersey ilmenite reduced 
with hydrogen at 600°C showing the 
formation of fine particles of metallic 
iron (white) set in a matrix of rutile 
crystallites (gray). 


ferous matrix (gray). The black areas 
are pits in the specimen. X600. 


by more definite optical properties. 
The black areas are pits. X600. 


Reduced approximately 22 pct for reproduction. 


In a sample of similar material reduced at a higher 
temperature considerable coalescence of the iron 
had taken place, Fig. 11, and the sample was almost 
indistinguishable from a Florida ilmenite reduced 
with coke at 1200°C. 

The formation of metallic iron at the relatively 
low temperature of 600°C when New Jersey ilmenite 
was reduced with hydrogen is shown in Fig. 12. The 
extremely fine size of the metallic iron is apparent 
—many of the minute particles being less than 1 yu 
in diam. The lineation apparent in the section is of 
some interest and may represent the ‘‘ghost’’ of a 
previous fine hematite-ilmenite intergrowth., The 
persistence of twinning and ex-solution textures in 
highly altered ilmenite has been observed, and is 
sometimes indicated by preferred orientation which 
may be visible in polarized light. 

b) The Titaniferous Phase—Detailed work by For- 
man, Prince, and Bright*! on the separation and 
identification of the titaniferous and siliceous con- 
stituents in Sorel slag led them to the conclusion 
that the main titanium-bearing constituent of the 
Sorel slag had either of two basic chemical formulae: 


RO - 2TiO, [1] 
where R may be Mg?*, Fe?*, and/or Ti?* 
R,O; TiO, [2] 


where R may be Fe3t, Al3+, and/or Ti3*. 


They considered that these compounds were solu- 
ble in each other in all proportions and that the 
titaniferous portion of the slag was probably a solid 
solution of several, if not all, of the above materials. 

Also, the existence of a phase corresponding to the 
composition FeO - 2TiO, has been shown by Yoshida 
and Takei,*? while the existence of a solid solution 
series between Fe,0,- TiO, and FeO - 2TiO, was dem- 
onstrated by Akimoto et al.** Akimoto considered 
members of this series to be orthohombic, but 
Yoshida and Takei* considered that both end mem- 
bers of the series were tetragonal. A lower tem- 
perature Separation of this solid solution series 
into two pseudobrookite phases may occur.*4 The 
artificial products of this series are referred to 
here as a ‘‘titaniferous phase of the pseudo-brookite 
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type’’ to avoid the confusion of using the term titan- 
ium ‘‘slag,’’ which is applied to the product con- 
sisting of a titaniferous phase and a siliceous phase. 
Examination of a polished section of the Sorel 
titanium ‘‘slag’’ showed it to consist of two major 
phases which were identified as the titaniferous 
phase and the siliceous phase. In reflected light the 
titaniferous phase corresponding to the composition 
FeO -2TiO, is gray in color and moderately (but very 
variably) anisotropic in striking shades of gray and 
deep pink. On the other hand, a sample of ilmenite 
oxidized to give the Fe,0,- TiO, member of the solid 
solution series, while also anisotropic, was usually 
less so, and did not display the striking interference 
colors of the titanium rich member. It can be rea- 
sonably supposed that the Fe,O, - TiO,-FeO - 2TiO, 
solid solution series shows variable optical proper- 
ties depending on the titanium content, on its oxida- 
tion state and on the oxidation state of the iron, or 
the amounts of Mg?*, Al’* present, and could in some 
forms presumably correspond to the ‘‘anasovite’’ of 
Lapin al.*® or the ‘‘tagirovite’’ of Rudneva.*® 
Examination of Allard Lake ilmenite reduced at 
high temperature showed that a titaniferous phase of 
the pseudobrookite type was the usual titanium- 
bearing product. The degree of crystallization of 


this phase was apparently variable, however, and 

as in Sorel ‘‘slag’’ presumably depended on the time 
of heating and the cooling rate. In samples reduced 
at the higher temperatures this phase was usually 
distributed between the seriate rows of metallic 
iron as in Figs. 5 to 8, and when excessive silicates 
were present formed crystals surrounded by the 
siliceous phase as in Fig. 9. Fig. 13 shows a sample 
containing silicate in which MgCO, had been added, 
which had apparently aided the coalescence of the 
titaniferous phase (and of the iron). 

In the case of Florida and New Jersey ilmenites 
the titaniferous phase was also formed, but only at 
high temperatures, With hydrogen reduction at 
1000°C, it appeared that this phase had started to 
appear, Fig. 10, as some grains showing the typical 
anisotropism were present. At 1200°C it was well 
developed as shown in Fig. 11. With coke as the re- 
ducing agent higher temperatures were required ap- 
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Fig. 13—Allard Lake ilmenite reduced 
with hydrogen and with magnesium 
carbonate added. A typical texture 
showing coalesced iron (white) has re- 
sulted, with the titanate (gray) and the 
iron surrounded by a siliceous glass 
(black). X600. 


Fig. 14—Allard Lake ilmenite reduced 
with hydrogen at 1200°C. Only poor 
reduction resulted and the sections 
show the presence of abundant sili- 
ceous slag (dark gray) surrounding 
grains of homogeneous ilmenite (gray) 
and some metallic iron (white). 


Fig. 15—Allard Lake ilmenite reduced 
at 800°C with hydrogen, showing the 
formation of rutile (gray) and the ti- 
taniferous phase (dark gray) between 
the rows of metallic iron (white). 
X1000. 


Numerous subhedral crystals of a 
titaniferous phase are present (light 
gray) and can be seen forming around 
the edge of the ilmenite grains. X300. 


parently, and only at 1200°C was the titaniferous 


phase well developed. At 800°C with either hydrogen 


or coke reduction the titaniferous phase failed to 
form. 

c) The Siliceous Phase—The work of Forman et 
al.** showed that the siliceous phase in Sorel ‘‘slag’”’ 
consisted essentially of anorthite and albite, ortho- 
clase, and mixed metasilicates of iron, calcium and 
magnesium. Much of it was in the glassy or amor- 


phous state even in the relatively massive and slowly 


cooled Sorel ‘‘slag.’’ The siliceous phase in the re- 
ductions discussed here was not examined in any de- 
tail, but it could be easily recognized in the polished 
sections and only in a few instances did it display 
crystalline characteristics. At the lower tempera- 
tures (below about 1000°C) the silicate impurities 
apparently remained relatively inert and played 
little or no part in the reduction reaction. At about 
1000°C they had started to fuse, however, and could 
be found adhering to reduced ilmenite grains, ap- 


Fig. 16—Similar to Fig. 15. The de- 
velopment of rutile needles (light 
gray) is well shown, while the area 

in the left center of the field of view 
consists of partially reduced ilmenite- 
hematite containing spinel phases. 
X1100. 


X600. 


with coke at 1000°C. Very little re- 
duction to the metal has occurred, but 
instead reaction between the reduced 
hematite and the ilmenite has resulted 
in the formation of a spinel phase 
(2FeO: TiO,) and an ilmenite. The 
spinel is the lighter gray unetched 
area. Sample etched with HF + H),SO,. 


parently causing some sintering of the bed, Fig. 7. 
At 1200°C fusion was advanced and a separate sili- 
ceous phase was formed, Fig. 9. Fig. 8 shows a re- 
duction carried out at 1200°C after removal of ex- 
cessive silicates by gravity concentration in which 
the reduction in the amount of siliceous phase is 
most pronounced. Only in one of the many samples 
examined was there any indication of crystallinity 
developed in the glass. 

Apparently the formation of a separate siliceous 
phase can also affect the degree of reduction ob- 
tained in a given time. Fig. 14, a sample reduced 
with hydrogen at 1200°C in which only 52 pct reduc- 
tion of the iron was achieved, shows the presence of 
excessive siliceous phase surrounding grains of 
homogeneous ilmenite which sometimes displayed 
reaction rims consisting of the titaniferous phase. 
Adverse effects such as these can, of course, be 
overcome by removal of silicate impurities before 
reduction and with the relatively pure beach ilmenite 


Fig. 18—Carbon reduction of Allard 
Lake ilmenite at 1200°C, but for a 
longer time than in the sample shown 
in Fig. 9, has resulted in coalescence 
of the iron (white), and in addition 
numerous small bodies of an unidenti- 
fied phase (less white than iron) which 
is probably a titanium suboxide are 
scattered through the siliceous phase 
(black). Some crystallization of the 
siliceous phase is visible. The gray 
areas are the titaniferous phase. 
X600. 


Reduced approximately 22 pct for reproduction. 
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Fig. 17—Allard Lake ilmenite reduced 


concentrates the problem does not arise. 

d) The Rutile Phase—Two types of rutile have been 
recognized as developing during the reduction of 
various ilmenites. As mentioned before, the natural 
alteration of ilmenite can ultimately result in the 
formation of rutile or brookite while an intermedi- 
ate stage is reached in which an amorphous iron- 
titanium oxide mixture is considered to be present. 
Reduction of this latter type of material may lead 
to the formation of rutile. 

The development of rutile upon reduction of this 
altered type of ilmenites becomes apparent only when 
metallic iron is formed. Fig. 12 shows metallic iron 
in New Jersey ilmenite reduced at 600°C set ina 
matrix of what is apparently finely divided rutile 
crystals showing similar orientation as indicated 
by distinct anisotropism. When metallic iron failed 
to form, as in low temperature (600°C) reductions 
with coke, some of the partially altered grains re- 
verted to crystalline ilmenite, and instead of con- 
sisting of single crystal units as they probably did 
originally, now consisted of several interlocking 
crystals. As mentioned above, at higher reducing 
temperatures the titaniferous phase of the pseudo- 
brookite type formed at the expense of rutile. 

When using Allard Lake ilmenite, rutile has been 
observed when the ore was reduced at 800°C with 
hydrogen and the presence of this new phase is 
shown in Figs. 15 and 16. Some pseudobrookite 
type phase also formed under these conditions. The 
formation of rutile at this stage can be explained in 
terms of the composition diagram of Fig. 3, if it is 
assumed that partial reduction to the metallic state 
of the iron has resulted in the formation of a mem- 
ber of the Fe,O; -TiO,- FeO: 2TiO, series near the 
Fe,0,° TiO, end, which would leave excess TiO, in 
the form of rutile. Upon further reaction under re- 
ducing conditions the Fe,0,° TiO, compound moves 
toward the FeO: 2TiO, end of the series and reacts 
with the rutile, in doing so to form the final titani- 
ferous phase. The relative amounts of rutile and 
pseudobrookite type phases formed are probably de- 
pendent on the TiO, content of the starting material 
and the presence of magnesium and aluminum. It 
should be noted that rutile can be formed from pure 
ilmenite by oxidative heating, as has been observed 
by Currow and Parry*’ and discussed by Nagata 
et al.*® It has been also observed in this laboratory 
upon oxidation of pure unaltered ilmenite and is due 
to the formation of the Fe,0O,° TiO, type of phase 
leaving excess TiO, as rutile. Oxidation of a Canadian 
ilmenite (containing excess Fe,O;) did not yield ru- 
tile but only a titanate. 

It is of interest to note that the presence of rutile 
in the Sorel type of titanium ‘‘slag’’ has been rec- 
ognized. It is possible that in the reduction during 
the formation of titanium ‘‘slag,’’ rutile is an inter- 
mediate product in certain temperature zones and 
under the proper conditions it may consequently ap- 
pear in the final ‘‘slag.’’ 

e) Spinel Type Phases—Spinel type phases of a 
composition approximating 2FeO- TiO, have been 
recognized in some samples of Canadian ilmenite in 
which reduction to the metallic iron state has not 
taken place in any amount. These phases apparently 
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formed as an intermediate reduction product but 
were confined to the Canadian ilmenites containing 
hematite as ex-solution bodies. The formation of 
spinels can be explained by the assumption that the 
Fe,0, of the hematite lamellae is reduced to Fe;O, 
at some stage during the reduction. As pointed out 
by Vincent, Wright, Chevallier and Mathieu,*° on 
heating such a mixture, the reaction: 


Fe,0, + FeTiO, Fe,03 Fe,TiO, 
Magnetite Ilmenite Hematite Ulvdspinel 


proceeds to some extent. The ilmenite can then take 
the Fe,O; into solid solution, but probably under 
these strong reducing conditions the Fe203 formed 
would in turn reduce and react to give more spinel. 
Fig. 17 shows a grain consisting of an intergrowth 
of isotropic ulvéspinel and a strongly anisotropic 
ferri-ilmenite. The spinels formed in this way are 
highly magnetic. Their formation could probably be 
prevented by preoxidation or heating of the ore to 
cause solution of the hematite. 

f) Titanium Sub-Oxides—In one sample reduced 
with coke at high temperature (1200°C for 5 1/2 hr) 
an unidentified phase was present which has tenta- 


tively been assumed to consist of titanium sub-oxides. 


The phase is golden yellow to violet in color, and any 
anisotropism is marked by bright internal reflec- 
tions. Its presence is shown in Fig. 18. 


CONCLUSIONS 


As a result of these experiments it was found that 
the products formed upon reduction of natural il- 
menite depended not only on the temperature of re- 
duction but also on the type of ilmenite used. In 
general, at temperatures above about 1000°C reduc- 
tion of Canadian, Florida, or New Jersey ilmenite 
by coke or hydrogen resulted in the formation of a 
titaniferous phase of the RO- 2TiO,-R,O, - TiO, type 
and metallic iron. At temperatures in the vicinity of 
1000°C similar phases were also formed from Cana- 
dian ilmenite when using hydrogen or coke, but with 
altered ilmenites of the Florida or New Jersey type 
rutile rather than the pseudobrookite type of titani- 
ferous phase formed. The different phases formed 
were due in part, at least, to differences in the char- 
acter of the starting material. 

At lower temperatures, about 800°C, reduction of 
Canadian ilmenite by hydrogen formed metallic iron 
but also resulted in the formation of some rutile as 
well as the titaniferous phase of the pseudobrookite 
type. Reduction of the altered types of iimenite at 
this temperature, with hydrogen, formed metallic 
iron and rutile. With coke reduction, ilmenite and 
rutile resulted without the formation of metallic 
iron. The formation of these various phases can be 
explained by a study of the TiO,-FeO-Fe,0, compo- 
sitional diagram and again depends upon the compo- 
sition and character of the starting ilmenite. 

Based on the optical properties and the X-ray dif- 
fraction patterns the pseudobrookite type of titani- 
ferous phase formed upon reduction was crystallo- 
graphically similar to the titaniferous phase in 
Sorel ‘‘slag.’’ 
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Diffusion in the lron-Chromium System 


The self-diffusion coefficient of chromium in various alloys 
in the iron-chromium system has been measured. A variation in 
D, from 10-4 for pure chromium to a maximum of 10? near 60 pct 
Cr appears with a range of activation energy from about 50 to 80 


kcal per mol. The general pattern of behavior observed is not 


H. W. Paxton 


consistent with present theories of diffusion by a vacancy mech- 


anism. Suggestions are made for further clarifying experiments. 


Recent work on the self-diffusion of chromium,* 
y-uranium?~* and 6-zirconium,?* * has indicated 
that these elements have very low D, (107% to 10-*) 
compared to that conventionally expected for vacancy 
diffusion. Pound e¢ al. have suggested that this may 
be due to ring diffusion being operative, and have 
proposed a model which gives Dy of the correct or- 
der of magnitude. The essential difference between 
this model and Zener’s earlier model’ is that 
whereas Zener assumes tight coupling between 
atoms in a ring to establish a vibrational frequency, 
Pound’s model allows the atoms to vibrate essen- 
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tially each in their own normal modes. The prob- 
ability of each atom moving in the correct direction 
to cause a ring of ” atoms to rotate by 27/n must 
then be calculated as a ‘‘synchronal entropy’’ which 
may be —20 e.u. for a 4 atom ring. 

In iron, the latest determinations of self-diffusion 
yield Do in the range 18 to 522.7-° The most accurate 
is probably that of Borg and Birchenall® which is 
118 + 3. This value is not inconsistent with that ex- 
pected for a vacancy mechanism. 

Since iron and chromium are very closely simi- 
lar in size, are both transition metals, and their 
solution is thermodynamically ideal at temperatures 
of interest in diffusion, it appeared that a determina- 
tion of self-diffusion coefficients, D) and Q asa 
function of composition would be of substantial in- 
terest to diffusion theory. The following measure- 
ments were made with this purpose in mind. 
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TABLE | 
Nominal 
Desig- Composi- Mode of Actual, 
nation tion, Pct Cr Preparation Pet Cr) Pet Other 
A 100 sintered powder 100 0.002 0.002 
B 90 Arc-cast button 86.0 0.063 0.005 0.0004 H, 
Cc 85 Arc-cast button 84.3 nd nd 
D 80 Arc-cast button 79.1 nd nd 
E 70 Arc-cast button 66.5 nd nd 
F 50 Arc-cast button 49.1 0.046 0.002 0.0006 H, 
G 30 Vacuum melted 30.2 nd 0.0009 + 0.004C 
as 12-lb ingot 0.012 S 


nd —not determined 


EXPERIMENTAL TECHNIQUES 


It is convenient to divide the experiments into two 
groups—those performed by autoradiographic tech- 
niques and those done by a sectioning technique where 
the residual activity in the specimen was counted, 

Autoradiographic Techniques—The value of De. 
was measured by autoradiographic techniques as a 
function of composition at 1275°C. The composition 
of the alloys is shown in Table I. The analysis is not 
complete on all alloys, but the impurities in all ma- 
terial other than A and G are expected to be com- 
parable. 

For the measurements of self-diffusion of chro- 
mium in the system, the convenient isotope Cr®**} 


TObtained as a standard reactor-irradiated unit from Oak Ridge. Other 
activity is stated to be ‘‘negligible.’’ 


was used as a thin film welded between two blocks of 
identical chemical composition. This isotope has a 
half-life of 27.8 days and decays primarily by K- 
capture with about 8 pct 0.32-mev y-rays.” The ef- 
fective range of the X-rays is of order 20u. Cr*! 
was vapor deposited in a vacuum of 10-° mm of Hg 
onto metallographically prepared surfaces of the 
alloy to be investigated, giving about 10000 cpm on 

a Geiger counter. Each surface of a weld couple re- 
ceived a deposit. 

The alloy couples could be welded conveniently in 
a helium atmosphere by passing a heavy current 
through the specimen which was constrained by mas- 
sive copper contacts; the thermal expansion of the 
sample provided adequate pressure for a good weld. 
The maximum temperature reached was 1250° to 
1300°C; the time at temperature was less than 45 
sec, 

Pure chromium cracked badly with this treatment 
and was thus welded in a conventional tube furnace 
under light pressure in purified dry hydrogen. The 
welding time could be as short as 1 hr but more 
usually was 15 hr. The temperature was 1275°C. 

With both methods, the amount of upset was small 
and the interface remained plane. The sum of weld- 
ing and diffusion times at 1275°C was counted as the 
correct diffusion time. 

After grinding a flat surface normal to the inter- 
face, the specimens were placed on this surface in 
contact with Kodak No-Screen X-ray film for about 
4 days. The autoradiographs thus obtained were very 
sharp giving P/P, = 0.5 at a distance from the inter- 
face of about 0.022 mm. (P is the photographic den- 
sity, P, is the maximum photographic density). 
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85% Cr-Fe 
Diffusion Temp. 1275% 


a8 Diffusion Time 
fo) 150 hrs. 
e 805 


Xx 15 


Relative Photographic Density 
re) 
Ww 


ce) 
T 


: 


0.1 


1 
(distance from interface)* 


Fig. 1—Autoradiograph photographic densities as a func- 
tion of x? for several typical specimens of 85 pet Cr- 

15 pet Fe alloy. The linearity implies satisfactory ful- 
fillment of the assumed boundary conditions. 


All specimens were given a diffusion anneal for 
135 to 150 hr at 1275°C in a resistance furnace con- 
trolled to +5°C over these long periods. Autoradio- 
graphs were again taken following removal of 2 or 3 
mm to eliminate the zone where surface diffusion 
may be important; this distance is comparable to or 
larger than the penetration. No evidence of prefer- 
ential grain boundary penetration was observed. 

Photographic densities were obtained on a Baird 
Associates Densitometer (Model CB). In the range 
of operation, this density was calibrated directly and 
shown to be proportional to the total number of dis- 
integrations after correction for background. Solu- 
tion of the diffusion equation pertinent to the boundary 
conditions employed is 

I 


In = = In — = 


where J, is the maximum intensity and J is the in- 
tensity of radiation at point x after a diffusion anneal 
of ¢ seconds. This equation readily enables calcula- 
tion of The linearity of nP/P) vs 
offered reassurance that the boundary conditions 
were indeed applicable e.g., there was no impervious 
oxide layer at the weld. Fig. 2 shows the half width 
of the density-distance curve at P/P, = 0.5 as a func- 
tion of t’2. The relationship is very adequately 
linear. 

These observations are necessary to show that an 
oxide barrier which might be important at the high 
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Fig. 2—Diffusion penetration (as measured by a reduction 
to 50 pet of the surface photographic density) as a func- 
tion of 72. This graph is derived from Fig. 1 


0 


chromium end of the system is not present; the prob- 
lem has been discussed by Paxton and Gondolf in 
work on self-diffusion of chromium? Further, oxygen 
analysis of the chromium following diffusion showed 
87 ppm which is well within the solubility limit at 
1275°C reported by Caplan, Fraser, and Burr; any 


film initially present should therefore have dissolved. 


Finally, confidence in the present results is en- 
gendered by noting from Fig. 3 that for pure chro- 
mium De. is 3.3 x 10-7 sq cm per sec from these 
experiments at 1275°C compared with 5.5 x 107#2 — 
sq cm per sec calculated from the formula of Pax- 
ton and Gondolf;1 this agreement is even perhaps 
unexpectedly good. 

Sectioning Techniques— For the series of experi- 
ments designed to measure D as a function of 
composition and temperature, attention was con- 
fined to nominal compositions of 25, 50, and 70 pct 
Cr. The analyses are shown in Table II. For the 
50 pet alloy, the autoradiographic technique de- 
scribed above was used; the 25 and 70 pct alloys 
were sectioned following the method described later. 
The specimens were discs either 22 mm diam and 


TABLE II 
Nominal 
Composi- Mode of Actual, 
tion, Pct Cr Preparation © Pct Pet:0 Other 
25 Vacuum induction 25.08 0.078 0.163 - Mn 0.84 
melted ingot Si 0.40 
Ni 0.50 
50 Arc-cast button 49.10 —- <0.0020 0.046 H 0.00062 
70 Vacuum induction 67.29 0.089 0.0072 — 


melted ingot 
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D 1250 (experitnental) 
o 


i275 (experimental) 
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Diffusion Coefficient (cm ¥sec.) 


w, 
“ Chromium 
Fig. 3—Various diffusion coefficients as a function of com- 
position in the Fe-Cr system. The symbols e (Ivanov 
et al.”) and O (Shinyayev?*) represent direct tracer de- 
terminations of Df.. The other curves are discussed in 


the text. 


6 mm thick (size A) or 15 mm diam and 6 mm thick 
(size B), depending on available material. The ini- 
tial grain size was several mm to eliminate grain 
boundary effects. Cr®* was deposited as before on 
the metallographically polished surface by the vac- 
uum evaporation technique to 3000 to 10,000 cpm on 
size A specimens and 300 to 3000 cpm on size B. 
The radioactive specimen was packed in recrys- 
tallized alumina in a small Norton alundum cylinder 
and enclosed in a sealed McDanel tube with purified 
hydrogen. Small amounts of zirconium chips and 
tantalum foil were also sealed with the specimen 
into the tube as a getter The McDanel tube was in- 
serted into a furnace which was kept at a constant 
temperature (within +5°C) for an extended period 
Actual lengths of the diffusion run were as follows: 


25 pet Cr-Fe 1100 to 1250°C 10 to 25hr 
950 to 1000°C 50 hr 
70 pet Cr-Fe 1200 to 1250°C 10 to 25hr 
950 to 1100°C 50 to 100 hr 


For the 50 pct Cr-Fe alloy which was investigated 
by autoradiographic techniques, a longer time of 
diffusion anneal, up to 150 hr, was used to obtain 
deeper penetration. 

Sectioning of the 25 and 70 pct alloy specimens 
was achieved by emery paper grinding back from the 
radioactive surface. During the sectioning proce- 
dure the thickness at four points (at least) of the 
specimen was frequently checked by a micrometer 
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to ensure parallel sectioning within +2.5u. More 
measurements were taken for those specimens 
which had relatively small penetration. After sec- 
tioning, the weight of the specimen was measured 
and the thickness removed was calculated from the 
weight loss. The amount removed in each layer was 
adjusted according to the diffusion penetration. Ap- 
proximate section thicknesses and the total thick- 
ness removed in microns were as follows: 


25 pct Cr-Fe 170 pct Cr-Fe 


High temp. 50 to 100 10 to 25 
Low temp. 25 to 40 2 
Total thickness removed 200 to 700 
High temp. 50 to 110 
Lowtemp. 10to 30 


After each grinding, the radioactivity of the surface 
of the specimen was measured by a thin mica-win- 
dow argon-filled G-M tube. The geometry in the 
measurements was kept constant. Corrections for 
the natural decay and for the minor change in the 
measuring conditions were made by comparison of 
the specimen with a standard specimen which had 
the same dimensions as the test specimen and had 
a Cr* radioactive layer on its surface. Edge-effects 
were eliminated by employment of a lead ring which 
covered the circumferential edge of the specimen. 


EXPERIMENTAL RESULTS 


The values of De from the autoradiographic ex- 
periments on various compoSitions at 1275°C are 
shown in Fig. 3. Also shown on this figure are a 
value for D*, at 1250°C using a Q@ of 60,000 cal 
per mol, and an experimental value of D at 1250°C, 
the chemical diffusivity as a function of composition 
obtained from a couple of 30 Cr-70 Fe vs pure 
chromium.’* The exact value selected for this Q 
is not sensitive to +10,000 cal per mol. From these 
results, and from the ideal solution behavior of 
Fe-Cr,° which means Dé, = D,,, we may by using 
Darken’s equation" 


D = No, Dre + coy [2] 


obtain values of Dre (=D¥, ). De, and Dr, are the 
partial diffusion coefficients measured in a chemical 
concentration gradient. The values of Dy, are also 
plotted in Fig. 3 along with experimental values of 
D*. obtained by tracer techniques by Ivanov?! and 
Shinyayev.”” The agreement is satisfactory. 

In utilizing the sectioning technique which counts 
activity remaining in the specimen, the following 
solution of Fick’s Equation is applicable (Gruzin).'5 
al (k) 

K 


ul (k) = 7 const. (nD*, exp. 
3 


The measured radioactivity is plotted against the 
amount of material removed from the specimen in 
Fig. 4. From this curve we can calculate the second 
term of Eq. [3]. The first term of Eq. [3] includes u 
(the absorption coefficient of the material) which was 
derived as follows: 

The mode of the natural decay of Cr*! is accom- 
plished 92 pct by K-capture X-ray and 8 pct by 0.32 
Mev y-ray.’° The former can be considered as 
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Fig. 4—Typical experimental result for 70 pet Cr-30 pct 
Fe showing intensity of residual sample as a function of 
amount of material removed. 


vanadium K, with a wave length of 2.50A, which is 
larger than the X-ray absorption edge of both iron 
and chromium. For iron, the mass absorption co- 
efficient for this wave length is reported as 147 sq 
cm per g. Since no direct measurements are avail- 
able for chromium, the value for chromium was 
derived by the extrapolation of the curve obtained by 
plotting the known mass absorption coefficients of 
iron, nickel, copper and zinc for this wave length*® 
against the atomic number. The derived value for 
chromium is y./p = 115 which seems to be reason- 
able judging from the data presented by Linnenbom 
et al.,*" Peisler et al.,1® and Allen’ Using the fol- 
lowing expression’® which shows the relationship 
between the mass absorption coefficient of the alloy 
and those of the individual elements, 


(H/P) attoy = (u/p); [4] 


where /; is the weight percent of the z’th element, 
the mass absorption coefficient of the different com- 
positions of Fe-Cr alloy was calculated by the fol- 
lowing equation: 


= 147- 0.327, cm?/g [5] 


The values for . which were used in this investiga- 
tion are listed below. 


25 pet Cr-Fe 1070 
70 pet Cr-Fe 930 


In the case of large diffusion penetration (generally 
the case for 25 pet Cr-Fe) the second term of Eq. [3] 
is very small compared to the first term. In the case 
of small diffusion penetration (generally the case for 
70 pet Cr-Fe), the contribution of the second term 
increases, but is usually still smaller than the first 
term. According to Eq. [3] the plot of In p(k) - 
[e(k)]/x vs kx? should be linear The experimental 
data fitted this relationship very well, which shows 
the validity of the application of Eq. [3]. For example 
Fig. 5 shows typical experimental data, from which 
the values of Dé, may be calculated, 
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Fig. 5—The results of Fig. 4 plotted as log(pJ(x) — 
vs x* (following Gruzin)!> The linearity indi- 
cates fulfillment of the boundary conditions assumed. 


Dé, was plotted against 1/T for the different com- 
positions in Fig 6. The Arrhenius type of diffusion 
equation is satisfied in each composition over the 
temperature range in the experiment. Several values 
-Of Dg at 1275 C from Fig 3 which were measured 
on the corresponding composition by autoradiographic 
techniques are also shown in Fig. 6. They are in 
very good agreement with the sectioning data. 

Arrhenius equations were calculated by the method 
of least squares. The results are: 


25 pet 

Cr-Fe D%, = 0.156 exp (—48400/RT) cm2/sec [6] 
50 pet 

Cr-Fe Dé, = 40 exp (—70000/RT) cm?/sec 
70 pet 

Cr-Fe Dé, = 24.6 exp (-75500/RT) cm2/sec [8] 


For 70 pet Cr-Fe, the coefficient of self-diffusion 
of chromium was also determined by the surface 
activity decrease method. The calculated result by 
this technique was: 


= t.76 exp (-67500/RT) [8] 


Table Ill. Self Diffusion in 0-Fe-Cr Alloy 


Cr Content Element 


Do» Q, 
cm?/sec Kcal/g atom 


WtPct At. Pct Diffusing Reference 
0 0 Cr 3.0.x 82 Gruzin” 
0 0 Fe 1.8 x 10 64 Leymonie et al.’ 
0 Fe 1.18 x 10? 67.2 Borg et 
0 0 Fe 5.3) x 16+ 67.1 Golikov ez al.° 
20 21 Fe 3.2 x 107 54 Shinyayev”” 
25 26 Gr 1.56 x 107* 48.4 Present investigation 
26 27 ~ Fe 1.95 x 107* 50.4 Ivanov et al:”4 
40 41.5 Fe 65.2 Shinyayev”” 
49 51 Cr 4.0 x 10 70.0 Present investigation 
49 51 Fe 2:5 x. 107 74.6 Ivanov et al.”* 
50 Siz Fe 7.7 x 10° 84.7 Shinyayev” 
55 56.5 Fe 1.5 x 10° 81.4 Shinyayev” 
60 61.5 Fe 1.0 x 10 88.2 Shinyayev” 
67 69 Cr 2.46 x 10 19;5 Present investigation 
82.5 84 Cr 3.76 x 107* 64.2 Ivanov et al.”* 
82.5 84 Fe 1.46 x 10? 81.9 Ivanov et al.”* 
100 100 Cr Paxton and Gondolf* 
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Fig. 6—Values of Des for the various alloys and for pure 
chromium (Paxton and Gondolf)! as a function of T7!. 


Agreement by these different approaches is not too 
satisfactory; however, considering the inherent in- 
feriority of the surface activity decrease method, 
the expression by the sectioning technique is pre- 
ferred especially since this agrees with the auto- 
radiographic method. 

In addition to the present data, data available for 
self-diffusion in this system in the literature are 
summarized in Table III. 

The concentration dependencies of D, and Q for 
the self-diffusion of iron and chromium in this sys- 
tem are shown in Fig. 7 and in Fig. 8, respectively. 
From these, the following observations can be made: 

1) D, for Self-Diffusion of Chromium—D, for 
chromium increases smoothly from the order of 107* 
in pure chromium to a maximum of 10’ to 10? at about 
60 pet Cr as the iron content is increased. Further 
increase in iron content decreases D, to the order 
of 10-2 in 25 pet Cr. The values of Dy in 25 pct Cr 
and 82.5 pet Cr are comparable. Interpolation of 
the present result in 67 pct Cr and Paxton and Gon- 
dolf’s! result in pure chromium is in good agree- 
ment with the value of Ivanov e¢ al.?1 in 82.5 pet Cr. 
D, seems to increase rather sharply towards the 
value in pure iron in the composition range of chro- 
mium from 20 to 0 pct, although the reported Do 
for chromium diffusion in pure a-Fe (D = 10*4) 
seems unusually high. 
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Fig. 7—Values of Do for Dé,(O) and Die(e) in the Fe-Cr 
system. Also shown are Mortlock and Tomlin’s values 
for Dy for Dex in the Ti-Cr system. 


2) Do for Self-Diffusion of Fe—The concentration 
dependence of D, has qualitatively the same trend as 
for chromium, although iron self-diffusion has a 
somewhat higher D, than chromium self-diffusion 
at the same composition. In the composition range 
between chromium = 20 pct and pure iron, D, in- 
creases from about 107! (in 20 pct Cr) to D, ~ 10? 
(in pure iron) showing the same trend as chromium. 

3) Q—The concentration dependence of the activa- 
tion energy for diffusion is qualitatively similar to 
that of Do. For chromium self-diffusion, it varies 
in the range from 75 kcal per g-atom (about 60 pct 
Cr) to 50 kcal per g-atom (pure Cr and 25 pct Cr). 
For iron self-diffusion, it varies in the range from 
88 kcal per g-atom (about 70 pct Cr) to 50 kcal per 
g-atom (25 pct Cr-Fe). Increase in Q ag pure iron 
is approached is observed for Dre and Dies: 


DISCUSSION 


The data presented here, together with the Russian 
work, are the most complete set of information on 
diffusion parameters available in a body centered 
cubic alloy system. Although the precision is per- 
haps not quite as good as a purist would wish, the 
general trends appear evident. What is much less 
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Fig. 8—Values for Q for Dee (O) and D#(e)in the Fe-Cr 
system. Also shown are the values of @ tor Dé, in the 
Ti-Cr alloys. 


evident is a reasonable rationalization of the results 
on the basis of our current understanding of the 
theory of diffusion. The following points may be 
made: 

1) On the most naive view of the situation the 
variation in D, should be almost a step function. 
Where ring diffusion is operative, by the Pound 
mechanism, the D, would be low—of order 1074, 
and where the vacancy mechanism is operative 
the D, would be of order unity. A more or less 
sudden transition between the two would be expected 
Since only over a narrow range of composition 
would rates of diffusion by the two mechanisms be 
comparable, and that mechanism which produced the 
most rapid diffusion should be dominant and char- 
acteristic. 

While it is just possible to interpret the D, for 
this alloy system on this basis, the data certainly 
suggest more strongly a smooth curve with a max- 
imum around 60 pct Cr. More data are necessary 
on diffusion of both chromium and of iron in dilute 
alloys of chromium. Data on tracer diffusion of iron 
in pure chromium would also be of considerable in- 
terest, since any reasonable extrapolation of the D, 
data seems to give a value much higher than 10-4. 
This suggests that the mechanisms of diffusion of 
iron and chromium in chromium may be different— 
an intriguing possibility. 

It would also be of interest to study the energy of 
formation and migration of vacancies in chromium 
by quenching and aging techniques. This is likely to 
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be very difficult experimentally because of the ex- 
treme reactivity of chromium at temperatures suf- 
ficiently high to give useful vacancy concentrations. 

2) Theoretical analysis of the activation energy 
for diffusion is difficult, and this comment on the ex- 
perimental values must ‘be brief. The low value of 
@ for Dc, in chromium (52,700 cal per mol) rela- 
tive to the melting point suggests a mechanism dif- 
ferent from that of most other metals. It is note- 
worthy that y-uranium? and also 
have a Q much less than the 35 Tm, which is often 
characteristic™ and here also the "Ds is low (1073 
for y-U, 10-3 to 1074 for B-Zr) and ring diffusion 
may be occurring. 

The maximum observed value of Q for De in a 
60 pet Cr alloy is about 35 7,,; this may be inter- 
preted as evidence that diffusion is by a similar 
mechanism to that in most other metals. The low 
value of @ in a 25 pct Cr alloy is presently not un- 
derstood. 

Mortlock and Tomlin”® have studied the diffusion 


of chromium in pure titanium and 10 and 18 pct Cr-Ti 


alloys. They observe the following values: 


Material Do Q@ (Kcal per g Mol). 
Commercial Ti 0.005 + 0.009 35.3 + 2.7 
- 0.003 
Iodide Ti 0.010 + 0.013 37.7 + 2.2 
— 0.006 
Ti+10pcet Cr 0.02 +0.06 40.24 3.9 
- 0.01 
Ti+18 pct Cr 0.09 +0.08 44.54 1.6 
— 0.04 


While @ for De; is not known, on a vacancy model 
one might expect a value of 70 to 75,000 cal per mol 
for pure titanium. The values are plotted in Fig. 8. 
The composition dependence is not dissimilar from 
the extrapolation of Ie: in Cr-Fe. Further the ob- 
served Dy values are plotted in Fig. 7 and again a 
marked similarity with extrapolated values of Dy 
for chromium diffusion in Cr-Fe exists. The values 
of D, and Q for De in pure iron then perhaps 
should be reexamined. 

Mortlock and Tomlin suggest that the simple va- 
cancy model of diffusion needs modification to ex- 
plain their results. They enquire if the relatively 
small size of chromium with respect to titanium can 
be responsible for the low activation energy. In view 
of the results described here, since iron and chro- 
mium are within 0.5 pct of the same atomic size, 
this suggestion now appears inadequate as a general 
case. 

3) The effects of correlation corrections and inter- 
actions of vacancies with solute atoms have not been 
treated for concentrated solutions in body-centered- 
cubic lattices. This is a rather difficult problem, but 
would appear to be fundamental to our understanding 


of high-temperature phenomena in the body- -centered- 


cubic transition metals. 


SUMMARY AND CONCLUSIONS 
1) The self-diffusion coefficients of chromium and 
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iron in the Fe-Cr system have been measured or col- 
lected from published work. 

2) The variation of Dies with composition at 1275°C 
is the largest yet observed in an alloy system—of 
order 104 difference in rates between pure chro- 
mium anda 30 Cr-70 Fe alloy. The variation of D#. 
is much less at this temperature (about a factor of 
10 difference in rates over the same composition 
range). 

3) The values of D, and Q@ for both iron and chro- 
mium self-diffusion show large variations with com- 
position. The effect of composition is rather com- 
plex, but is essentially of the same form for both 
elements. 

4) The currently accepted theories on the vacancy 
mechanism of diffusion provide no obvious explana- 
tion of the results. The concepts of ring diffusion 
and correlation require more detailed theoretical 
work before proper comparison can be made. 

5) Experiments to shed light on diffusion mech- 
anisms in the bcc transition elements which are of 
very considerable present and future technological 
importance seem most desirable. 
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Recrystallization of Cold-Drawn Sintered 


Aluminum Powder 


The vecrystallization behaviors of two extruded and cold- 
drawn experimental sintered aluminum powder alloys, containing 
1.75 and 3.0 pct Al2O3 by weight, were compared with that of ex- 
truded and cold-dvawn commercially pure aluminum. The kinetics 


of recrystallization of the alloys are described semiquantitatively. 
For the alloy containing 1.75 pct Al,O, the rates of nucleation and 
of growth were also semiquantitatively determined. 


Tue most striking property of aluminum alloys 
strengthened by a dispersion of AL,O,, the so-called 
SAP alloys, is their stability at elevated tempera- 
tures. One of the manifestations of this stability is 
their resistance to recrystallization after they have 
been cold worked. Most of the commercial grades 
of either the Swiss SAP or of Alcoa’s Aluminum 
Powder Metallurgy Products have not been recrys- 
tallized after cold working, even when they are 
heated for a long time at a temperature near the 
aluminum melting point. Lenel, however, observed 
that the dispersion strengthened aluminum alloys 
with a larger spacing between the oxide particles 
than that of most commercial grades would recrys- 
tallize.1 It appeared to be of interest to further in- 
vestigate the mode and kinetics of recrystallization 
of these alloys, and to compare their recrystalliza- 
tion behavior with that of commercially pure alumi- 
num. Because homogeneous deformation of these 
SAP alloys in tension did not provide sufficient cold 
work to induce recrystallization, they were cold 
worked by wire drawing; the nonuniformity of:this 
deformation unavoidably complicated the interpreta- 
tion of the recrystallization studies. 


EXPERIMENTAL DETAILS 


Extrusions—Two types of sintered aluminum pow- 
der extrusions were used in this study. One type, 
designated AT-400, was produced from Reynolds 
atomized aluminum powder consisting of spherical 
particles averaging 3yu in diam and containing 1.75 
wt pet of Al,O,. This powder was very similar to 
the R3M powder from which extrusions were previ- 
ously prepared with an average spacing of 0.9 be- 
tween oxide particles.” The second type, designated 
MD 2100, was produced from Metals Disintegrating 
Co. flake powder containing 3.0 wt pct of Al,O,, with 
an average flake thickness of 0.841. The average 
Spacing between oxide platelets in MD 2100 extru- 
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sions was 0.45u..” Powder compacts of 3/4-in. diam 
were extruded at 1000°F into 0.097-in. diam (AT-400) 
and 0.093-in. diam (MD 2100) wires by methods 
previously described.*® In order to compare the re- 
crystallization behavior of sintered aluminum pow- 
der extrusions with that of wrought commercially 
pure aluminum 3/4 in. rod stock of 1100 F aluminum 
was extruded at 1000°F into 0.102-in. diam wire. 

Wire Drawing—Tungsten carbide dies were used 
for the AT-400 and 1100 F alloys. They had an in- 
cluded angle of about 15 deg and reduced the wire 
area approximately 7 pct per pass. Steel dies with 
an included angle of 11 to 13 deg and an average re- 
duction per pass of 10 pct were used for drawing the 
MD 2100 alloy, because drawing this alloy through 
the carbide dies produced overdrawing defects. 

Heat Treatment—The cold-drawn wires were cut 
into small samples, and the deformed ends were 
etched off. The samples were each wrapped tightly 
in a Single layer of aluminum foil, and individually 
isothermally annealed in a lead bath. 

Metallography—The modes and kinetics of re- 
crystallization were determined by metallography. 
Mounted and polished specimens were anodized in a 
solution of 1.8 pct HBF,;* examination under polarized 
light clearly revealed their grain structures. The 
recrystallized grains were generally much larger 
than those of the unrecrystallized matrix, and could 
clearly be distinguished because they alternated be- 
tween maximum and minimum light reflection when 
the microscope stage was rotated, while the unre- 
crystallized matrix had a comparatively homogeneous 
‘‘salt and pepper’’ structure. The fractional recrys- 
tallized volumes of the dispersion hardened alloy 
wires were determined by cutting and weighing of 
recrystallized and total transverse areas on photo- 
micrographs. The recrystallized grains in the 
1100 F alloy were too small to be cut out individu- 
ally; therefore a combination of cutting and lineal 
analysis was used in this case. 


RESULTS AND DISCUSSION 


Modes of Recrystallization—The modes of recrys- 
tallization of the three alloys varied widely. In the 
1100 F alloy nucleation and growth started in the 
region midway between the center and the surface; 
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a 1—1100 = alloy, 76 pct RA Heated Fig. 2—AT-400 alloy, 73 pet RA Heated Fig. 3—AT-400 alloy, 73 pet RA Heated 
0 min at 650°F. X60. Reduced approx- 4 min at 800°F. X60. Reduced approx- 4 min at 800°F. Longitudinal section. 
imately 21 pct for reproduction. imately 21 pct for reproduction. X60. Reduced approximately 27 pct for 


the central region recrystallized last. Fig. 1 shows 
a complete transverse section of 1100 F alloy re- 
duced from 0.102 to 0.050 in. by drawing and then 
annealed 10 min at 650°F. The wire was completely 
recrystallized; the grain size was quite small, as 
compared with the recrystallized grain size of the 
dispersion hardened alloys. 

The mode of recrystallization of the AT-400 alloy 
was temperature dependent. In samples reduced 
from 0.097 in. to 0.050 in. (73 pct reduction in area) 
and heated at 750° or 800°F, recrystallization oc- 
curred perferentially at the centers of the wires. The 
rate of growth of these grains was much greater in 
the longitudinal than in the radial direction, probably 
because of an orientation of the oxide platelets paral- 
lel to the wire axes produced by the extrusion and 
cold drawing steps. It was this rapid longitudinal 
growth which rendered reliable the quantitative 
transverse-section sampling techniques employed 
for the determination of the fractional recrystallized 
volume Figs. 2 and 3 show the complete transverse 
and longitudinal sections of a sample heated for 4 
min at 800°F. The columnar nature of the single 


Fig. 4—AT-400 alloy, 73 pet RA Heated 1 min at 850°F. 
X60. Reduced approximately 18 pct for reproduction. 
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center-nucleating grain is evident. At 850°F recrys- 
tallization occurred preferentially at both the wire 
centers and surfaces, as in Fig. 4, which shows a 
sample drawn 73 pct and heated for 1 min at 850°F. 
For a fixed degree of cold work, recrystallization 
occurred more frequently at sites other than the 
center and the surface as the temperature was 
raised. The transverse recrystallized grain size 
decreased considerably with increasing recrystalli- 
zation temperature. : 

The mode of recrystallization of the MD 2100 alloy 
closely resembled the low-temperature mode of the 
AT-400, in that recrystallization occurred initially 
in the central wire region and then expanded toward 
the surface at an ever decreasing rate. Fig. 5 shows 
the partially recrystallized structure of MD 2100 
alloy, drawn 86 pct, after 30 min at 900°F. No re- 
crystallization was initiated at the surface of this 
alloy at any temperature investigated. 

The alloys differed markedly in the sites of pre- 
ferred recrystallization, and the reason for the pre- 
ferred central and surface sites in the SAP type 


Fig. 5—MD 2100 alloy, 86 pct RA Heated 30 min at 900°F. 
X82. Reduced approximately 21 pct for reproduction. 
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Fig. 6—Microhardness of transverse sections of wire 
samples as a function of d/R. 


alloys is uncertain. Fig. 6 shows microhardness 
surveys of transverse wire sections. Although the 
various alloys were hardest at their preferred re- 
crystallization sites, AT-400 wires which were bent 
into a ‘‘U’’ shape were found to be highly resistant 
to recrystallization in the bent regions; this may 


Fig. 7—Orienta- 
tions of axes of 
wire samples with 
respect to crystal- 
lographic directions 
in center -nucleating 
recrystallized 
grains. AT-400 al- 
loy, 73 pet RA. 
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0 800°F 
@ 850°F 


‘“‘Oriented growth’’ of the recrystallized grains in 
the fiber texture would also be inhibited by bending. 
Fig. 7 shows the orientations of center-nucleating 
grains in the AT-400 alloy. The fiber texture of 
AT-400 wires ranged from a poorly defined [111] at 
the surface to a sharp [111] plus about 3 pct [100] at 
the center. Yet a fourth possibility for the observed 
modes is an inhomogeneous dispersion of Al,O, in 
the wires, for which there is no experimental evi- 
dence. More work is needed on this problem. 


RECRYSTALLIZATION KINETICS 


Isothermal Recrystallization—The isothermal re- 
crystallization behavior of the 1100 F and AT-400 


alloys is presented in Fig. 8. The change in the mode 
of recrystallization of the AT-400 alloy between 800° 
and 850°F is reflected in the difference in the shapes 


rule out inhomogeneous strain hardening as the 
major cause for the modes observed in the dis- 


persion-hardened alloys, and implicate residual 
stresses due to wire drawing or ‘‘oriented growth’’> 
of recrystallized grains in the fiber texture pro- 
duced by drawing. Residual stresses from cold 
drawing, for example, are highest at the wire center 
and surface, and would be destroyed by bending. 
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Fig. 8—Isothermal recrystallization behavior of cold- 
drawn 1100 F and AT-400 alloys. 
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of the curves. Fig. 9 shows the recrystallization of 
the MD 2100 alloy at various temperatures. This 
alloy did not recrystallize completely, regardless 
of temperature and time employed. A thin surface 
layer of the samples was very resistant to recrys- 
tallization. 
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Fig. 9-Isothermal recrystallization behavior of MD 2100 
alloy, cold drawn to 86 pct RA. 
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Table |. Apparent Activation Energies of Recrystallization 


Fraction Qr, 
Alloy Pct RA Temp. Range, °F Recryst. Kcai per Mol 

1100F 76 650 to 700 0.50 55 
AT-400 73 850 to 900 0.20 69 
AT-400 73 850 to 900 0.40 68 
AT-400 73 800 to 850 0.20 88 
AT-400 73 800 to 850 0.40 96 
AT-400 73 750 to 800 0.20 108 
AT-400 is 750 to 800 0.40 120 
MD 2100 86 850-to 900 0.20 153 
MD 2100 86 850 to 900 0.40 198 


The temperature dependence of recrystallization 
was estimated from the isothermal recrystallization 
curves by comparing the times required to reach a 
certain degree of recrystallization at two different 
temperatures. Values of Qp, the activation energy 
for recrystallization, are shown in Table I. The 
values for the AT-400 alloy were calculated from 
the fractional degree of central recrystallization 
only, so that the change in mode with temperature 
would not alter the activation energies; the activa- 
tion energy was still found to vary with temperature, 
however. For the oxide-containing alloys, the tem- 
perature dependence of recrystallization increased 
with increasing oxide content. The fact that these 
values of QR are so high and that they depend upon 
temperature makes it probable that they are not rep- 
resentative of a single activated process. 

Radial Growth of Recrystallized Grains in AT-400 
—The diameters of center-nucleating single grains of 
AT-400 alloy, 73 pct cold-drawn and recrystallized 
at 750°, 800°, and 850°F, are plotted in Fig. 10 asa 
function of the logarithm of time. If it is assumed 
that the largest grains nucleated at the same instant 
and grew at the same rate at each temperature, ap- 
proximately linear plots result, at least at 800° and 
850°F; the poor agreement at 750°F is probably due 
to wide variations in the incubation period, as well 
as to poorer sampling because of the decreased longi- 
tudinal rate of growth of the grains. At a given tem- 
perature the radius 7 of the grain depends upon time 
t in the following manner, according to Fig. 10: 


y=A+Bint [1] 


The radial rate of growth at this temperature is then 


dy _B [2] 
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Fig. 11—The number of recrystallized grains per unit 
volume of sample as a function of In ¢. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


20 
0 850°F 
A 800°F 
750°F y FAG 
15 
/ 
z lo 
10 
/ 
5 / 
/ 
/ 
/ 
IMIN. / IHR. | DAY 
0 4. 4 
0 2 4 6 8 10 12 
SEC. 


Fig. 10—Transverse radii 7 of center-nucleating recrys- 
tallized grains in 0.050-in. AT-400 wire (73 pct RA) as a 
function of In ¢. 


The rate of growth of the grains decreased with time 
as they grew from the center towards the surface of 
the wire. In contrast, Anderson and Mehl® found that 
the rate of growth of recrystallized grains in homo- 
geneouSly strained pure aluminum was constant with 
time. The decrease in the radial growth rate in the 
AT-400 alloy may be caused by variations in the de- 
gree of strain-hardening from the center to the sur- 
face of the wires, or in variations in the distribution 
of the aluminum oxide; there is no experimental 
evidence for the latter possibility. Values of G at 
various values of 7 are shown in Table II. From the 
variation of G with temperature an energy of ac- 
tivation for the growth process was determined at 
various values of 7. It was 92-98 kcal per mol. 
Nucleation in AT-400—To determine the number 
of nuclei formed in the 73 pct cold-drawn AT-400 
alloy as a function of time, the number of recrys- 
tallized grains was counted in transverse sections. 
Because of the extremely rapid growth of grains 
in the longitudinal direction at the temperatures 
employed, the assumption was made that they grew 
instantaneously into 1 cm length, the average grain 
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Fig. 12—Nucleation rate as a function of time. AT-400 
alloy, 73 pct RA. 
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length observed in longitudinal recrystallized sec- 
tions at these temperatures. The number of recrys- 
tallized grains per unit volume, as determined in 
this semiquantitative manner, is plotted in Fig. 11 
as a function of the logarithm of time. Linear 
curves were fitted to the data by the least-squares 
method; they obey the relation 


n=C+Dint [3] 


at each temperature, where 7 is the number of 
grains per cubic centimeter and ¢ is the time. The 
volume nucleation rate is 


wiim@ (4] 


where f is the unrecrystallized fraction of matrix; 
it can be evaluated from Fig. 8. Fig. 12 shows the 
variation of nucleation rate with time. The rate is 
high at the start of recrystallization, drops to a 
minimum, and rises again toward the finish of the 
reaction. This behavior should be compared with 
that of fine-grained, homogeneously strained pure 
aluminum,® in which a steady increase of nucleation 
rate with time was noted. The high rate at the start 
of nucleation in the present alloy was apparently 
caused by the nonhomogeneous nature of strain- 
hardening by cold drawing, which produced preferred 
sites for nucleation which were rapidly used up 
early in the process. 

From the variation of nucleation rate with tem- 
perature an energy of activation for the process was 
calculated; its value was surprisingly constant at 
110 kcal per mol for any degree of recrystallization 
at 850° to 900°F. This was higher than the activa- 
tion energy for radial growth of recrystallized grains 
of about 95 kcal per mol, and is consistent with the 
fact that the transverse recrystallized grain size 
decreased with increasing temperature of recrystal- 
lization. 


CONCLUSIONS AND SUMMARY 


1) The modes of recrystallization of cold-drawn 
SAP type alloys containing 1.75 and 3.0 pct Al,O, by 
weight have been compared with that of cold-drawn 
commercially pure aluminum and found to be very 
different. Both SAP type alloys preferentially re- 
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Table Il. Rate of Radial Growth of Center Nucleating 
Recrystallized Grains in AT-400, 73 Pct RA 


G, cm per sec 


r, In. 800°F 850°F 

0.005 1.66 x 10~* 1.97 x 10-° 
0.010 6.16 x 10° 8.42 x 10“ 
0.015 2.36 x 3.63 x 


crystallize at the centers of the wires, with the new 
grains growing most readily in the direction of wire 
drawing and much more Slowly in the radial direc- 
tion. Recrystallization at the center is the only mode 
of recrystallization of the MD 2100 alloy, but the 
AT-400 alloy also recrystallized preferentially at 
the surface at higher recrystallization temperatures. 
2) A semiquantitative study of the rate of recrys- 
tallization of the SAP type alloys indicates that in- 
creasing oxide content and fineness of dispersion 
increasingly inhibits recrystallization and raises 
the temperature dependence of the process. The 
high value for the calculated activation energy of 
recrystallization and its temperature dependence 
make it impossible to interpret recrystallization of 
these alloys as a simple activated kinetic process. 
3) The kinetics of growth of center nucleating 
grains and of nucleation in the alloy containing 1.75 
pet Al,O, have been semiquantitatively determined. 
In contrast to homogeneously strained aluminum the 
rate of growth was not constant, but varied inversely 
with time. The rate of nucleation in this alloy first 
decreased, went through a minimum, and then in- 
creased with time. 
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Precision Lattice Parameter Determination 
of Zirconium-Oxygen Solid Solution 


The lattice parameters of zirconium and zirconium-oxygen 
solid solutions (hcp) were determined from measurements of 
back-reflection X-ray photograms obtained at 29°C using a sym- 
metrical focussing camera. The following linear equations be- 
tween parameters (c,a) in angstrom units (107* cm) and atom ratio 


(m) of oxygen to zirconium were obtained: 
c = 5.14764 + 0.2077m 
a = 3.23168 + 0.1099m. 


The linear equations given are valid over the range 0 to 5 at. pct 
O. The accuracy of individual parameter measurements ap- 
proaches the limiting accuracy determined by the spectral broad- 
ening of the incident characteristic vadiation, and exceeds the ac- 


curacy of previously reported values. 


Tue present work was undertaken in order to de- 
termine the lattice parameters of zirconium-oxygen 
solid solutions with an accuracy that allows quanti- 
tative determination of oxygen in zirconium. The 
results indicate that this is possible if very careful 
measurements are made, since the parameter change 
is only a few hundredths of a percent per at. pct O.) ? 
In the present investigation the desired accuracy 
was achieved with large-grained samples using a 
back-reflection focussing camera and maintaining 
good temperature control during exposure. In addi- 
tion a digital computer was used for calculation of 
the parameters by means of an analytical extrapola- 
tion.*» 4 Suitable diffraction photograms were obtained 
from large-grained samples by using a modification 
of the technique described by Graf and Monteil.® 
This consists of simultaneous rotation and oscilla- 
tion of the specimen about two mutually perpendicu- 
lar axes during exposure. Whereas, normally the 
upper limit of grain size is about 50 u for useable 
diffraction photograms, this technique allows ex- 
tending the upper limit of grain-size to exposure of 
a single crystal. 


EXPERIMENTAL 


Preparation of Alloys for X-ray Diffraction—Zir- 
conium, designated as hafnium-free, Westinghouse 
‘‘Grade 1,’’ was swaged from 1/2-in.-diam crystal 
bar to 3/8-in.-diam rods. Substantially all of the 
hydrogen was removed from the zirconium by an- 
nealing at 1200°C in a high dynamic vacuum. The 
rods were then swaged to 0.2 in, diam without inter- 
mediate annealing, and 2 in. lengths were cut for 
alloying with oxygen. Samples for chemical analysis 
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were taken from portions of the rods between each 
2 in. length. Chemical analysis of the dehydroge- 
nated zirconium is given in Table I. 

Commercial tank oxygen (99.5 pct O) was con- 
densed in a liquid nitrogen-cooled trap, and part of 
the condensate was slowly reevaporated into 5-liter 
storage flasks. Nitrogen remained as a reactive 
impurity, and the calculated maximum increase in 
nitrogen content after a 5 at. pct O addition to zir- 
conium was 50 ppm by weight. However, chemical 
analyses of several of the prepared alloys indicated 
that the maximum increase in nitrogen content was 
10 ppm. 


The storage flasks, a Sieverts-type gas burette 
and manometer, and associated traps, pumps, and 
pressure gauges were connected through a glass 
high-vacuum manifold to comprise the gas addition 
system. A fused silica tube, connected to the mani- 


Table 1. Chemical Analysis of Dehydrogenated Zirconium Crystal Bar 
Westinghouse, ‘‘Grade 1’’ 


Element Wt Pct x 10* At. Pct x 10* 
oO 180 to 4102 1000 to 2300 
N 7 to 14b 50 to 100 
(© 90 to 150° 680 to 1140 
Hf 100 to 300 50 to 180 
Fe 90 150 
Al 20 70 
Cr 15 30 
Mg 10 40 
Mn 10 20 
Ni 20 30 
Pb 50 25 
Sn 10 10 
Si 50 160 
Ti 20 40 
Vv 20 40 
Cu 20 30 


aRange of initial analyses 
bRange of initial and final analyses 
cRange of final analyses 
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Fig. 1—Back-reflection photograms of zirconium-oxygen 
solid solutions obtained with 5-in.-diam symmetrical 
focussing camera using unfiltered cobalt radiation. Flat 
sample rotated about an axis parallel to X-ray beam and 
oscillated +10 deg about an axis contained in the sample 
surface and parallel to the camera axis. Oscillation axis 
intersects X-ray beam. Camera and sample maintained at 
29.0° + 0.8°C. Exposure: 3 hr, 25 kv, 15 ma. Oxygen con- 
tent, atomic percent oxygen: 1) 0.182, 2) 0.906, 3) 1.22, 

4) 3.34, 5) 3.86, 6) 5.10. Mean grain diameter: 50 to 200p. 


fold, contained the zirconium rod which was sup- 
ported on a 0.05-in.-diam tungsten rod inserted into 
a small hole drilled into the bottom end of the zir- 
conium. 

Alloys ranging in composition between 0.9 and 5.1 
at. pct O were prepared in the gas addition system by 
diffusing measured amounts of oxygen into zirconium 
rod samples which were heated inductively. Reac- 
tion with oxygen occurred in 5 to 30 min at 930 to 
1350°C. This was followed by vacuum annealing for 
2 hr at 1350°C. Negligible weight loss due to vola- 
tilization of constituents was observed for control 
samples. Bright metallic surfaces were observed 
on all samples after vacuum annealing. 

Alloys were cold-rolled to 0.06 in. thickness and 
vacuum annealed at 800°C for 1 hr. The resultant 
microstructures revealed fully recrystallized equi- 
axed grains whose mean grain diameters were 50 
to 200 1. Annealing at temperatures considerably 
above the recrystallization temperatures of the al- 
loys was carried out in order to insure the absence 
of cold work and to subject the alloys to additional 
homogenization at temperatures below the allotropic 
transformation temperatures (872°C for pure zir- 
conium). 

Values of the oxygen content as determined by 
weight gain, by pressure-volume measurements, and 
by chemical analysis were compared in order to de- 
termine the nominal oxygen content of prepared al- 
loys. The weight-gain and volumetric results dif- 
fered by less than 1 pct; whereas, the weight gain 
and chemical analysis differed by 5 pct. This latter 
deviation corresponds to the reported accuracy of 
chemical analysis for quantities greater than 0.1 wt 
pet O in zirconium.® The initial oxygen content as 
determined by chemical analysis was 0.02 to 0.04 wt 
pet and the estimated uncertainty is +0.01 wt pct. 
The most reasonable values for the nominal oxygen 
content are therefore calculated from the weight 
gain and the initial oxygen, and the estimated un- 
certainty is +0.01 wt pct oxygen. 


X-Ray Diffraction Techniques—The 5-in.-diam 
camera, originally constructed by Gordon’ for high- 
temperature use, has a removable back and beryl- 
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Fig. 2—Lattice parameters (c,a) of zirconium-oxygen solid 
solutions vs oxygen content expressed as atom ratio (m) of 
oxygen to zirconium. 


lium shields are inserted to provide a light-tight 
chamber for the film. This feature allowed the sam- 
ples to be rotated and oscillated freely during ex- 
posures. 

The sample was positioned with a micrometer 
gage so that the oscillation axis intersected the 
focussing circle. The sample was rotated about an 
axis parallel to the X-ray beam axis and oscillated 
+10 deg about an axis contained in the sample sur- 
face and normal to the plane of the camera. Geo- 
metric errors due to oscillation were minimized by 
making the oscillation and bean axes coplanar. Fur- 
thermore, this error is proportional to ctn 26 (where 
@ is the Bragg angle) and hence could be accounted 
for in the parameter calculations. 

Studies by Axon e¢ al.® have quantitatively dem- 
onstrated the need for temperature control during 
X-ray exposure. Accordingly, the camera and sam- 
ple were enclosed in an insulated chamber and the 
temperature was maintained at 29°C +0.3°C by a 
stream of regulated air entering the chamber. The 
sample was directly mounted to but thermally insu- 
lated from the shaft of the rotation motor. 

Diffraction photograms obtained with unfiltered 


Table II. Lattice Parameters (c, a), Axial Ratio (c/a) and 
Unit Cell Volume per Metal Atom (v = V3a2 c/4) of 
Zirconium-Oxygen Solid Solutions (hep) at 29°C 


WtPct 100N* 100mt sures (10-®cm) (10-°cm) c/a (10-**cm?) 
0.032 0.032 0.182 4 5.14772 3.23208 1.5927 23.285 
0.160 0.906 0.914 2 5.14902 SWATHS 1.5930 23.293 
0.224 127, 1.29 3 5.15042 3.23302 1.5931 PSB 
0.332 1.86 1.90 2 5.15215 3.23373 1.5933 23.329 
0.442 2.47 2.53 2 5.15332 3.23444 1.5933 23.344 
0.486 27 2.78 2 5.15413 3.23476 1.5934 23.353 
0.603 3.34 3.46 4 5.15502 3.23568 1.5932 23.370 
0.700 3.86 4.01 3 5.15571 3.23603 1.5932 23.378 
0.796 4.39 4.55 5 5.15698 3.23665 1.5933 23.393 
0.925 5.10 Sesiil 2 5.15843 3.23757 1.5933 23.413 


*N is the atom fraction of oxygen. 
tm is the oxygen atom to metal atom ratio. 
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Fig. 3—Axial ratio (c/a) of zirconium-oxygen solid solu- 
tions. Solid line represents least-squares linear fit. 
Dashed curve represents apparent assymptotic behavior. 


cobalt radiation are shown in Fig. 1. Line spottiness 
is seen to be completely absent from samples ro- 
tated and oscillated during exposure. 

The centers of lines were visually estimated to 
0.01 mm using a Hilger and Watts measuring rule. 
At least five measurements were made of the dis- 
tance between each pair of lines. The results were 
averaged, and the deviation for the highest angle 
lines (the 21.3Ka doublet) varied between 0.05 and 
0.15 mm. For the 5-in. camera used, a relative er- 
ror in the calculated parameters of 1 to 3 parts per 
100,000 was anticipated. 

Parameter measurements were made using Cohen’s 
analytical least-squares extrapolation? as modified 
by Hess.* Wavelengths used in the calculations are 
those recommended by Bragg:? 


A CoKa, = 1.78890A (10-8 cm) 
CoKa, = 1.79279A (10-8 cm) 
= 1.62073A (1078 cm) 


A digital computer was used for performing nearly 
100 calculations using data from twenty-nine photo- 
grams of ten samples. Calculations were repeated 
for data from a given photogram. These calculations 
served as an additional check on line indexing. 


RESULTS 


The lattice parameters (c,a), axial ratio (c/a), and 
unit cell volume per metal atom (v) of zirconium- 
oxygen solutions are given in Figs. 2 to 4 and Tables 
II and III. Results are given for the experimental 
temperature of 29°C and are uncorrected for refrac- 
tion. A least-squares linear fit was found for param- 
eters c and a vs atom ratio m. Power Series ex- 
pansions resulted in linear equations for c/a and 
for v, the coefficients of higher order terms being 
orders of magnitude smaller than the linear term 
coefficients. 

The axial ratio increases only slightly from the 
initial value 1.5929 for oxygen-free zirconium and 
therefore remains approximately 2.5 per cent less 
than the “‘closest-packing’’ ratio, V8/V3 = 1.633. The 
total increase in c/a is about equal to the uncer- 
tainty in c/a. Therefore the apparent assymptotic 
behavior indicated in Fig. 3 is fortuitous, and the 
slight linear increase in c/a is more probable. 

It is to be noted that the product of Avogadro’s 
number and the slope of the v versus m curve 
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Fig. 4—Unit cell volume per metal atom (v) of zirconium- 
oxygen solid solutions. 


gives directly the partial molar volume of the in- 
terstitial solute. Hence, the partial molar volume 
of oxygen in zirconium is constant over the range 
of investigation and equal to (2.54 x 10-4) x (6.023 x 
1023) = 1.53 cm$. 

Standard errors of results from a given photogram 
have been evaluated after Jette and Foote.’ In addi- 
tion standard errors of results from a set of photo- 
grams and the standard errors of estimate for the 
assumed linear equations over the composition re- 
gionhave been evaluated. These results are sum- 
marized in Table III. 

In Table IV thermal expansion data of Russell” 
have been used in order to compare extrapolated and 
interpolated parameters with those given by previous 
investigators.” 


DISCUSSION 


The results of the present work are in general 
agreement with those of Treco? who has reported 
similar measurements for solid solutions containing 
up to 2.4 at. pct O (present work, 5 at. pct O). The 
slopes of the c and a@ parameter curves, as deter- 
mined in the present work, do not differ appreciably 
from values given by Treco. However, the increased 
accuracy achieved allows the present values to be 
used for quantitative determination of oxygen in zir- 
conium (grade 1 crystal bar) containing only negli- 
gible amounts of other interstitial solutes. 

It is seen in Table III that the relative error for 
a given film approaches the values of 2 to 3 x TOsee 
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Table Ill. Summary of Results and Estimated Errors of 
Lattice Parameter Measurements 


c = 5.14764 + 0.2077m + 0.00039 

a = 3,23168 + 0.1099m + 0.00019 
c/a = 1.5929 + 0.010m + 0.0003 

v = 23.278 + 2.54m + 0.0046 


Relative Given Set of Equa- 
errors photogram photograms tions 
Ac/e 4x 10-5 TR 
Aa/a 3x 10-5 6x 1075 
Am/m = 0.01-0.05 - 


According to Ekstein and Siegel?! this is the limiting 
accuracy of lattice parameter measurements as 
determined by the inherent spectral width of the in- 
cident radiation. The relative errors from a Set of 
photograms of a given sample are slightly greater. 
It is probable that interstitial composition inhomo- 
geneities (oxygen, nitrogen, carbon) and to some ex- 
tent temperature variations contribute to the errors 
for a given sample. Using thermal coefficients of 
expansion for pure zirconium according to Russell,” 
an uncertainty of 1°C in sample temperature gives 

a relative error of 5 x 10-® in c or a. Nonuniform 
film shrinkage may also contribute to the errors in 
part. 

The relative errors of estimate for the assumed 
linear equations are about twice the corresponding 
error for a given film. For the most part these er- 
rors are due to the uncertainty of the nominal oxy- 
gen composition as discussed previously. However, 
a slight negative curvature as seen in Fig. 2 for the 
c parameter and as reflected in the calculated unit- 
cell volume in Fig. 4 may be of significance in view 
of lattice parameter measurements by Domagala and 
McPherson.** Their measurements, which are not 
sufficiently precise to allow comparison with the 
present work, extend to the limit of solid solubility 
of oxygen in zirconium (29 at. pct; m = 0.41). They 
show appreciable negative curvature indicating a 
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Table IV. Comparison with Previous Investigators 


c(10-* cm) a(10-* cm) Reference 
5.1476 + 0.0003 3.2317 + 0.0001 Present work 
‘oxygen free,’? 29°C 
5.1475 + 0.0003 3.2316 + 0.0001 Present work 
“oxygen free,’? 25°C 
5.1477 + 0.0011 3.2323 + 0.0006 Treco? 
“oxygen free,’? 25°C 
5.1477 + 0.0003 3.2317 + 0.0001 Present work 


0.073 atomic percent 

oxygen, 25°C 
5.1477 + 0.0009 3.2312 + 0.0006 Russell’? 

0.073 atomic percent 

oxygen, 25°C 


decrease in the partial molar volume of oxygen in 
zirconium. 
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A Further Study of TigNi-Type Phases Containing 


Titanium, Zirconium or Hafnium 


An experimental survey has determined the occurrence of 
Ti2 Ni-type phases in binary and ternary alloys of Ti, Zr, or Hf 
with first, second, or third long-period transition metals and also 


in ternary systems in which O is the third component. The ex- 
istence of eleven previously unreported isomorphs is cited and 
some approximate phase boundaries are given. Lattice parameters 
are reported for the new phases. The periodic table relationships 
involved in the occurrence of the phase are discussed. 


A previous paper’ reported the occurrence of a 
group of TieNi-type phases (structure-type E93) con- 
taining Zr in combination with Rh, Ir, and Pt, and Hf 
in combination with Rh, Pd, Ir, and Pt, and cited evi- 
dence to show that all of the Zr phases and the Hf-Pd 
’ phase are not binary phases but occur only when O 
is present. More recently one of the present authors 
found that in the ternary systems of Ti and O with 
Cr, Mn, Fe, Co, and Ni the occurrence of the TieNi- 
type phase could be correlated qualitatively with 
valency electron concentration, and that the role of 
O appeared to be that of an electron acceptor.” This 
paper describes the results of a broader investigation 
of the occurrence of TizNi-type phases in binary and 
ternary systems containing Ti, Zr, or Hf. 


EXPERIMENTAL PROCEDURE 


Alloys were prepared by arc melting. The purity 
of the metals Zr, Rh, Hf, Ir, Pd, and Pt was given in 
the previous paper.’ The additional materials used 
for this work were metals with a minimum purity of 
99.9 pct and reagent grade ZrO2, TiOz, Cr2Os, and 
NiO. Chemical analysis of several alloys in each 
system indicated good agreement between intended 
compositions and cast-button compositions. For the 
heat treatment precautions were taken to avoid 
oxygen contamination. The specimens were wrapped 
in Mo foil and sealed in fused quartz tubes at a room 
temperature pressure of 1 X10-° mm of Hg. These 
capsules were then annealed in a vacuum furnace at 
an external pressure of 5 X 10°° mm of Hg. Since 
the major constituent in most of the alloys studied 
was the brittle TizNi-type phase, Debye-Scherrer 
patterns with sharp lines could be obtained with 
powder crushed from the annealed solid samples 
without being reannealed. Metallographic, X-ray 
diffraction, and density determination techniques 
previously described’’” were used. 
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RESULTS AND DISCUSSION 


Zr-Rh-O, Zr-Ir-O and Zr-Pt-O Systems—Figs. 

1 through 3 show the approximate boundaries of the 
TizNi-type phase fields at the temperatures indicated 
in the ternary systems Zr-Rh-O, Zr-Ir-O and Zr- 
Pt-O. In each isothermal section the TizNi-type 
phase field is labeled € and the unidentified binary 
phase found in the previous work’ is labeled y. The 
dotted lines, which are not phase boundaries, corre- 
spond to the composition (Zr2B):- Ox. In each 
system the TizNi-type phase field is displaced to the 
high- Zr side of this composition line. However, the 
departures from Zr2B stoichiometry for the metal 
components are not as high as ZrsB, as was inferred 
from the previous work. 

Lattice parameters of the TizNi-type phases in the 
alloys shown as triangular data points in Figs. 1 
through 3 are given in Table IA. The probable compo- 
sitions of the TizNi-type phases have been estimated 
from the isothermal sections. Although there are a 
few exceptions that probably result from uncertainties 
in phase boundary location and from the effect of 
variation of oxygen content, the generalization can be 


Fig. 1—Boundaries of the Ti, Ni-type phase in the system 
Zr-Rh-O at 950°C. 


VOLUME 218, DECEMBER 1960-1019 


Zr 
Zr-Rh-O 
S 90 
S 
S 
fe 80 950°C 20 2 
© 
A 
Q t+ 30 
fry a 
. 


Fig. 2—Boundaries of the Ti, Ni-type phase in the system 
Zr-Ir-O at 1100°C, 


made that the lattice parameter increases with an 
increase in the ratio of the atomic concentration of 
Zr to the atomic concentration of the other metallic 
component. This is to be expected, since the atomic 
radius of Zr is considerably larger than the radius 
of Rh, Ir, or Pt.* There are not sufficient data to 
show how the lattice parameter varies with O content. 
In the isostructural compounds of Ti with Fe, Co, 

and Ni there is a slight increase in @, with increasing 
O concentration.” Also shown in Table IA is the densi- 
ty of one alloy in each system. The calculated values 
were determined from the assumed compositions of 
the TizNi-type phases and the measured lattice para- 
meters. The calculation was made on the assumptions 
of 96 metal atoms per unit cell and interstitial dispo- 
sition of the O. The experimental determinations 
were by the carbon-tetrachloride displacement 
method. The agreement is to within experimental 
error, 0.5 pct, for the Zr-Rh-O and Zr-Ir-O alloys 
which metallography showed to be single phase. The 
Zr-Pt-O alloy contained about 1 pct of the second 
phase, ZrOz, and therefore the measured density is 
lower than the calculated value by a greater amount. 

Zr-Fe-O, Zr-Co-O and Zr-Ni-O Systems—Fig. 4 
shows the approximate composition boundaries of the 
TizNi-type phase (labeled €) in the Zr-Fe-O system 
at 1000°C. The phase field is small and coincides 
with the composition line (Zr2Fe):- Ox. The lattice 
parameter of the single phase alloy is given in Table 
IA. The maximum O solubility in the TizNi-type 
phase is tentatively placed at 10 at. pct, on the basis 
of the concentrations of the two minor phases, ZrOz 
and ZrFez, in the alloy containing 55 at. pct Zr. 

A search for isostructural phases in the Zr-Co-O 
system at 800° and1100°C in the Zr-Ni-O system at 
950°C did not reveal their presence anywhere in the 
vicinity of the composition lines (Zr2Co)1- Ox and 
(Zr2Ni):- xO x. The details of the phase relations in 
these two systems will not be discussed in this 
paper. 

Hafnium Systems—A number of combinations of Hf 
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Fig. 3—Boundaries of the Ti, Ni-type phase in the system 


Zr-Pt-O at 600°C. 


compositions shown in Table IB. T 


with first, second, and third long-period B-partners 
were investigated. Binary TizNi-type phases were 
found in the systems Hf-Mn, Hf-Fe, and Hf-Co at the 


hese alloys were 


annealed at 1100°C and quenched. These are con- 


sidered to be binary phases since no O was intention- 


ally added and the melting and annealing treatment 
resulted in O pickup of less than 100 ppm. A Ti2Ni- 
type phase was not found in either an equiatomic Hf- 
Cr alloy or in an alloy of composition (HfCr)asOu. 


However the specimen of the latter 


composition was 


macroscopically heterogeneous even after repeated 
melting and therefore the absence of a TizNi-type 


phase in the Hf-Cr-O system has not been conclusive- 


ly proven. A TizNi-type phase was 


not found in an 


alloy of composition HfzNi, but an alloy of compo- 
sition (Hf2Ni)ssQia consisted entirely of the TizNi- 


type phase. 


Fig. 4—Boundaries of the Ti, Ni-type phase in the system 
Zr-Fe-O at 1000°C. 
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Table |. Compositions and Lattice Parameters of New Ti,Ni-Type Phases 


Estimated Ti,Ni-T Ph At. Pct Zr i 
System ype Phase AL Pet Densit 
Comp., At. Pct At. Pct B diy, A Calculated — 
A) Zr Phases 
Zr-Rh-O 61 Zr, 28.5 Rh, 10.5 0 2.14 12.412 + 0.002 
63 Zr, 27 Rh, 100 2°33 12.447 + 0.001 7.97 7.93 
67 Zr, 28 Rh, 50 2.39 12.428 + 0.001 
64.0 Zr, 26.5 Rh, 9.50 2.42 12.470 + 0.001 
Zr-Ir-O 60.5 Zr, 28.5 Ir, 110 DAD 12.419 + 0.001 
60 Zr, 26.5 Ir, 13.50 2.26 12.4063 + 0.0006 
61 Zr, 26.5 Ir, 12.50 2.30 12.452 + 0.001 
64.5 Zr, 27.5 Ir, 8O 2.34 12.479 + 0.001 10.09 10.06 
65 Zr, 26.5 Ir, 8.50 2.45 12.485 + 0.001 
Zr-Pt-O 25' Pt,-13.5.0 2.46 12.4858 + 0.000 
13. + 0.0006 10. 
62 Zr, 25 Pt, 130 2.48 12.509 + 0.001 
Zt-Pd-O 57.3 Zr, 28.7 Pd, 140 2.06 12.458 + 0.001 
Zr-Fe-O 63.5 Zr, 31.5 Fe, 50 2.02 12.189 + 0.001 
B) Hf Phases 
Hf-Mn 50 Hf, 50 Mn - 11.812 + 0.001 
Hf-Fe 66.7 Hf, 33.3 Fe = 12.0555 +0.0005 
Hf-Co 66.7 Hf, 33.3 Co - 12.1036 +0.0004 
Hf-Ni-O 57.4 Hf, 28.7 Ni, 13.90 - 12.108 + 0.001 
Hf-Ni-Co 66.7 Hf, 2 Ni, 31.3 Co = 12.070 + 0.001 
Hf-Ni-Ru 66.7 Hf, 23.3 Ni, 10 Ru = 12.173 + 0.001 
‘HE-Ni-Rh 66.7 Hf, 17.3 Ni, 16 Rh — 12.202 + 0.001 
Hf-Ni-Os 66.7 Hf, 23.3 Ni, 10 Os = 12.179 + 0.001 
Hf-Ni-Ir 66.7 Hf, 19.3 Ni, 14 Ir - 12.184 + 0.001 
C) Ti Phases 
Ti-Cu-O 57.3 Ti, 28.7 Cu, 14 0 om 11.446 + 0.001 
Ti-Rh-O 57.3 Ti, 28.7 Rh, 14 O = 11.585 + 0.001 
Ti-Ir-O 57.3 Ti, 28.7 Ir, 140 11.6198 + 0.0005 
Ti-Pt-O 57.3 Ti, 28.7 Pt, 14:0 11.6952 + 0.0004 


A brief study was made of the occurrence of TizNi- 
type phases in the ternary systems Hf-Ni-Co, Hf-Ni- 
Ru, Hf-Ni-Rh, Hf-Ni-Re, Hf-Ni-Os, and Hf-Ni-Ir at 
1100°C. Three ternary TizNi-type phases not previ- 
ously reported were discovered in the systems Hf- 
Ni-Ru, Hf-Ni-Re, and Hf-Ni-Os. The alloys studied 
and the approximate phase boundaries are shown in 
Fig. 5. The triangular data points designate alloys 
whose lattice parameters are given in Table IB. 

Titanium Systems—Alloys with the following compo- 
sitions were examined after annealing at 1100°C: 
TisCu, TieRh, TizPd, TizIr, TizPt, (TiV)scOu, 
(TisCu)seOrs, (TizRh)scOr, and 
Only in the last four alloys were TizNi-type phases 
found. Lattice parameters are given in Table IC. The 
absence of a TieNi-type phase in the alloy having the 
composition TizCu is in conflict with previous re- 
ports.”° The details of a study of this alloy will be 
published elsewhere. 


DISC USSION 


It is of interest to examine all of the data relating 
to the occurrence of TizNi-type phases in systems 
combining Ti, Zr, or Hf with the other transition 
metals. Figs. 6(a) and 6(b) show respectively the 
combinations for which binary Ti,Ni-type phases 
occur and the combinations requiring O for the for- 
mation of the phase. These charts combine the data 
of the present investigation with the findings of 
numerous other investigators. Except as noted below, 
when a combination is missing from either chart it 
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means that there is experimental evidence against 
the existence of the phase. : 


B-partners Comment 


Cb and Ta: No information on ternary systems 
with Hf and O. 

Mo and W: No information on ternary systems 

with Hf and O. 

Tc and Re: No information on Tc. Data on Hf- 
Re-O system also missing. 

Ru and Os: No information on ternary systems 
with Hf and O. 

Pd and Pt: Previously reported” binary phases 
with Ti not substantiated by present 
investigation. Occurrence in Ti- 
Pd-O system based on comment 
by McQuillan and McQuillan.° 

Cu, Ag, and 

Au: No information on ternary systems 


with Hf and O. 


Although there are a few remaining gaps in the 
data, particularly in ternary systems involving Hf 
and O, certain generalizations can be made. When 
the phases that are stable without O are considered, 
it is evident that the frequency of occurrence of the 
phase varies with the group number of the B-element, 
rising to a maximum at the Co Group and decreasing 
thereafter. The primary reason for this periodicity 
probably lies in the existence, for B-elements, of 
particularly favorable electronic factors at or near 
the Co Group. Supporting this point of view is the 
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Fig. 5—The approximate boundaries of the Ti, Ni-type 
phases at 1100°C in the systems Hf-Ni-Co, Hf-Ni-Ru, 
Hf-Ni-Rh, Hf-Ni-Re, Hf-Ni-Os, and Hf-Ni-Ir. 


occurrence of TizNi-type phases in the ternary 
systems Hf-Ni-Ru, Hf-Ni-Os, and Hf-Ni-Re, Fig. 5. 
In each of these systems the A-element Hf is paired 
with two B-partners one of which is Ni, lying to the 
right of the Co Group, and the other is an element 
lying to the left of the Co Group. Each system con- 
tains a ternary Ti,Ni-type phase although the phase 
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A. BINARY PHASES 


No of 
Period 
W Ti V Cr Mn Fe Co Ni 
ava Rh 


VI 


B. PHASES REQUIRING OXYGEN 


| 
IV Ti Cre Fe “Co 


Rh Pd 


MB Pt 


Fig. 6—Periodic Table relationships in the occurrence 
of Ti, Ni-type phases containing Ti, Zr, or Hf. 


is absent in all of the limiting binary combinations. 
Furthermore, the favorability of Co Group elements 
for stabilizing the Ti,Ni-type phase appears to in- 
crease on passing from first to second to third long 
period, as is brought out in Fig. 5 by the observation 
that in the systems Hf-Ni-Co, Hf-Ni-Rh and Hf-Ni- 
Ir, the extension of the phase field toward the Hf-Ni 
binary side increases in the sequence Co-Rh-Ir. 

The effect of O is to enlarge by more than a factor 
of three the total number of combinations for which 
a Ti2Ni-type phase is stable, as Fig. 6(b) shows. 
With respect to the A-elements the most striking 
result is the stabilization of the eight Zr phases and 
eight additional Ti phases. As regards the B-ele- 
ments, O widens the total range of favorability so 
that it extends from the V Group through the Cu 
Group. 

In a previous paper” one of the present authors 
pointed out that the occurrence of TisNi-type phases 
in the ternary systems of Ti and O with Cr, Mn, Fe, 
Co, and Ni could be correlated with the valencies of 
the B-partners. A model was considered in which O 
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Period 


exerts a stabilizing role through its effect on the 
concentration of valency electrons. An extension of 
this model to all of the phases considered here is 
seriously hampered by the fact that none of the alloy- 
ing valency schemes that have been proposed for the 
first long-period transition metals have been ex- 
tended to include all of the second and third long- 
period elements. Under these circumstances it 
seems preferable to confine the discussion of elec- 
tronic effects to the purely descriptive treatment 
given above, although it should be pointed out that 
the data reported here are qualitatively consistent 
with the model proposed. 

Another aspect of the selectivity in the occurrence 
of the phase can be attributed to an atomic size ef- 
fect. Values of the ratio R4/Rp, where Rg and Rg 
are the C.N. 12 atomic radii; fall between 1.05 and 
1.27 for all of the phases given in Fig. 6 with a peak 
in frequency of occurrence at 1.18. The average 
value of the ratio is 1.17. It is worthy of note that 
the radius ratios for the combinations Ti-Cb, Ti-Ta, 
Ti-Mo, Ti-W, Ti-Ag, and Ti-Au fall below 1.05 and 
the ratios for Zr-Co and Zr-Ni are respectively co- 
incident with and beyond the upper limit, 1.27. None 
of these combinations appear to form a Ti,Ni-type 
phase, with or without O. It therefore seems reason- 
able to conclude that a requisite for the occurrence 
of the TisNi-type phase is that the R4/Rg does not 
deviate by more than 8 to 10 pct from ‘the average 
value 1.17. An explanation of this criterion must 


await a detailed understanding of atomic ordering in 
the TizNi-type structure. 

It has been observed that in the Ti phases the 
metal components exhibit AB stoichiometry when Cr 
and Mn are the B-partners but that the stoichiometry 
abruptly changes to A2B when the B-element is Fe, 
Co, or Ni. In Table IB the same behavior can be 
observed when Hf is substituted for Ti. HfMn is the 
only example of an equiatomic TizNi-type phase that 
is known to the authors. Kuo’ has reported data by 
Karlsson which indicate that the Zr phases with Cr 
and O and. Mn and O are also based on AB metal 
stoichiometry. It is not yet clear how this aspect of 
the stoichiometry of the phase should be explained. 
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Annealing Twins and Coincidence Site Boundaries |in 


High-Purity Lead 


Observations are presented of the formation of annealing 
twins during the growth of a recrystallized grain into a striated, 
melt-grown crystal of high-purity lead. The formation of an an- 
nealing twin resulted in replacement of the original migrating 
boundary by a large-angle grain boundary of the coincidence -site 


type or by a near-twin boundary. The results support the Fullman- 


K. T. Aust 


Fisher theory of annealing twins and demonstrate the usefulness of 


the coincidence-site model. 


F ULLMAN and Fisher’ have advanced the following 
theory to account for the formation of annealing 
twins during grain growth. Whenever a grain A 
grows into a matrix of grains S, and S,, a twin A' of 
grain A may form, as shown in Fig. 1, if the fol- 
lowing energetic condition is satisfied: 


a4’s, + Eys, + yy 


1 
< dyes. + Eas, + Us, [1] 
K. T. AUST and J. W. RUTTER, Members AIME, are Metallurgists, 
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where ‘‘E’’ and ‘‘a’’ refer to the specific interfacial 
free energy and the area, respectively, of the bound- 
aries indicated by the subscripts. In effect, the 
twinned grain will persist when the energy of the 
boundary between the twin (A’) and the matrix grain 
(S, or Sz) is less than that of the boundary between 
the original growing grain (A) and the matrix grain 
by an amount which exceeds the energy of the coher- 
ent twin boundary between A and A’. 

Experimental observations on the changes in grain 
boundary free energy accompanying the formation of 
twins’ are in agreement with the theory outlined in 
Eq.[1]. Direct observations of the formation of anneal- 
ing twins at moving grain corners*~* and the depend- 
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Fig. 1—Schematic 


view of the changes 
in grain boundary 
free energy associ- 
ated with the for- 

- mation of a twin A’ 
in the corner of a 
growing grain A. 
Grain boundaries 
with high interfacial 
free energies are 
represented by wide 
lines. (after Full- 
man and Fisher.') 


GRAIN A 


ence of twin abundance on texture,’ support the Full- 
man-Fisher theory. In addition, the work of Burgers 
et al.* indicates the importance of boundary energies 
in determining the survival of a twin. 

However, the nature of the boundaries AS, (or AS2) 
and A‘S, (or A’S2), as depicted in Fig. 1, which leads 
to the difference in boundary energies required by the 
Fullman- Fisher relationship, Eq. [1], was not ex- 
plained by the theory. This difference in interfacial 
energy would have to amount to at least 3 to 5 pct in 
the case of copper,” and approximately 5 pct in the 
case of lead.° 

The experimental results to be described in this 
report are believed to provide the answer to this 
problem and, in addition, demonstrate the value of 
interpreting certain large-angle grain boundaries 
in terms of the coincidence site model of Kronberg 
and Wilson.’ 


EXPERIMENTAL PROCEDURE AND RESULTS 


During the growth of a recrystallized grain into a 
striated, undeformed, melt-grown crystal of zone- 
refined lead, as described previously,*® it was some- 
times observed that a twin of the recrystallized grain 
would form and propagate into the striated crystal. 


Fig. 3—Macrophotographs showing growth of grain A, its 
twin A’, and A” (twin of A’) into a striated single crystal S. 
Upper: specimen No. 7, Pb +0.14 at. ppm Au, X6. Lower: 
specimen No. 8, Pb +0.15 at. ppm Au, X5. Reduced approxi- 
mately 21 pct for reproduction. 
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Fig. 2—Macrophotographs showing growth of grain A and its 
twin A’ into a striated single crystal S. Upper: specimen no. 
6, Pb +0.83 at. ppm Ag, X8. Lower: specimen no. 12, Pb + 
1.31 at. ppm Au, X3. Reduced approximately 21 pct for 
reproduction. 


Examples of this behavior are shown in Fig. 2; a re- 
crystallized grain A which was introduced by artifi- 
cial nucleation and growth *° and its twin, A’ which 
formed during the growth of A, have advanced into 
the striated crystal S. On several occasions, a new 
twin A” of the original twin A’, would also form and 
grow into the striated crystal; examples of this 
‘‘double twinning’”’ are given in Fig. 3. X-ray analy- 
sis confirmed the first-order twin relationship exist- 
ing between grains A and A’ and also between A’ and 
A” 

An observation of an early stage in the formation 
of an annealing twin at moving grain corners in zone- 
refined lead is shown in Fig. 4. A twin A’, of the ori- 
ginal growing grain A, has grown into the subgrains 
S,, S,, and S, ofthe striated single crystal. The 
situation shown here is at a later stage in the growth 
of A’ than that depicted in Fig. 1, since noncoherent 
twin boundary segments between A and A’ are present 
at the sides in Fig. 4. Fig. 5 represents schematically 


Fig. 4—Photomicrograph showing growth of grain A and its 
twin A’ into subgrains S,, S), and S,. Specimen No. 1, zone- 
refined lead, annealed at 300°C. Chemically polished in 8 

parts glacial acetic acid and 2 parts 30 pct H,O,, and etched 


in 5 pet nital. X75. Reduced approximately 23 pct forrepro- 
duction. 
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(a) (b) (c) (d) 


Fig. 5—Schematic view of the way in which steps of a non- 
coherent twin boundary might form along the side of a co- 
herent twin boundary. (after Fullman and Fisher.!) Compare 
with Fig. 4. 


the way in which steps of a noncoherent twin boundary 
might form along the side of a coherent twin boundary, 
as suggested by Fullman and Fisher.’ A coherent twin 


boundary that formed inthe corner of grain A, Fig. 
5(a), has become tangent to the grain boundary AS, 
during migration to the configuration of Fig. 5(d). 


Further migration of the grain boundary would lead to 
the formation of a noncoherent twin boundary segment 


as shown in Fig. 5(c) and 5(d). It is evident that the 
experimental observation shown in Fig. 4 is similar 
to that envisioned by Fullman and Fisher in Fig. 5(d). 

The orientation relationship for the grains sepa- 
rated by the boundaries AS, A’S, and A” S, were 
next determined from X-ray back-reflection analy- 
sis, in order to resolve the nature of the interfaces 
involved. A total of 12 specimens of zone-refined 
lead were studied, containing no impurity addition 
or very dilute solute additions (less than 1.5 at. ppm) 
of tin, silver, or gold. The orientation of the start- 
ing, melt-grown striated single crystal (S) was iden- 
tical in each specimen, 7. e. <100> approximately 
parallel to the specimen axis or growth direction, 
and a <100> nearly normal to the top surface of 
the striated crystal. 

The data for the solute concentrations and the 
orientation relationships are given in Figs. 6 and 
7; the single axis relating the starting, striated 
crystal, S, with each of the grains A, A’ and A” by 
the smallest rotation (@) is plotted in the standard 
stereographic triangles. These determinations are 
accurate to only about + 3 deg due to the lineage 
substructure existing in each striated crystal. It is 
evident in all cases that grain A is related to the 
striated crystal S by rotations about high-index axes; 
these orientation relationships correspond to those 


Table |. Coincidence Site Orientation Relationships 


Density of 
Coincidence 
Axis 6, Deg Sites Reference 
<110> 56 1 in 41 (@5)) 
<110> 39 1 in 9 (11) 
<100> 16 1 in 25 (7) (10) (1D 
<11b> 47 lin 19 (7) (10) 
<11b 22 lin 7 (7) (10) 
<111> 60 lin 3 (1st order twin) 
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SOLUTE AXIS OF AMOUNT 
CONTENT ROTATION OF ROTATION 
SPECIMEN PPM-ATOM FOR INDICATED 6 degs 
NO. GRAINS 


| NONE | -AS 25 
ADDED 2-A'S 55 
2 NONE 1 -AS 45 
ADDED 2-AS 
04Sn | -AS 38 
2 -A'S 40 
4 33 Ag | -AS 30 
2-AS 54 
5 .T9Ag ESAS: 
2 -A'S 58 
aS 6 .83 Ag |-AS 20 
2- A'S 54 


Fig. 6—Stereographic plots of the axes of rotation which 
relate each of the grains A and A’ with the striated crystal 
S by the smallest amount of rotation @ in specimens 1 to 6 
inclusive. 


for ‘‘random’’ grain boundaries’ However, in all 
cases grain A’ (twin of A) is related to the striated 
crystal, S, by rotations about <110>, <111> or <100> 
axes. In the three specimens (Nos. 7, 8, and 11, 

Fig. 7) where twinning occurred a second time dur- 
ing grain boundary migration, grain A” (twin of A’) 

is related to S by rotations about <111> axes. 


DISCUSSION 


Table I lists a number of orientation relationships 
derived from the coincidence site model of grain 
boundaries,”’*”’"’ developed by Kronberg and Wilson. 
Comparison of Table I with Figs. 6 and 7 shows that 
the observed orientation relationships between the 
grains A’ or A”, introduced by twinning, and the 
striated crystal, S, fit the Kronberg-Wilson classifi- 
cation. The Kronberg-Wilson coincidence site model 
is based upon considerations of the occurrence of 
common sites between two adjacent lattices which are 
in certain special relative orientations. The model 
predicts on this basis that the boundaries between 
grains so oriented will be ones of better atomic fit 
and, therefore, of lower energy, than a random, 
large-angle boundary across which there is no 
regular coincidence of lattice sites. It is evident 
that in all of the specimens studied, the orienta- 
tion relationships for the grain boundaries A’S 
and A”S may be described in terms of the coin- 
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cidence site model. The grain boundary A” Sin 
specimens No. 8 and No. 11, and the boundary 

A'S in specimen No. 5, separate grains which 
approach the simple twin relationship of 60 deg 
about a common <111> axis, i.e., these three 
grain boundaries may be rationalized as near- 
twin boundaries. In every case where an anneal- 
ing twin formed during grain boundary migra- 
tion, a large-angle, random boundary, AS , was 
replaced by a large-angle, coincidence-type bound- 
ary, A’S: when twinning occurred a second time, 
the first coincidence-type boundary, A’S, was su- 
perceded by another, A”S, having a higher density 
of coincidence sites. 

The interfacial free energy of a coherent twin 
boundary, which has the highest density of coin- 
cidence sites (1 in 3), has been found by Bolling 
and Winegard® to be 5 + 1.4 pct. that of a random, 
large-angle grain boundary in zone-refined lead. 
Using this figure, together with Eq. [1] and the ap- 
proximation that the boundary areas involved are 
about equal, a number of free energy relationships 
may be derived from the experimental observations. 
In specimen No. 7, for example, the free energy of 
the boundary A”S, formed by twinning twice and 
across which the relative orientation is near the 22 
deg <111> coincidence site relationship, must be 
about 10 pct or more lower than the free energy of 
the random grain boundary AS. Recent measure- 
ments of relative grain boundary energies in zone- 
refined lead tricrystals” support this conclusion, 


providing further confirmation of the Fullman- Fisher 


theory of annealing twins. In the manner outlined 
above, the following free energy relationships may 


be derived for the material used in the present study: 


1) the free energies of coincidence-type boundaries 
which separate grains related by rotations of 39 deg 
about <110> (density of coincidence sites 1 in 9), 
56 deg about <110> (1 in 41), 16 deg about <110> 
(1 in 25) and 47 deg about <111> (1 in 19) are 
lower than that of a random, large-angle grain 
boundary by approximately 5 pct or more; 2) 

the free energies of the coincidence-type bound- 
ary separating grains related by a 22 deg rota- 
tion about <111> (1 in 7) and the near-twin bound- 
ary with an angular rotation near 60 deg about 
<111> (approaching 1 in 3) are about 10 pct or 
more lower than that of a random, large-angle 
grain boundary. It may be noted that Dunn and 
Lionetti** have observed an effect of lowered en- 
ergy for near-twin boundaries in silicon-iron. 

It is evident that when twinning has occurred, 
forming a coincidence-type boundary, a subse- 
quent twinning operation becomes substantially 
more difficult since the second coincidence bound- 
ary must have a higher density of coincidence sites 
than the first. Because of the orientation relation- 
ships which must hold, this requirement imposes 
rather severe geometrical restrictions on the sys- 
tem. It is clear, in fact, that the first operation 
of twinning to form a coincidence-type boundary 
will be geometrically possible only for a limited 
range of relative orientations between the starting 
grains, A and S. The frequency with which rela- 
tive orientations between grains A and S geomet- 
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SPECIMEN SOLUTE AXIS OF AMOUNT 


NO. CONTENT ROTATION OF 
(PPM-ATOM) FOR INDICATED ROTATION 
GRAINS 8 degs. 
7 14 Au 1-AS 27 
2-A'S 55 
3-A'S 20 
8 15 Au I-A 38 
2-A'S 40 
3-A"S 56 
9 44 Au 1-AS 35 
2- A'S 47 
2 
10 .65Au I-AS 48 
2-A'S 46 
83 Au 1- AS 40 
2-A'S 4\ 
3-A"S 56 
12 1.31 Au 52 
2-A'S 15 


Fig. 7—Stereographic plots of the axes of rotation which 
relate each of the grains A, A’, and A” with the striated 
crystal S by the smallest amount of rotation 6 in specimens 
7 to 12 inclusive. 


rically favorable for twinning will occur may be 
calculated using a method developed by C. G. Dunn 
and J. L. Walter™ for the analysis of orientation 
data. They have shown that the probability, P(7), 
that an orientation selected at random will fall 
within 7 radians of a specified orientation is given 
by: 


P(n) = [1] 


On the assumption that the orientation of the original 
crystal, A, introduced by recrystallization, is deter- 
mined by chance, Eq. [1] may be used to compute the 
the probability that the orientation relationship be- 
tween A and S will be geometrically favorable for 
twinning. Consider first the relationship between the 
grain A’, formed by twinning, and the striated crys- 
tal, S, taking the 22 deg <111> coincidence site re- 
lationship as an example. Let the allowable variation 
from the precise 22 deg <111> relationship be 4 deg. 
This tolerance appears reasonable in view of the mis- 
orientations of approximately + 3 deg present in the 
striation substructure of the crystal S and the obser- 
ved width of the energy cusp found experimentally! 
for coincidence-type boundaries, in relation to the 
twin boundary energy. The probability that the orien- 
tation A’ will fall within 4 deg of a specified orienta- 
tion is then: 
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Table II 


No. of 
Rotation 
eke Be- No. of Factor No. of 
Ge ween Rotation Due t Possi 
Coincidence Site Grains Axes for 
Relationships A’ and S Twinning Rotation tions 
22 deg. <111> 4 4 2 32 
56 deg. <110> 6 4 2 48 
39 deg. <110> 6 4 2 48 
16 deg. <100> 3 4 2 24 
47 deg. <111> 4 4 2 32 
approx. 60 deg. <111> 3 4 1 12 
Total 196 


P(n) = (4/1) (4/57.3)° = 0.00044 


Since the 22 deg <111> relationship may derive from 
rotation in either sense about any of the four <111> 
axes, the probability that the orientation A’ will be 
pean 4 deg of the 22 deg <111> relationship to crys- 
al S is: 


2X4 X 0.00044 = 0.0035. 


In addition, the orientation of A’ may derive from A 
by twinning on any of the four (111) planes. This in- 
troduces an additional factor of 4 and makes the total 
probability that an orientation A will be suitable for 
twinning to give a 22 deg <111> coincidence type A’S 
boundary equal to: 


4 x 0.0035 = 0.014 


of the grain boundaries AS, A’S and A’’S in the pre- 
sent study: the free energy decrease appears to 
constitute the important difference among these 
boundaries. However, in previous experiments on 
the migration of large-angle grain boundaries in 
similar specimens of zone-refined lead containing 
tin as solute,”’®’® boundaries of the coincidence site 
type were very frequently observed migrating out of 
the deformed and recrystallized region of the sample, 
rather than forming occasionally further along the 
specimen as in the present work. This frequent oc- 
currence of boundaries which were of the 22 deg and 
38 deg <111> and 28 deg <100> coincidence site 
types was observed only when the tin content of the 
specimen was in the range from 9 to 70 at. ppm. 
Whenever they appeared, these boundaries exhibited 
a migration rate up to one hundred times faster than 
that of a random boundary under the same conditions 
owing to the fact that the migration rate of random 
boundaries is decreased much more drastically by 
the addition of tin in this concentration range than is 
that of the coincidence-type boundaries. While the 
experimental observations are not sufficiently ex- 
tensive to show it conclusively, they do nevertheless 
indicate that, in the case of the Pb-Sn alloys (9 to 70 
at. ppm. Sn), the coincidence site boundaries is the 
advantage both in energy and in mobility and that the 
very frequent appearance of such boundaries is the 
result of the operation of both of these factors. As 
the calculations given above show, the process of 


In this way, a probability can be worked out for each of twinning would greatly enhance the probability of 
the six coincidence site relationships observed experi- Obtaining a grain of suitable orientation during re- 
mentally. Table II lists the number of possibilities for CryStallization and grain growth in the deformed re- 
each observed relationship. The total for the six obser-10n of the sample. The great advantage in mobility 


ved relationships is 196. This gives an expected fre- 
quency of occurrence of the formation of coincidence 
site boundaries by twinning of: 


196 P(n) = 0.086. 


That is, the process would be expected to occur in 
8.6 pct of a group of specimens studied. By ex- 
periment, the occurrence of twinning during grain 
boundary migration was observed in 12 cases out 

of 90 specimens examined, or in approximately 13 
pet of the specimens. This agreement must be con- 
sidered reasonably good in view of the statistical 
error associated with the limited number of cases 
observed and the uncertainty in the choice of 7 which 
results from limited knowledge of the twin boundary 
energy and the shape of the energy cusps associated 
with coincidence site boundaries. The geometrical 
considerations outlined above may account for the 
observation of Burgers ef al, * that a crystal re- 
lated to a cube texture matrix in copper by 22 deg 
about <111> (density of coincidence sites 1 in 7) 
has less tendency for twinning than a (111) [112] 
crystal, which is related to the matrix by a non- 
coincidence orientation relationship. 

It has been suggested’ that, in addition to the de- 
crease in grain boundary free energy which re- 
sults from twinning, the new boundary formed may 
also possess a greater mobility than the original 
boundary. No difference, within a factor of two, was 
found experimentally among the mobilities at 300°C 
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possessed by such a boundary would virtually assure 
its continued existence in competition with other 
grains of less favorable orientation. 

It is important to note that it is not necessary for 
the boundary A’S (or A”S), introduced by formation 
of an annealing twin, to be a coincidence-type or a 
near-twin boundary in order to satisfy the energy re- 
quirements set forth by Fullman and Fisher. Twin- 
ning might occur when the boundary A’S isa low- 
angle and, therefore, also a low-energy, boundary. 
However, although the formation of a low-angle 
boundary would satisfy the energy requirements, it 
would also mean, in high-purity lead, the introduction 
of a boundary of low mobility’’ which would make the 
continued propagation of the twin grain A’ difficult in 
competition with the original growing grain, A. Wheth- 
er the introduction of low-or medium-angle boundaries 
by twinning will occur or not may be expected to de- 
pend, in general, on whether a sufficient decrease of 
grain boundary free energy can be achieved by de- 
creasing the boundary misorientation without serious 
impairment of boundary mobility. The formation of 
low- or medium-angle boundaries by twinning may 
be important in a material such as aluminum in 
which the twin boundary energy is approximately 20 
pet that of a random, large-angle boundary.” A 
twin boundary energy as large as this would be ex- 
pected to exclude the formation of many coincidence 
site boundaries. On this basis, it is to be expected 
that the abundance of twins should decrease with in- 
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creasing ratio of twin boundary free energy to grain 
boundary free energy. This has been confirmed, 
using two different methods, by Fullman and Fisher’ 
and by Bolling and Winegard’. 

In addition to the energy requirements for twin 
formation, Burke” has proposed that the advancing 
grain boundary must correspond approximately to 
an octahedral plane of the growing grain at the point 
where twinning occurs and that the boundary must 
encounter some form of discontinuity which will in- 
duce a twinning accident. The present work gives 
no information concerning the first of these points, 
since the advancing grain boundary was curved and 
its orientation at the point of twinning was not known. 
With regard to the second, Burke and Turnbull” have 
suggested that the required discontinuity is furnished 
at the point of disappearance of a grain during grain 
growth. In the present work, this would correspond 
to the disappearance of a subgrain of the striated 
crystal, S. The nucleus on which a twin may grow 
is now generally believed to be a stacking fault in the 
lattice.° The operation of requirements such as those 
above may account for the present observation that 
migration of the original boundary, AS, often occurred 
for long distances before a twin was formed. 


Previous work”®*® on high-purity lead containing 
tin as solute showed the importance of the relative 
mobilities of different large-angle boundaries in the 
development of a preferred orientation. The present 
work indicates also the importance of relative grain 
boundary energies in the introduction of suitably or- 
iented grains through the twinning process. 


SUMMARY 


Annealing twins were observed during the growth 
of a recrystallized grain into a striated, melt-grown 
crystal in specimens of zone-refined lead containing 
less than 1.5 at. ppm of tin, silver, or gold. It was 
found that, in every case where an annealing twin was 
formed during grain boundary migration, a large-angle 
random boundary was replaced by a large-angle coin- 
cidence-type boundary of the sort discussed by Kron- 
berg and Wilson or by a near-twin boundary. In a few 
cases, twinning occurred a second time, the first 
coincidence-type boundary being replaced by a second 
one having a higher density of coincidence sites. The 
coincidence site boundaries observed in the present 


1028-VOLUME 218, DECEMBER 1960 


experiments separated grains having orientation dif- 
ferences near the Kronberg-Wilson relationships of 
39 deg about <110>, 56 deg about <110>, 16 deg about 
<100>, 22 deg about <111>, 47 deg about <111> and 
near the twin orientation of 60 deg about <111>. 

The present results are in agreement with the Full- 
man- Fisher theory of annealing twins and clarify the 
nature of the grain boundaries necessary for the op- 
eration of the twinning process. The usefulness of 
interpreting certain large-angle boundaries in terms 
of the coincidence site model is demonstrated. The 
results indicate that the selective introduction of 
certain relative orientations by the twinning process 
may make an important contribution to texture develop- 
ment. 
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The Effect of Phosphorus on the Deformation 
and Fracture Characteristics of Iron From 1600° to 


2200° F 


Constant-load creep-rupture tests were conducted in an argon 
atmosphere at temperatures of 1600° to 2200 °F on two heats of 


containing about 0.06 and 0.09 pct P in solid solution. The tests 
were conducted in the as-cast condition. Stresses were selected 
to give stvain vates approaching those encountered in the hot 
working of steel, and within the limits of the creep-rupture test 
apparatus, namely, from about 0.001 to 50 pct per sec. 


For generations, rolling and forging practices have 
been developed largely by empirical methods, based 
on prior experience. While largely successful, diffi- 


culties are frequently encountered when new or differ- 


ent alloy compositions are tried for the first time. 
There is need to know the relationships which exist 
among temperature, strain rate, composition, and 
other variables on the deformation and fracture 
characteristics of steels. 

It has been shown for aluminum and several high- 
temperature alloys that the deformation and fracture 
characteristics follow rather well-defined laws and 
patterns which are closely related to the effects of 
strain rate, temperature, and composition.’~* As the 
melting temperature of aluminum or its alloys was 
approached, it was possible to study the interplay of 
work-hardening factors and recovery or recrystal- 
lization, the latter resulting in improved ductility 


and increased resistance to intercrystalline fracture. 
In particular, the effects of composition are very ~~ 


poorly known. Within the meaning of ‘‘composition’’ 


should be included impurity elements, such as sulfur, 


phosphorous, lead, copper, and many others, as well 
as those elements which are added for alloying 
purposes in iron. The role of multiphase structures, 
in contrast to solid solutions, should also be studied 
in much greater detail. 


Table 1. Chemical Analysis of the Experimental Alloys, Weight Percent 


Heat No. Cc Mn xe) S Pp 
P-0 0.003 0.004 0.010 0.008 0.005 
P-1 0.002 0.004 0.209 0.010 0.059 
Pp-2 0.002 = 0.173 0.007 0.088 


There was a two-fold purpose in undertaking this 
program. First, it was desired to establish whether 
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high strain rate creep-rupture tests would provide 
information regarding the deformation and fracture 
characteristics of metals at hot-working tempera- 
tures. It was also desired to establish the stresses 
which are necessary to accomplish the desired defor- 
mation, and to relate these to the strain rate and 
temperature. Secondly, it was the purpose of this 
particular study to determine the effects of phospho- 
rus, within solid solution limits, on the deformation 
and fracture characteristics of iron at hot-working 
temperatures. 


EXPERIMENTAL PROCEDURE 


Two phosphorus levels were selected, one corre- 
sponding to the upper limit normally found for com- 
mercial steels, and one substantially higher than 
this, but within the region of solid solubility at the 
test temperatures chosen for this investigation. 
Twenty-pound heats were prepared by induction 
melting electrolytic iron in air in a magnesia lined 
furnace. After deoxidation-with about 0.2 pct Al, 
ferro-phosphorus was added, and the heats were 
then poured into prefired silica molds. The purpose 
of using silica molds was to obtain a slow cooling 
rate during solidification to produce a relatively 
coarse grain size, producing a structure subject to 
some segregation and therefore more nearly charac- 
teristic of ingot structures. The major part of the 
casting assembly provided a large shrinkage head in 
order to produce sound castings and to promote slow 
cooling of the specimens. The primary austenitic 
grain size varied from ASTM No. 2 to No. 00. The 
composition of the heats, including a low phorphorus 
melt, used for comparison purposes, is shown in 
Table I. It will be noted that the oxygen content of 
the phosphorus containing heats is relatively high, in 
spite of the deoxidation practice, a condition which 
is difficult to control in small melts. Creep-rupture 
tests were nevertheless undertaken when it was noted 
that this quantity of oxygen did not appear to give 
results any different from those from a heat contain- 
ing 0.01 pct O, low phosphorus and comparable 
carbon content;* see Table II. 
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+ 2000 °F 
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Fig. 1(a)—Stress-strain rate log-log plot for test bars from 
heat P-1 


After radiographic inspection, 1/4-in. (gage diam) 
test bars, having a 1 in. gage length, were machined 
from the castings. These bars were tested under 
conditions of direct loading, in a constand-load creep- 
rupture test unit. The strain was measured by means 
of a dial gage attached external to the furnace. The 
atmosphere was purified argon, and the tests were 
conducted in the temperature range from 1600° to 
2200°F. The test bars inevitably came out clean 
after fracture, so that oxidation was not a significant 
factor in any of the tests. 

The stresses were selected to give strain rates 
from about 0.001 to about 50 pct per sec. The values 
which are listed in the figures and photomicrographs 
are the secondary or minimum creep rates. Average 
creep rates could have been used just as readily and 
this would have increased the strain rate values by a 
factor of about 5, which is relatively small, however, 
when consideration is given to the wide strain rate 
range which was utilized throughout the investigation. 


RESULTS 


The stress-strain relationships and photomicro- 
graphs of representative tests at the various temper- 
atures for the two alloys are shown graphically in 
Figs. 1(a) and 1(d). Comparison with the data in 
Table II for the low-oxygen, low-phosphorus heat, 
shows good agreement. The photographs of the 
ruptured test bars demonstrate how the type of 
fracture changed with temperature and strain rate. 


Because there was practically no influence of strain 
rate on the nature of the fracture in the tests con- 
ducted at 1600°F and 2200°F, only one test bar is 
used to illustrate the nature of the fracture in each 
of those instances. Fig. 2 shows the changes in 
reduction of area and elongation at fracture as a 
function of the strain rate and test temperature. 
Figs. 3 to 6 show the microstructures of selected 
test bars after fracture. 


Table Il. Creep Rupture Data for Alloy P-O 


Temp., Stress, Life, CreepRate, Red.Area, Elong., 

Heat No. ws Psi Sec PctperSec Pct Pct 
P-O 1800 6280 28.7 0.24 85 80 
2000 5770 96 
2000 4240 23.8 0.29 95 89 
2000 2690 470. 0.015 90 90 
2200 3000 15.8 5.0 99.9 80 

2200 2220 90 0.33 99.7 81.3 
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Fig. 1(b) —Appearance of fractured specimens corresponding 
to conditions ABCDE in Fig. 1(a) 


DISCUSSION 


Fig. 1 shows the effect of strain rate on the stress 
for a given rupture time at several temperatures for 
alloy P-1. An increase of phosphorus to 0.088 pct 
from 0.059 did not result in a change in rupture 
stress or creep rate. Both sets of points fell on the 
same curves. Examination of Fig. 2 further shows 
that increased phosphorus has no effect on the 
amount of deformation at fracture. Incidentally, the 
results for the two heats are compared in the ferritic 
range at 1600°F, and in the austentitic range at 2200° 
F. Comparison of these two heats with a pure iron 
heat low in oxygen content showed that there was 
virtually no effect of phosphorus either on the creep 
resistance or the ductility of pure iron;* see Table II. 

Fig. 1 shows that in the temperature range 1800° 
to 2200°F, the resistance to deformation increases 
gradually with decreasing temperature. On crossing 
from the austenitic to the ferritic region (approxi- 
mately 1700°F for the 0.059 pct P alloy) the metal 
becomes very much softer.’ In fact, for a given 
strain rate, it requires a somewhat greater stress 
to deform the same alloy at 2200°F (austenitic iron) 
than to deform it at 1600°F (ferritic iron), a differ- 
ence of over 600°F. Further, the ductility for the 
ferritic state is considerably superior to that in the 
austenitic region at 1800°F; only above 2000°F does 
the austenitic material begin to show somewhat 
comparable ductility to that of the ferritic material 


120}— 4 
= @o.-- O 
50 
100}— -@0—— -@____ | 
ae 
= 
8 ee Heat P-| 0.059% P | Heat P-2 0.088%P Ss 
3 1800 °F = 
+ 2000°F 
0.00! 0.0! 0.1 


Min. Strain Rate % Per Sec. 


Fig. 2—Elongation and reduction of area at fracture for 
Heats P-1 and P-2 
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.« Fig. 3—Fracture zone for test bar from heat P-1, 
_ tested at 2200°F at a stress of 3200 psi; min strain 

rate = 1 pet per sec. 
_ (a) View at fracture. (b) View below fracture; stress 
direction vertical. X150. Reduced approximately 36 


_ pet for reproduction. 


at 1600°F. These observations are not unexpected, 
Since it has been demonstrated that close-packed 
systems are moe and stronger than the body- 
centered systems.” 

The results in Fig. 2 indicate that at 1800°F, in 
particular, the ductility at fracture reaches a maxi- 
mum at some intermediate strain rate over the range 


investigated. This effect is very much less at 2200°F, 


and is equally slight at 1600°F. Heavier reliance is 
made on the reduction of area values than on 
elongation because of the greater reproducibility of 
reduction of area. Elongation values are influenced 
to a greater degree by the internal cracking observed 
in the figures. It is interesting to compare these 
observations with the appearance of the microstruct- 
ures of the rupture bars at representative tempera- 
tures, shown in Figs. 3 to 6. 

Fig. 3 characterizes the structure of bars tested 
at 2200°F, where high ductility values were attained. 
The cracks are elongated in the direction of the 
applied stress, and are heavily concentrated in the 
necked portion of the specimen near the fracture. 
Often the cracks were associated with large iron- 
oxide inclusions. It is quite apparent from this 
photomicrograph that the matrix was characterized 
by very high ductility, and that even those cracks 
which formed at oxide inclusions did not propagate 
laterally, but instead were elongated by the heavy 
deformation in the neck of the specimen. All of the 


fractures were completely transgranular at this 
temperature, and were of the ductile cup and cone 
variety typical of ductile low-temperature fracture. 

In tests at 1800°F, the results varied with the 
strain rate. Reference should be made to Figs. 1 
and 2 in examining these photomicrographs. 

Fig. 4 shows the nature of the fracture which 
occurs at the very low strain rates (0.0008 pct per 
sec). The fracture itself is of the transgranular 
variety but in the area below the fracture, and in 
fact thoroughout the entire specimen length, there 
were intercrystalline cracks as evidenced in Fig. 
4(b). This fracture was associated with lower 
ductility values. Incidentally, fractures are not 
associated with the large iron oxide inclusions as 
was typical in Fig. 3, and as is indicated in Fig. 4(d). 

Fig. 5 is characteristic of the very high ductility, 
intermediate strain rate tests, The fracture is again 
transcrystalline, and cracking is confined toa rela- 
tively narrow region near the fracture. The fractures 
are again often associated with the larger oxide 
inclusions (as in Fig. 3), but there is no tendency for 
transverse cracks to appear in this structure as is 
noted in Fig. 4. 

Fig. 6 shows the type of fracture which took place 

in the highest strain rate tests at 1800°F (5.0 pct 
per hr). The fracture was again of the transcrystal- 
line variety. Cracks were associated with the larger 
oxide inclusions, but did not progress transversely. 


Fig. 4—Fracture zone of test bar from heat P-1, 

* tested at 1800°F at a stress of 2650 psi; min strain 
4, rate = 0.0008 pct per sec. 

i (a) View at fracture. (b) View below fracture. Stress 
| direction vertical. X100. Reduced approximately 36 
pet for reproduction. 


(a) (6) 
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Fig. 5—Fracture zone for test bar from heat P-1, tested at 
1800°F at a stress of 6700 psi; min strain rate = 0.5 pct per 
sec. Stress direction vertical. X150. Reduced approximately 
36 pet for reproduction. 


Rare intercrystalline cracks were found, but these 
were highly restricted in nature and did not appear 
to influence the fracture itself. 

Thus it appears that there is a change at 1800°F 
from a partly intergranular type of fracture associ- 
ated with lower ductility in the low strain rate tests, 
Fig. 3, to a completely transgranular and highly 
ductile fracture at the intermediate strain rates, 
back to a lower ductility fracture in the tests at the 
highest strain rates. 

One may explain tentatively, this behavior on the, 
basis that in high strain rate tests there is no oppor- 
tunity for recrystallization to occur; in fact, strain 
hardening is associated with these high strain rate 
tests, generally leading to a transgranular fracture. 
In the intermediate strain rate tests, there is oppor- 
tunity for recrystallization to take place, which leads 
to the high ductilities. In the very slow strain rate 
tests, on the other hand, intercrystalline cracking 
tendencies are promoted. Recrystallization does not 
take place, instead partial recovery and grain bounda- 
ry migration prevail to a great extent; these con- 
ditions lead to the more brittle type of fracture 
associated with low strain rate tests. 


CONC LUSIONS 


The present study has shown that phosphorous 
contents up to 0.09 pct have practically no influence 
on the hot deformability of iron. 

The ferritic structure isso much softer and weaker 
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Fig. 6—Fracture zone of test bar from heat P-1, tested at 
1800°F and 8200 psi; min strain rate = 5 pct per hr. View 
at fracture. Stress direction vertical. X150. Reduced ap- 
proximately 36 pet for reproduction. 


than the austenitic one that iron deforms just as 
easily at 1600°F as it does at 2200°F. Deformation 
of the ferritic structure is more evenly distributed 
over the whole length of the test bars than is the case 
for deformation of austenite. 

Within the austenitic region, particularly at 1800°F, 
the ductility appears to reach a maximum at an inter- 
mediate strain rate. It is probable that recrystalli- 
zation occurs most effectively at this intermediate 
strain rate. 
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Growth of (110) [001] -Oriented Grains in High-Purity 


Silicon Iron-A Unique Form of Secondary 


Recrystallization 


Secondary recrystallization to the (110) [001] texture in high- 
purity silicon iron occurs if low-oxygen material is annealed in a 
nonoxidizing atmosphere. Any departure from these conditions 
results in a growth of (100) oriented grains. The nature of the 
matrix and secondary recrystallization structures and textures 


and the nature of grain boundary interactions during growth show 


J. L. Walter 


that the low gas-metal interfacial energy of the (110) surfaces 


provides the driving force for growth of these grains. 


A type of grain growth, characterized by a driving 
force which derives from energy differences of 
{hkl } surfaces at the gas-metal interface, has been 
treated in recent papers.” ” Secondary recrystalli- 
zation to the cube texture in high-purity silicon iron 
provides one example.” ” The present paper also 
deals with a surface energy driving force but the 
texture that results by secondary recrystallization 
is not the cube texture; it is a texture in which the 
(110) plane is in the plane of rolling and the [001] 
direction is in the direction of rolling. The phenome- 
non described in this paper is different from the 
impurity (dispersed phase)-controlled secondary 
recrystallization process in which the (110) [001] ori- 
ented grains grow under the action of grain boundary 
driving forces.*-” It is also different from tertiary 
recrystallization,’ which also produces the (110) [001] 
texture in high-purity silicon iron, since the matrix 
textures and grain sizes are different. Finally, it is 
unlike any other form of secondary recrystallization 
reported in the literature. 

The possibility of obtaining the (110) [001] texture 
in high-purity silicon iron became clear in a study 
of the effect of impurity atoms on the energy relation- 
ships of (100) and (110) surfaces. In this study Walter 
and Dunn’ observed the migration of (100)/(110) 
boundaries, i.e., boundaries between two grains, one 
of which has a (100) plane and the other a (110) plane, 
respectively, parallel to the plane of the sheet speci- 
men. At 1200°C the (100)/(110) boundaries advanced 
into (100) grains in a vacuum anneal, then reversed 
their direction and migrated into (110) grains ina 
subsequent anneal in impure argon. Finally, the di- 
rection of migration reversed once again with (110) 
grains growing into (100) grains in a second vacuum 
anneal. These results were explained in terms of a 
change in concentration of oxygen atoms at the gas- 
metal interface during the anneals. Thus, oxygen 
atoms were added to the surface during the anneals 
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in impure argon to the point where y1oo, the specific 
surface energy of the (100) oriented grains, was 
lower than yi10, the surface energy of (110) oriented 
grains. In vacuum, however, the oxygen concentration 
at the surface was lowered to the point where 7119 < 

Y 100. 

Concerning the possibility of secondary recrystal- 
lization in high-purity silicon iron with a low initial 
oxygen concentration, the observed effect of adsorbed 
oxygen atoms has indicated® that a good vacuum an- 
neal would favor the rapid growth of matrix grains 
with the (110) plane in the plane of the sheet much 
more than grains in the (100) orientation. The growth 
of only (110) oriented grains of course would depend 
upon 7110 being less than y,21, where hkl refers to 
any plane different from (110). 

The present paper is concerned with the applica- 
tion of the above ideas to secondary recrystallization 
to the (110) [001] texture in high-purity silicon iron. 
The matrix and secondary recrystallization textures 
and structures are defined and discussed. Observa- 
tions of growth of nuclei for secondary recrystalliza- 
tion and of boundary interactions are included to pro- 
vide direct information on the surface energy rela- 
tionships between (110) and other (hkl) surfaces. 


EXPERIMENTAL PROCEDURE 


As before,’’*-° high-purity iron and silicon were 


melted and cast in vacuum to provide an alloy con- 
taining 3 pct Si with less than 0.005 wt pct impurities. 
The oxygen content of the ingot was lower than in 
previous ingots, being approximately 3 ppm (by 
weight). The carbon content of this ingot may have 
been slightly higher than was found for previous 
ingots. 

The same rolling and annealing schedule used 
previously” was followed in this study to obtain sam- 
ples 0.012 in. (0.3 mm) thick. These samples were 
electropolished prior to annealing. After rolling and 
polishing, the oxygen content of the material was 
approximately 6 ppm; material used in the previous 
studies contained about twice this amount of oxygen. 
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Fig. 1—Macrostructures of samples annealed for a) 5 min., 
b) 15 min., c) 30 min., d) 1 hr., e) 2 hrs. at 1200°C X38. 
Reduced approximately 28 pct for reproduction. 


Anneals to develop the matrix structure and sec- 
ondary recrystallization structure were conducted in 
vacuum at pressures below 5 X107° mm Hg. The 
temperature of anneal was 1200°C, the same temper- 
ature used in the studies of secondary recrystalliza- 
tion to the cube texture and tertiary recrystallization 
to the (110) [001] texture in high-purity silicon iron 
of the same thickness. In preliminary studies, a few 
separate samples were annealed in argon containing 
a small amount of oxygen to determine the effect of 
departure from nonoxidizing conditions at 1200°C. 

Possible nuclei for secondary recrystallization 
were identified by surface patterns on grains having 
(110) planes near the plane of the surface. These 
patterns were similar to evaporation patterns re- 
ported by Batdorf and Smits” for a (111) surface of 
a single crystal of silicon. 

The orientations of the matrix grains, the nuclei, 
and the secondary grains were determined either 
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figures for the mat- 


Fig. 2—Axis density 


rix; a) normal di- 
rection, b) rolling 
direction, c) trans- 
verse direction. 


45 
00! 101 


from transmission or back-reflection X-ray photo- 
graphs. 


RESULTS AND DISCUSSION 


A) The Course of Grain Growth—The macrostruc- 
tures obtained in a series of anneals at 1200°C are 
shown in Fig. 1. Fig. 1(a) shows the sample after 
primary recrystallization and normal grain growth. 
This sample was annealed for 5 min. The average 
grain diameter is 1.7 times the sheet thickness. This 
is the matrix structure for secondary recrystalliza- 
tion; the required matrix stability is assumed to be 
due to the specimen thickness effect ’’* (see also 
Refs...2; 405597): 

The matrix grain size did not remain completely 
constant with increasing time at temperature; the 
ratio of average diameter to thickness is about 2 
after 15 min and about 2.7 after 30 min at tempera- 
ture, Figs. 1(b) and 1(c), respectively. The more 
rapid growth of a few grains, evident in Fig. 1(b), is 
sufficiently like secondary recrystallization, however, 
to permit the use of this terminology in the present 
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Fig. 3—Density plots 
for secondary re- 
crystallization tex- 
ture; a) normal di- 
rection, b) rolling 
direction. 
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description of the phenomenon. Figs. 1(d) and 1(e) 
show the macrostructures in the later stages of sec- 
ondary recrystallization (after 1 and 2 hr at temper- 
ature, respectively). More will be said of the later 
stages of grain growth. 

B) The Matrix Texture—The matrix texture is 
summarized in the axis density-figures shown in Fig. 
2. These plots were constructed from the orientations 
of 149 grains of the matrix (5 min at 1200°C). This 
texture is similar to the matrix texture for secondary 
recrystallization to the cube texture’ in high-purity 
silicon iron; both have (110) pole concentrations in 
the normal direction and in the transverse direction 
and a (100) pole concentration in the rolling direction. 
These pole concentrations indicate that the (110) [001] 
component is by far the strongest component of the 
texture. The orientation data provide a further com- 
parison; 16.7 pct of the grains of the matrix are ina 
(110) [001] orientation state of size 10 deg. The mat- 
rix described in the previous study* (for material 
0.006 in. thick annealed at 1000°C) had 11.3 pct of 
the grains in the same orientation state. Similarly, 
the previous matrix texture contained a weak cube 
component with 3.5 pct of the grains in a 10-deg-(100) 
[001] orientation state; the matrix texture obtained in 
the present study contained only 0.7 pct in this state. 
Inspection of a much larger number of grains, how- 
ever, indicated that the sample of 149 grains probably 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Table |. Percent of Grains vs Angle of Deviation (in Degrees) 


Deviation of (110) from R.P. Deviation of [001] from R.D. 


0-3° 0-5° _0-10° 0-3° _0-5° _0-10° 
Pct grains 54 89 100 26 46 87 


was proportionately too low in cube orientations (note 
also some later comments). 

It should be pointed out that the similarity of the 
present texture to the previous matrix texture indi- 
cates that in the ranges studied, oxygen content, 
thickness, and annealing temperatures have little 
effect on the textures formed by primary recrystal- 
lization and normal grain growth. 

C) The Secondary Recrystallization Texture—The 
orientations of 55 secondary grains were determined 
from two samples annealed for 3 hr at 1200°C. The 
surface normals and crystallographic directions 
parallel to the rolling direction are plotted on por- 
tions of unit stereographic triangles in Fig. 3. Con- 
tour lines of calculated densities are also included. 
The texture is a strong (110) [001] single component 
texture. The sharpness of this secondary recrystal- 
lization texture is illustrated further in the data of 
Table I. This table contains the percent of grains vs 
the angle of deviation of the (110) planes from the 
rolling plane (R. P.) and the deviation of the [001] 
directions from the rolling direction (R.D.). 

D) Comparison of Matrix and Secondary Recrystal- 
lization Textures—A comparison of Figs. 2 and 3 


shows that secondary recrystallization has enhanced 
the (110) [001] component of the matrix texture. The 
degree of enhancement is illustrated by orientation 
density” curves for both the matrix texture and the 
secondary recrystallization texture, Fig. 4. The 
ordinate of Fig. 4 gives the orientation density in 
‘‘times random’’ units and the abscissa gives the 
angle that the [001] direction of the 5-deg-orientation 
state makes with the rolling direction. Both textures 
have a maximum orientation density for the zero- 
angle position, i.e., for the (110) [001] orientation. 
The ratio of orientation densities is constant and 
equal to about 9.3 from [001] parallel to R.D. to [001] 
at an angle of 35 deg to R. D. Thus, secondary re- 
crystallization has preduced an increase of about 
9.3 in the density of the (110)[001] orientation and all 
all other (110) <uvw> orientations present in the 
matrix texture. 

There is, then, a direct relationship between the 
(110) oriented matrix grains and the secondary 
grains. Secondary recrystallization results ina 
texture in which the (110) planes are strongly concen- 
trated parallel to the surface of the sheet (see Table 
I)- this relationship is quite analogous to the (100) 
planar concentration of secondaries in the cube tex- 
*957 Tt is obvious from Table I and from Fig. 4 
that the degree of alignment of the [001] directions 
is less strong even though 87 pct of the secondary 
grains have [001] directions within 10 deg of the R.D. 
From these relationships we may draw conclusions 
concerning the nuclei for secondary recrystallization. 

E) Nuclei for Secondary Recrystallization—These 
orientation relationships between the secondaries 
and the matrix grains are different from all other 
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exceptions, nuclei for secondary recrystallization 
have always been found in deviating orientation to 
either a strong single component texture or to the 
strongest component of a multi-component texture. 
The present matrix texture is neither a strong single 
component texture nor is it a weak one. For instance, 
magnetic torque curves are similar to those ofa (110) 
[001] oriented single crystal except that the amplitude 
is slightly over half that of the single crystal. 

It is obvious that the secondary grains are not in 
deviating orientation to the strongest component of 
the matrix texture which is (110)[001]. On the other 
hand, this component is sufficiently spread that the 
calculated average disorientation* of the grains of 


*Calculations of this type are shown in Ref. 4. 


the component is about 16 deg. Thus, the number of 
small-angle grain boundaries is probably insufficient 
to retard significantly growth of the (110) [001] grains. 
Even so, it might be expected that grains in deviating 
orientation such as (111) oriented grains or even 
(110) grains with [001] directions at 20 to 30 deg to 
the rolling direction might have a mobility prefer- 
ence; growth of these grains would involve only large 
angle boundaries. However, a comparison between 
size and orientation of secondaries did not disclose 

a mobility preference during secondary recrystal- 
lization. Thus, it is concluded that oriented growth 
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Fig. 5—Photograph and orientation data; a 6-sided (110) 
matrix grain. X100. Reduced approximately 46 pct for 
reproduction. 


does not play a significant role in this type of second- 
ary recrystallization. 

The circumstance of nuclei having the same ori- 
entation as the strong component of the matrix tex- 
ture would provide an ideal situation for Neilsen’s 
geometrical coalescence mechanism (for the for- 
mation of nuclei for secondary recrystallization) if 
grain boundaries were the only source of driving 
energy for grain boundary migration and if adequate 
grain boundary mobility were still available. This 
conclusion is based on the fact that high orientation 
density increases the probability that neighboring 
grains will have nearly the same orientation. Closely 
oriented pairs could act as nuclei, particularly in the 
case of pairs with (110) planes in the plane of rolling 
where there would be a surface energy driving force 
in addition to the grain boundary driving force. 
Examination of the matrix structure showed, how- 
ever, that there were too few grains with the required 
small disorientations to warrant assigning more 
than a minor role to the surface energy-modified 
form of Neilsen’s mechanism. 

Since oriented growth is not responsible for growth 
of the (110) oriented secondaries, we conclude that 
the important factor is an extra driving force, de- 
rived from differences in gas-metal interfacial ener- 
gy. Thus, (110) surfaces must have a lower surface 
energy than the other {hkl} surfaces of the primary 
matrix. 

This conclusion is substantiated by direct obser- 
vations of growth of (110) matrix grains. For in- 
stance, Figs. 5 and 6 show two potential nuclei. The 


= 
Fig. 6—Photograph and orientation data; a 5-sided (110) 
matrix grain. X100. Reduced approximately 46 pct for 
reproduction. 
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Fig. 7—Photograph 
and orientation data; 
3 (110) secondary 
grains. X500. Re- 
duced approximately 
30 pet for reproduc- 
tion. 
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potential nucleus in Fig. 5(a2) is a 6-sided grain with 
the (110) plane within % deg of the surface [the sur- 
face orientations of the nucleus and its immediate 
neighbors are given in Fig. 5(b)]. This grain was 
growing during a 5-min anneal at 1200°C according 
to the thermal groove records. Similarly, a 5-sided 
grain with a (110) plane 1 deg from the surface was 
also growing, Fig. 6(a). In both cases, the boundaries 
of the nuclei were migrating away from the centers 
of curvature in the surface; this could be accounted 
for only by differences in surface energy acting as 
the driving force for grain growth. As can be seen 
from the plots of surface orientations, Figs. 5(b) and 
6(b), the nuclei were also growing into neighboring 
grains which have (110) planes only a few degrees 
from the plane of the sheet. 

F) Effects of {hkl} Plane— From the point of view 
of a dependence of surface energy on kind of {hkl} 
plane parallel to the surface, the observed high con- 
centration of (110) planes in the plane of the surface 
suggests a rapid increase of surface energy with 
increasing tilt from the (110) plane. The (110) grain 
in Fig. 5(a) is growing at the expense of grain 4 
which is 8 deg from the (110) plane. If other neigh- 
bors, not near the (110) orientation, were near such 
a grain as grain 4, this grain might also grow, pro- 
vided the neighbors all had higher surface energies. 
However, less tilted (110) secondaries would grow 
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into the secondaries of greater tilt. For example, 
Fig. 7 shows the surface of a sample annealed for 

3 hrs at 1200°C. The tilts of the (110) planes for 
grains 1, 2, and 3 are 1, 4, and 9 deg, respectively. 
Groove records revealed that grain 1 was growing 
into grain 2 (boundary migration was away from the 
center of curvature in the surface but toward the 
center of curvature in a radial cross section) with a 
difference in surface energy of about 17 ergs per sq 
cm. This difference provided a driving force of about 
1200 ergs per cm*. Grain 2 was, in turn, growing 
into grain 3 ina similar manner. Many other exam- 
ples were also observed of well oriented (110) sec- 
ondary grains growing into others tilteda few degrees 
from (110). Such growth can only be explained by a 
rapid rise of the surface energy with increasing tilt 
from the (110) orientation. This relationship is analo- 
gous to the increase of surface energy with tilt from 
the (100) orientation previously reported for condi- 
tions inwhich Y100 < Yi10.” 

There may also be a variation in surface energy 
with tilt from other low index planes.’” The prior 
observation of (111) oriented grains tending to grow 
larger than other matrix grains’ and some present 
observations of a few (100) matrix grains tending to 
become secondaries suggests the following relation- 
ships. When the (100) plane is the low energy surface 
(case of high oxygen), then yin < 7,27, where hkl 
refers to high index planes other than those near 
(100). When the (110) plane is the low energy surface 
(present case of low oxygen), then Y100 < ¥,7, where 
sees yada to high index planes other than those near 

110). 

In this way, the observed tendency for a few (100) 
oriented matrix grains to grow larger than other 
matrix grains during secondary recrystallization in 
the low-oxygen material may be explained. These 
appear as the darker grains in Fig. 1(c). If, after 
primary recrystallization and normal growth, these 
(100) grains had as neighbors only grains of higher 
surface energy they would, by the above relationships, 
be favored to grow in a highly localized region of the 
sample. However, the relationship 7119 <Y100 would, 
in turn, result in the removal of these grains by the 
growing secondaries. 

G) Effects of Oxygen—An alternative explanation 
for the growth of a few (100) grains in the low-oxygen 
material involves a variation of oxygen concentration 
from point to point in the material such that, at local- 
ized areas, Y100 <‘¥110- Thus, any variations in ini- 
tial oxygen content or any departure from nonoxidiz- 
ing conditions (particularly during the time of heating 
to temperature) would certainly favor a start toward 
the cube texture. In fact, annealing the low-oxygen 
material in argon containing a small amount of oxy- 
gen results in the formation of the cube texture by 
secondary recrystallization. Therefore, what may 
have been only a minor effect leading to growth of a 
few (100) grains is easily converted into a major 
effect if a nonoxidizing atmosphere is not established. 
Clearly, very precise conditions of low initial oxygen 
and nonoxidizing atmosphere must be met if the 
present kind of secondary recrystallization toa (110) 
[001] texture is to be obtained. 

Annealing in good vacuum quickly eliminates any 


VOLUME 218, DECEMBER 1960-1037 


(a) 


oxygen variations; for instance, the average oxygen 
content is reduced from about 6 ppm to about 2 ppm 
after 1 hr at 1200°C at pressures of about 5x10 ° 
mm Hg. Any (100) oriented matrix grain that grew 
during the early stages of the anneal in vacuum 
would, therefore, be removed by the growing (110) 
secondaries according to the relationship Y110 < Y100 
for low-oxygen silicon iron. Regarding the major 
effect, there is no doubt that anneals in vacuum favor 
growth of (110) grains at the start of the anneal and 
thereafter. 

H) Surface Energy and Texture Changes— From the 
present and previous results”’*’® it is seen that many 
kinds of texture changes are possible when surface 
energy depends strongly on a) tilt from simple planes 
and b) impurities at the gas-metal interface. The 
textures and texture changes in high-purity silicon 
iron which have already been discussed should serve 
to illustrate this point. It is now quite clear (see also 
Ref. 6) that tertiary recrystallization tothe (110) [001] 
texture (after secondary recrystallization to the cube 
texture) depends on a change in oxygen level during 
annealing. Although none of the examples involve 
static compositions (with regard to interstitial im- 
purities) during the anneal, the present secondary 
recrystallization to the (110) [001] texture and also 
secondary recrystallization to the cube texture” do 
not depend, in principle, on a composition change. 

The textures and texture changes dependent on 
surface energy are summarized as follows: 

1) Tertiary recrystallization to the (110) [001] tex- 
ture requires: (a) high initial oxygen content (above 
6 ppm) or anneals under slightly oxidizing conditions 
for secondary recrystallization to the cube texture 
with a few small (110) oriented grains remaining, 
and (b) removal of the oxygen to allow the (110) 
grains to grow into the cube secondaries by means 
of a favorable surface energy driving force. 

2) Secondary recrystallization to the cube texture 
in vacuum can be effected only if the material has 
the higher oxygen concentration and the growing cube 
secondaries remove all (110) grains before energy 
reversals can occur. 

3) Secondary recrystallization to the (110) [001] 
texture requires both a low initial oxygen concentra- 
tion and anneals in a nonoxidizing atmosphere such 
as vacuum. 

In all three cases, the matrix texture prior to 
secondary recrystallization is substantially the same, 
i.e€., one in which the strongest component is (110) 


1038—VOLUME 218, DECEMBER 1960 


[001]. The matrix texture for tertiary recrystalliza- 
tion, however, is the cube texture. 


CONC LUSIONS 


1) The development of a strong (110) [001] texture 
in high purity silicon iron by secondary recrystal- 
lization requires that the material have a low initial 
oxygen concentration and that it be annealed in a non- 
oxidizing atmosphere such as vacuum. Use of a 
slightly oxidizing atmosphere results in growth of 
(100) oriented grains. 

2) The present kind of growth of (110) [001] oriented 
grains depends on a unique surface energy driving 
force; it does not depend on any favored orientation- 
relationship with the matrix texture, which also con- 
sists largely of a relatively strong (110) [001] com- 
ponent. Oriented growth therefore is not involved in 
the secondary recrystallization. 

3) When the oxygen concentration is low (less than 
about 6 ppm), the energy of the (110) gas-metal sur- 
face is less than the surface energy of any other (hki) 
plane, 7.€., Yi1o < Yppy- Also the surface energy in- 
creases rapidly with angle of tilt from a (110) plane. 

4) Contrary to the usual relationship, the orienta- 
tions of the nuclei for secondary recrystallization in 
material of low oxygen content correlate directly 
with the strongest component of the matrix texture. 
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Investigation of Bessemer Converter Smoke Control 


The initial phase of a research program on smoke abatement 
from Bessemer converters is described. In work sponsored by 
the American Iron and Steel Institute, a 300-lb experimental 
Bessemer converter was assembled to simulate blowing conditions 
in a commercial vessel. Measurements of smoke and dust were 
also made in the field on a 30-ton commercial vessel. During 
normal blows the dust loading from the laboratory converter aver- 
aged 0.51 lb per 1000 lb of exhaust gas. This was similar to the 
exhaust-gas loading of a commercial vessel. The addition of 


hydrogen to the blast gas of the laboratory converter caused a 
decided decrease in smoke density. Smoke was also reduced 
markedly when methane or ammonia was added instead of hydrogen. 


A. R. Orban 
J.D. Hummell 


The research is continuing on a bench-scale investigation of the 


mechanism of smoke formation in the converter process. 


Dwurinc the past 2 years, on behalf of the American 
Iron and Steel Institute, Battelle has been conducting 
a research program on the control of emissions from 
pneumatic steelmaking processes. The objective of 
the research program is to discover a practical 
method for reducing to an unobjectionable level the 
emission of smoke and dust from Bessemer con- 
verters. 


PRELIMINARY INVESTIGATION 


Although conceivably some new collecting technique 
may be devised which would be economically practi- 
cable for cleaning Bessemer gases, no such system 
based on presently known principles seems feasible 
because of the extremely large volume of high- 
temperature gases involved. Hence, the research is 
being directed toward prevention of smoke formation 
at the source. 

A thorough review was first made of former work 
to determine the present status of the cleaning of 
converter gases. No published work was found on 
work done in the United States on collecting smoke 
or on preventing its formation in the bottom-blown, 
acid-Bessemer converter. In Europe, however, a 
number of investigations have been made on the basic- 
Bessemer converter. 

Kosmider, Neuhaus, and Kratzenstein’ conducted 
tests on a 20-ton converter to obtain characteristic 
data for dust removal and the utilization of waste 
heat. They concluded that because of the submicron 
size of the dust, special equipment would be neces- 
sary to clean the exhaust gases. Dehne’ conducted a 
large number of smoke-abatement experiments at 
Duisburg-Huckingen in a 36-ton Thomas converter 
discharging into a stack. A number of wet-scrubbing 
and dry collectors were tried unsuccessfully. A 
waste-heat boiler and electrostatic collector with 
necessary gas precleaners was felt to be the best 
solution for this particular plant. 

A. R. ORBAN and J. D. HUMMELL are Senior Mechanical Engineers, 
and R. B. ENGDAHL is Division Chief, Thermal Engineering, Battelle 


Memorial Institute, Columbus, Ohio. 
Manuscript submitted April 12, 1960. ISD 
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R. B. Engdahl 


Meldau and Laufhiitte® determined that the particle 
size was all below 1 yu in the waste gas of a bottom- 
blown converter. Sel’kin and Zadalya* describe the 
use of oxygen-water mixtures injected into a molten 
bath in refining open-hearth steel. They claim that 
with use of oxygen-water mixtures the amount of dust 
formed was reduced between 33.3 and 20 pct of its 
previous level, and emission of brown smoke almost 
ceased. Pepperhoff and Passov’ attempted unsuccess- 
fully to find some correlation between the optical 
absorption of the smoke, the flame emission, and the 
composition of the metal in a Thomas converter in 


order to determine automatically the metallurgical 
state in the melt. 

In a recent U. S. Patent (No. 2,831,762)° issued to 
two Austrian inventors, Kemmetmuller and Rinesch, 
the inventors claim a process for treating the ex- _ 
haust gases from a converter. By their method the 
inventors claim that the exhaust gases from the 
converter are cooled immediately after leaving the 
converter to a degree that oxidation of the metal 
vapors and metal particles to form Fe,O, is inhibited 
in the presence of surplus oxygen. 

Gledhill, Carnall, and Sargent” report on cleaning 
the gases from oxygen lancing of pigiron in the ladle. 
They claim the Pease-Anthony Venturi scrubber 
removed 99.5 + pct of the smoke, thereby reducing 
the concentration to 0.1 to 0.2 grain per cu ft, which 
resulted in a colorless stack gas after the evapo- 
ration of water. Fischer and Wahlster® developed a 
small basic converter and compared the metallur- 
gical behavior of the blow with that of a large con- 
verter. Later work by Kosmider, Neuhaus, and 
Hardt? on the use of steam for reduction of smoke 
from an oxygen-enriched converter confirmed that 
the cooling effect of steam is detrimental to pro- 
duction. 

From review of all of the published information 
on the subject, it was concluded that a practical 
solution to the smoke-elimination problem had not 
been found. Accordingly, it was deemed desirable 
to investigate the feasibility of preventing the initial 
formation of smoke in the converter. 
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Includes dust from blowing tuyéres 


N.D. 


N.D. 


0.04 <0.01 


0.02 <0.02 <0.02 


0.01 0.02 0.02 <0.02 


1.13 OE OFS 1081 


2.150 2.150 


205 


Turnup 


on new bottom before turnup 


N.D. N.D. 


0.06 <0.01 


0.06 0.04 <0.02 <0.02 


0.380 0.200 10:5" 1:05" 0:45-0:05 0:07, 
0.285 0.332 0.1495 0.175 
0.0568 


60 
200 


Turndown 


t 


0.02 <0.02 0.08 <0.01 <0.05 


0.02 0.06 0.05 
0.05 
0.02 0.02 


0.01 


0.7 0.1 


1.0 


4.0 0.5 


93 


0.0303 0.040 


0.033 
0.335 
0.148 


0.077 


0.1113 
0.0576 
0.063 


0.636 
0.281 


11 
210 
206 


201 
218 


min after turnup 


Steam-air, 3 to 7 


0.06 <0.01 <0.05 


0.02 <0.02 
0.02 0.02 <0.02 <0.02 <0.02 <0.01 


0.06 0.05 


0.01 


0.4 0.2 
0.1 


1.0 
0.1 


40 0.8 
1.0 0.5 


93 
98 


Gain on ignition, +1.7 pct 


t 


N.D. 


0.01 


0.241 


0.458 


O,-air, 2 to 5 min 
after turnup 


Notes: Percentages arbitrarily reported as oxides, 


N.D.—not detected; t—trace. 
*Fe,0, calculated as a remainder by difference. 


MECHANISMS OF SMOKE FORMATION 


Two separate theories on smoke formation have 
been advanced. These are 1) the vaporization theory 
and 2) the carbonyl theory. In the vaporization 
theory, it is generally believed that the exothermic 
reaction of iron and oxygen produces an instantaneous 
temperature in the reaction zone high enough to 
cause iron to vaporize. In its travel through the 
molten bath with nitrogen and/or CO, the iron vapor 
cools and condenses. When the condensed vapor 
comes in contact with the air outside the converter, 
it oxidizes and forms brown smoke. 

According to the iron-carbonyl theory, ferrous 
oxide is formed when the oxidizing gas meets the 
metal surface, and this compound reacts with iron 
carbide to form iron carbonyl. This then decomposes 
to iron and CO, the iron being oxidized to form brown 
smoke. However, because iron carbonyl is unstable 
at high temperature, there is some question on this 
theory. Casting further doubt is the fact that iron 
carbonyl cannot account for the heavy smoke preva- 
lent during the afterblow of a basic converter when 
there is little carbon present. 

Practical operating experience shows that the 
addition of sufficient steam to the blowing gas practi- 
cally eliminates smoke from the converter. It is 
generally believed that the cooling effect produced 
by the endothermic decomposition of steam to hydro- 
gen and oxygen at high temperatures may prevent 
the high reaction temperatures which are caused 
when oxygen and iron unite. Carbon dioxide has a 
greater cooling capacity on decomposition than does 
steam. However, information regarding its use indi- 
cates that it does not suppress smoke.’”*’ Conse- 
quently, it appears that steam does something more 
than simply cool the reaction zone. 


SAMPLING SMOKE FROM A FULL-SCALE 
CONVERTER 


Samples of smoke from a typical full-scale con- 
verter were obtained through the cooperation of the 
National Tube Division, U.S. Steel Corp., McKeesport, 
Pa., which made available a 30 ton acid Bessemer 
converter for sampling. The purpose of obtaining 
the samples was to determine the physical and chemi- 
cal characteristics of the smoke particles. Having 
such information would facilitate duplication of smoke 
in the laboratory and might give some clue as to the 
mechanism by which the particles were formed. 

It was necessary first to obtain gas temperatures 
above the flame at the proposed sampling points so 
that the smoke-sampling equipment could have ade- 
quate thermal protection. The National Tube Division 
provided a railroad-crane boom with a pipe extension 
which was used for the temperature measurements. 
The total boom length was approximately 115 ft. A 
bare Chromel-Alumel thermocouple and a high-ve- 
locity aspirating Chromel-Alumel thermocouple 
were secured to the end of the boom. The thermo- 
couple wires and air aspirating line passed through 
the 6-in. pipe to the ground. Temperatures were 
recorded on a high-speed, multipoint, potentiometer 
recorder. 
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Table Il. Approximate Particle-Size Distribution for an Air Blow 
and a Steam-Air Blow 


(Sampled with a cascade impactor) 


Percentage by Weight of 
Particles Below 5 Microns Captured 


Average Captured Air Blow Steam-Air Blow 
Particle Size, Particle Size, 9 Min 5 Min 
Stage after Turnup after Turnup 
1 >5 >5 - 
2 3.38 2-51to15 9.9 11.3 
3 1.67 LE2stOn2.5 13.1 46.8 
4 0.85 0.6 to 1.2 9.8 9.9 
5 0.42 0.3 to 0.6 16.4 22.5 
6 0.21 0.15 to 0.3 50.8 9.5 
- Smaller Smaller ? 


The thermocouples were located in the exhaust 
plume at various elevations above the mouth of the 
converter, depending on the length of the flame. At 
about 5 to 10 ft above the tip of the flame, the bare 
thermocouple temperatures were between 600° and 
700°F. At about 10 to 15 ft above the tip of the flame, 
the bare thermocouple recorded between 400° and 
500°F, The maximum temperature recorded was 
1750°F when the end of the boom was directly in the 
tip of the flame for a short period during a steam 
blow. 

Because of the moderate temperatures above the 
flame, only slight alterations were made on con- 
ventional sampling equipment. A standard portable 
electrostatic precipitator was modified to operate 
remotely from the end of the 115-ft mobile railroad- 
crane boom. The instrument was held in the smoke 
approximately 15 to 20 ft above the tip of the flame 
for periods of 1 to 3 min. 

Table I shows the dust concentration and compo- 
sition of samples taken in the plume of a typical 
bottom-blown acid-Bessemer converter. 

Because a slight wind was blowing, it was neces- 
sary occasionally to move the crane boom to keep 
the probe in the plume. Thus, the sampling tube was 
in the center of the smoke stream most of the time 
and near the edge part of the time. For these rea- 
sons, the values in the tabulation showing the smoke 
concentration in pounds of dust per 1000 lb of gas 
and grains per cubic foot should be considered as 
approximate. 

Smoke loading during an air blow averaged about 
0.2 Ib of dust per 1000 lb of gas sampled, and during 
a steam-air blow it averaged approximately 0.08 lb 
of dust per 1000 lb of gas sampled. Some of the 
German literature’ reports approximately the same 
dust loadings. 

Because of the location of the railroad crane and 
the length of the boom it was difficult to locate the 
probe properly for a turnup sample. The only turnup 
sample obtained included dust from blowing the 
tuyeres on a new bottom before the regular turnup 
and, consequently, the dust loading reported in the 
table is probably high. 

The smoke composition as determined by an 
emission spectrograph was primarily iron oxide 
with small amounts of other constituents. The unex- 
pectedly high amounts of silicon and manganese in 
the smoke during the end-of-blow samples probably 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


came from the vessel lining and the slag, respective- 
ly, as a result of the higher temperature and slag 
fluidity during this time. Electron photomicrographs 
of all stages of the blow taken with glass slides 
mounted on the electrostatic precipitator tubes 
showed individual particles as small as 0.01 yw. Many 
of the particles had agglomerated or chained into 
larger units. 

Table II shows the approximate particle-size dis- 
tribution in the converter smoke for an air blow and 
a steam-air blow as sampled with a cascade im- 
pactor.“ The percentage weight of particles captured 
on each stage was determined by spectrophotometric 
analysis. The percentage of particles larger than 5 u 
captured on the first stage was omitted because the 
weight captured on the classifying stages was of the 
order of 25 to 100 wg, and one or two large particles 
on the first stage would erroneously affect the weight 
percentage of the succeeding stages. Because of the 
characteristics of a cascade impactor, most of the 
particles smaller than 0.15 u pass beyond the last 
stage. However, a reasonable estimate of this might 
be 1 to 5 pct by weight. The significant factor to be 
noted on this table is that about 50 pct or more of 
the particles in an air blow are below 0.3 in size 
as against only about 10 per cent for a steam-air 
blow. Because of this higher dust loading and the 
smaller particle size, the smoke from an air blow 
results in more pronounced light scattering than for 
a steam blow. Consequently, the smoke appears more 
dense from an air blow. 

From the analysis of the smoke samples and re- 
sults, the following conclusions may be drawn: 

1) Many of the particles are less than 0.1 in size 
with some as small as 0.01 

2) By X-ray diffraction analysis, the particle com- 
position is largely Fe3QOs,. 

3) By chemical analysis, smoke composition aver- 
ages about 90 pct FesO, with small amounts of other 
constituents. 

4) Dust loading is about 0.2 Ib of dust per 1000 lb 
of gas with an air blow and about 0.08 lb of dust per 
1000 lb of gas with steam-air blow. 

5) An air blow has a much higher percentage of 
extremely small particles than does a steam-air 
blow. 


REMOVAL OF SMOKE FROM CONVERTER 
EXHAUST GAS 


In the operation of a bottom-blown converter, large 
volumes of exhaust gases are discharged. In addition 
to the gas and smoke, small droplets of molten metal 
are ejected from the vessel which fall in the near 
vicinity of the converter or collect on any objects in 
their path. These accumulations frequently become 
large enough to fall off of their own weight. If a hood 
or collecting device were placed over the vessel 
mouth, the buildup and subsequent falling of the 
metallic lumps of considerable size would endanger 
the safety of the workmen and the equipment. Also, 
if the converter were housed in a building, the 
radiant and sensible heat released would add to the 
danger and discomfort of the workmen. The volume 
of gases, including the excess air aspirated in the 
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ducting system, might be of the order of 350,000 cfm 
at about 500° to 600°F for a 30-ton vessel using 
approximately 30,000 cfm of air in the blast. 

In addition to the large volume of gas tobe handled, 
the objectionable iron oxide particles are principally 
0.2 wand smaller, and cannot be separated by cyclone 
separators, baffle chambers, impingement separators, 
and mechanical centrifugal separators. Venturi-type 
water scrubbers could be used but the large amount 
of water (approximately 3000 per gpm) to cool and 
clean the gas and the high power requirements to 
obtain high water velocities for high efficiency make 
these impractical. In addition, the disposal of the 
water containing iron oxide would be a severe prob- 
lem. 

Agglomeration of particles by sonic forces was 
also given some consideration. No known successful 
installations of large-scale sonic agglomerators have 
been made, and little information is available on 
which to base a design. In general, gas velocities 
through sonic agglomerating chambers are from 4 to 
10 fps. In addition, dust concentration in the cham- 
bers should be of the order of 1 grain per cu ft. Ad- 
justment of the frequency of the sonic generator to 
give maximum collision between particles is difficult. 
A sonic precipitator to clean the large gas volume 
from a converter would be huge, and a considerable 
amount of experimental work would need to be done 
before its feasibility would be clear. 

The electrostatic precipitator is the only presently 
known type of equipment which could satisfactorily 
clean the gas. However, its huge size and high initial 
cost make it practically prohibitive. On the basis of 
$4.00 per cfm and 350,000 cfm, a single unit would 
cost approximately $1,400,000. Because of the inter- 
mittent operation of a converter, the possibility of 
arranging one precipitator to service two converters 
was considered. However, because of the compara- 
tively short pouring and recharging time, two vessels 
operate simultaneously most of the time and each 
would therefore require its own cleaning system. 

With a hood or stack over the converter during the 
blowing operation, the smoke during turnup and turn- 
down would still be discharged to the atmosphere. 

Because of the problems involved in collecting the 
smoke, simpler and less expensive means for pro- 
ducing a clean stack discharge are being investigated. 


DESIGN AND OPERATION OF THE LABORATORY 
CONVERTER 


In an effort to determine the mechanism of smoke 
formation so that a practical and economical means 
for the elimination of smoke from a Bessemer con- 
verter could be found, a small converter, which 
closely simulated the operation of a full-scale vessel, 
was constructed at Battelle. 

Fig. 1 shows a cross section of the laboratory con- 
verter. Table III shows the design considerations and 
operating parameters of the laboratory vessel com- 
pared with a commercial converter. Auxiliary heat 
was supplied to the metal in the converter to compen- 
sate for the relatively high cooling effect resulting 
from its small size. This heat was furnished by 
means of a high-frequency induction coil and motor 
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~—Insulation 


___—-Stainless-steel shell 


__-Typical nose hold-down bracket 


Ganister fire clay 


Frome 2x 2x |/4-in. stainless- 
steel angle (nonmagnetic) 


Transite protection 
cover 


Water-cooled induction 
\ coil, 18 turns 


—— Water and power 
connectors to coil 


=| 
3 
3 
| 
2 | 
\ 


Removable bottom 


\ ganister fire clay ram 


brick 


plates 


Trunnion stand 
Baffle plate \ 

Wind box 


Fig. 1—Cross section of the laboratory converter. 


generator set. The supporting frame was made of 
stainless steel. At several places, electrical conti- 
nuity of the frame was broken to avoid heating when 
power was applied to the coils. 

The furnace lining, 2 3/4 in. thick, was rammed 
with a ganister refractory. The nose section was 
rammed with a 3-in. thick lining. The ramming mix 
consisted of 45 parts 1/4-in. silica grits, 30 parts 
No. 1 steel sand (56.8 mesh), 15 parts silica flour, 
and 10 parts 20-mesh fire clay. This was moistened 
with approximately 8 to 10 pct water. 

The bottom, containing the tuyéres, was also made 
of the ganister ram mix and was formed in the shape 
of a tapered plug to facilitate its replacement. It was 
11 in. thick and had a 12 1/2 in. diam at the top and 
14 in, diam at the bottom. The tuyeéres were lined 


with 3/16-in.-OD (0.1275-in.ID) copper tubing. Norm- 


ally, a new bottom was installed after each series of 
6 or 7 tests. Life of the vessel lining averaged be- 
tween 12 and 16 heats. The lining was replaced only 
when necessary. 

Turnup and turndown of the converter was accom- 
plished by an electrically driven gear reducer and 


chain drive. The unit revolved at the rate of approxi- 


mately 2 rpm. Air and steam for blowing were sup- 
plied from the building systems and were measured 
by standard ASME sharp-edged orifices connected to 


differential manometers. Other gases, suchas oxygen, 


hydrogen, helium, methane, ammonia, and carbon 

dioxide, obtained from standard compressed-gas 

cylinders, were measured by calibrated flowrators. 
Twelve-hundred pounds of Chateaugue pig iron was 


melted in two 600-lb melting furnaces. Carbon, ferro- 


Silicon, and ferromanganese were added to make up 
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Table Ill. Design Considerations and Operating Parameters of Laboratory Bessemer Converter 


Typical 
Commercial Original Modification 
Vessel Model No. 1 Modification No. 2 Remarks 
Diam. Inside Bottom 10 ft 12% in. 12% in. 12% in. 
Inside Height 15 ft (assumed) 42 in. 54 in. 54 in. 
Air Flow, cfm (STP) 30,000 225 225 120 
Wind Box Pressure, psi 20 to 30 6 to 8 10 to 11 20 to 30 
Metal Charge 30 ton . 450 lb 450 Ib 300 Ib 
Ratio, lb metal to cfm air . 2.0 2.0 2.0 2.5 
No. Tuyéres 189 1 13 20 
Diam. Tuyére, in. % 0.730 % 0.1275 0.730 inch measured 
in std seven-hole 

Area of Single Tuyére, in.? 0.307 0.419 0.0491 0.0128 elie? 
Total Tuyére Area, ft? 0.403 0.00285 0.00443 0.00178 
Area Bottom, ft? 78.54 0.85 0.85 0.85 
Ratio of Tuyere Area to Bottom Area 0.00513 0.00336 0.00522 0.0021 
Ratio of Single Tuyere Hole Area 2.7L OS 3.42 x 107° 4.01 x 10~* 1.05 x 10+ To get ratio of 2.71 x 

to Bottom Area 107° on model would 

require '/,-in. diam. 
Pound Metal per Sq Ft Tuyére Area 149,000 158,000 102,000 168,000 ee 
Metal Depth, in. 19 13.3 13.3 8.9 
Static Pressure on Tuyére, psi 5.3 3.68 3.68 2.45 
Gas Temp at Tuyére Exit, °F 160 80 80 80 
Gas Velocity at Tuyére Exit, fps 1050 1050 680 960 
30,000 (460 + 160) 
60 (460 + 80) 
14.7 1 
(14,74 5.3). 0.4032 

Body Diam. Above Metal Bath in Nose _12 ft (approx.) 12% in. 12% in. 14 in. 
Area Body, ft? LIS st. 0.85 0.85 1.07 
Temp Gas in Body Above Bath, ° F 2800 2800 2800 2800 
Gas_Volume Through Body (Assume 217,000 1630 1630 870 

66 pct N, and 34 pct CO), cfm 
Gas Velocity in Body, fps 32 32 32 13.6 
Nose Diam. * 6 ft (approx.) 6 in. 6 in. 6 in. 
Nose Area, ft? 28.27 0.197 ~ 0.197 0.197 
Gas Velocity Out Nose, fps 128 138 138 74 
Static Pressure at 50 pct of Metal 2.6 1.84 1.84 1522 

Depth, psi 
Gas Temp in Metal, °F (assumed) 2800 2800 2800 2800 

(Assume 66 pct N, —34 pet CO Gas) 
Minimum Gas Velocity in Metal, fps 32 32 32 13.6 
Maximum Gas Retention Time in Bath, 0.049 0.034 0.034 0.055 


sec 


a composition containing approximately 4.0 pct C, 1.5 


to 1.7 pet Si, and 0.5 to 0.7 pct Mn. The converter was 


preheated by burning coke inside the unit. 
Usually, seven consecutive heats were made, each 
using approximately 300 lb of metal. The first heat 


was considered a preheat blow and was blown with air 
enriched to 25 pct O,. This was followed by six experi- 


mental blows, three of which were made using fresh 
metal and three alternate heats were made by recar- 
burizing the previous heat. Recarburizing was ac- 
complished by adding the proper amounts of graphite, 
ferrosilicon, and ferromanganese. 

Fig. 2 shows the data defining the prinicpal oper- 
ating characteristics of a typical heat when blowing 
with air only. The methods of measurement and 
significance of the data are discussed in the following 
sections. 

Metal-Temperature Measurements—Smoke from 
a steel process is usually associated with high metal 
temperatures. In the Bessemer-converter process, 
smoke increases during the blowing cycle, as does 
the temperature of the metal. 
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To evaluate the relationship of metal-bath temper- 
ature to the amount of smoke discharged from a 
Bessemer converter, several attempts were made 
to measure metal-bath temperature throughout the 
blow. In one test, a platinum vs platinum-10 pct Rh 
thermocouple in a ceramic protection tube was in- 
serted through the bottom of the vessel. After 2 to 
5 min of operation, the protection tube disintegrated. 
A slight port was tried through the side of the vessel 
24 in. above the bath, coupled with a mirror through 
which optical pyrometer readings could be taken. 
However, even though the sight port was continuously 
purged with nitrogen, slag soon covered the hole 
inside, making readings impossible. 

A further attempt was made by mounting a 5-ft 
length of 2-in. diam pipe in a guide above the con- 
verter so that it could be lowered 12 in. into the con- 
verter mouth. The pipe, purged with nitrogen, pro- 
vided a clear sight path into the vessel through which 
optical pyrometer readings could be made by an 
operator standing on the half-deck above the vessel. 
By means of a similar arrangement, a Rayotube 
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reading was simultaneously taken. Fig. 2 includes 
metal-temperature measurements of a heat when 
blowing with air. Because of experimental difficul- 
ties accurate and consistent temperature data were 
extremely difficult to obtain; hence, a correlation 
between smoke emission and metal temperature 
could not be made. During charging and tapping, 
optical pyrometer temperature measurements were 
taken of the metal being poured. During the recar- 
burizing procedure, metal temperatures were not 
taken because of smoke inside the vessel. 

Exhaust-Gas Dust Loading—Dust samples from the 
laboratory converter were collected in the stack 
above the vessel. These were taken to determine the 
change in quantity of smoke emitted when changes in 
blowing technique were made. Exhaust gases dis- 
charged directly into a hood and an existing stack 
over the vessel. A short distance above the hood, the 
gases were directed into a 12-in.-sq horizontal duct 
which guided them into a 3000-cfm exhaust fan. Smoke 

*samples were collected on a Fiberglas filter mounted 
in a holder which was inserted in the gas stream. Dust 
loading in the effluent gas of the laboratory converter 
was not consistent from one blow to another, even 
though blowing conditions apparently were similar. 
This was probably caused by the continous changes 
which take place during the blowing cycle. 

Table IV shows the average dust loading in the con- 
verter exhaust gas when blowing with air. Averages 
were obtained from the eight tests which were blown 
when using the tuyere block containing seven 3/16-in. 
diam holes and the tuyére block containing twenty 


Table IV. Average Dust Loading in Converter Exhaust 
when Blowing with Air 


Approximate Time 
During Blowing 
Cycle, Minutes 


Dust Loading per 1000 Lb 
of Exhaust Gas, Lb 


1/8-in. diam holes. These values were based on the 
exhaust gas as it left the converter mouth, a cor- 
rection having been made for dilution. Exhaust gas 

is the total quantity of gas leaving the converter 
mouth plus the air required to burn the CO to COz. 
The minimum values shown in the table were all from 
one heat. The reason for the comparatively low dust 
loading during this blow was not apparent. 

Table V shows the average dust loading in the con- 
verter exhaust gas during various parts of the blow 
when blowing with air enriched to 22 to 24 pct O3. The 
dust loadings when blowing with air in the laboratory 
converter were comparable to those’ collected above 
the nose of the commercial vessel. 

Smoke Composition—To compare the discharge 
products of the small laboratory converter with those 
of a commercial vessel, a number of smoke samples 
were analyzed by chemical methods and by the em- 
ission spectrograph. Table VI shows the approximate 
compositions of smoke from a commercial vessel as 
compared with that from the laboratory unit. In both 
cases, the minor constituents, which composed less 
than 1 pct of the total, were omitted from the table. 

The reason for the low content of iron and high 
content of silicon and manganese in the smoke of the 
laboratory vessel has not been established. Normally, 
however, the first elements to oxidize from the pig 
iron are silicon and manganese and, early inthe blow, 
the slag formed is high in manganese silicate. It 
seems probable that the high manganese and silicon 
content of the smoke is due to atomized particles of 
slag or slag spray. These are large enough to settle 
out quickly as the effluent gases lose velocity but will 
be carried a relatively greater distance in a duct 


Table V. Average Dust Loading in Converter Exhaust Gas when 
Blowing with Air Enriched to 22 to 24 per cent Oxygen 


Approximate Time Dust Loading per 1000 Lb 


after Turnup Average Minimum Maximum During Blowing Cycle, of Exhaust Gas, Lb 
0.55 0.08 Minutes after Turnup Average Minimum 
3 to 6 0.40 0.08 0.83 i to 3 0.98 0.45 1.80 
6 to 9 0.52 0.04 1.54 eG gus aes 2.19 
9 to 12 0.57 0.06 1.97 vee 
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Table VI. Approximate Composition of Smoke from a Commercial 
Vessel as Compared with that from the Laboratory Vessel 


Beginning of Blow, Middle of Blow, End of Blow, 
3 to 6 Min 6 to 9 Min 9 Min to 
after Turnup after Turnup Turndown 


Fe,0,, SiO,, MnO,, Fe,O,, SiO,, MnO,, Fe,O , Si0,, MnO. 
Vessel Pct Pct Pct Pct Pct” Pct Pct 


Commercial % 3 1 94 4 2 90 7 3 
Laboratory 70 20 10 60 25 15 50 30 20 


exhaust, as in the laboratory vessel, than when the 
gases are discharged into the open. 

In samples from both the commercial vessel and 
the laboratory vessel a trend indicated that, as the 
blow progressed, the iron oxides decreased and sili- 
con and manganese oxides increased. The only ap- 
parent reason for this was the increased ejection of 
minute particles of slag due to the increased fluidity 
of the slag as the temperature increased toward the 
end of the blow. Because an insufficient amount of 
data was available, conclusions on changes in smoke 
composition due to blast-gas changes have not been 
made. 

Particle Size of Smnoke—To determine the differ- 
~ ence in particle size of the smoke when blast-gas 
conditions were changed, samples were collected 
from the exhaust-gas steam for examination under 
the electron microscope. An electrostatic precipi- 
tator with a microscopic slide mounted on the col- 
lection tube was used for obtaining the sample. Fig. 3 
shows an electron photomicrograph of particles col- 
lected while blowing with air enriched to 23 pct Oz. 

Smoke Intensity—A photoelectric smoke meter was 
used to measure the changes in smoke density. With 
this instrument, the effect on smoke of additions to 
the blast gas or into the nose was immediately evi- 
dent. To provide a permanent sample of the smoke 
and to augment the photoelectric smoke record, an 
AISI smoke meter was also used for smoke density 
analysis. In general, the AISI smoke-meter density 
curves compared fairly well with those of the photo-- 
electric smoke meter. 

Fig. 2 includes the relation of both photoelectric 
smoke-density and AISI smoke-density results to 
time of blow for a typical heat. In all tests, a sharp 
increase in smoke intensity was recorded near the 
end of the carbon blow. In the afterblow, smoke 
continued to be dense. In most tests, when additives 
were introduced to the blast-gas steam, the heats 
were slightly overblown to note more effectively the 
changes produced in the smoke. These changes were 
especially pronounced when hydrogen or steam was 
added to the blast gas. 

A number of heats indicated moderately heavy 
smoke at the beginning of the blow when silicon and 
manganese were being oxidized. This condition was 
unusual, and its cause was not clearly evident. 

Gas Samples—Samples of the gas inside the con- 
verter were collected and analyzed not only to de- 
termine the relationship of gas composition to the 
blowing cycle but also to obtain information which 
would be helpful in the analytical approach to smoke 
formation. 

The sampling apparatus consisted of a standard 
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Fig. 3—Electron photomicrograph of particles collected 
while blowing with air enriched to 23 pct Oy. 


1/8-in. steel-pipe sampling probe and glass bottle 
connected through a petcock and vacuum-hose ar- 
rangement. One end of the steel probe was closed 
with a thin zinc sheet soldered to the end. The entire 
assembly was evacuated to between 20 and 25 u of 
pressure. The sample was collected by inserting the 
zinc-covered end of the sampling probe into the 
vessel and allowing it to melt. The samples were 
analyzed in an Orsat gas analyzer. A number of 
samples were also analyzed in the mass spectro- 
meter. Both methods showed good agreement. 

Fig. 2 also includes curves showing CO and COz 
content in the exhaust gas inside the converter during 
a heat blown with air only. During a typical silicon 
blow, the CO averaged approximately 3 pct and the 
CO, averaged approximately 15 pct. During the car- 
bon boil, the CO rose to about 28 pct and the COz de- 
creased to approximately 3 1/2 pct. All the CO oxi- 
dized to CO, when it left the converter and came into 
contact with the atmosphere. From gas samples 
taken during the carbon blow, the material balance 
of oxygen was usually satisfied. During other parts 
of the blow when slag was being formed, the oxygen 
material balance was not satisfied. 

Flame Intensity—In the operation of a Bessemer 
converter, the end of the blow is accompanied by a 
sharp drop in the length and intensity of flame leav- 
ing the vessel, at which time the vessel is normally 
turned down. To facilitate the operation of the labo- 
ratory converter, a flame-intensity recorder was 
utilized. It consisted, essentially, of a photoelectric 
cell focused on the flame a short distance above the 
converter nose. A recording potentiometer measured 
the output of the cell. 

Fig. 2 shows a typical flame-intensity curve when 
blowing with air. During the beginning of the blow 
when silicon was being oxidized, the flame intensity 
was usually low. As the carbon blow began, the flame 
intensity gradually increased. When the carbon was 
practically all oxidized, the flame dropped rapidly, 
indicating the end of the blow. 

Composition of Smoke Inside the Converter—Infor- 
mation on the state of smoke particles as they leave 
the converter and before they are oxidized is impor- 
tant in the analysis of smoke formation. This knowl- 
edge should enable a better understanding of its gener- 
ation and, possibly, its subsequent suppression or 
agglomeration. 
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To obtain this information, smoke samples were 
taken from inside the converter through a water- 
cooled stainless steel probe. The probe was inserted 
approximately 12 in. into the nose of the vessel. The 
particles were collected on a Fiberglas filter which 
was mounted in a gas-tight filter holder. Prior to 
collecting the sample, the filter holder and sampling 
probe were purged with argon to remove oxygen. To 
prevent oxidation of the particles after collection, 
the samples were retained in a nitrogen-atmosphere 
dry box. 

Table VII shows the analysis of samples taken from 
inside the converter during three different heats. 
Analyses for Fe, Fe**, and Fe*** were made by wet 
chemieal techniques, and iron was determined either 
colorimetrically or volumetrically. Analyses for 
silicon, manganese, and other constituents were 
made by the emission spectrograph. The possibility 
exists that some of the Fe** obtained by chemical 
analysis was dissolved from minute particles of 
2FeO-SiOz which might have been collected on the 
filter. These data indicate that a large percentage of 
particles are FeO, with minor parts Fe and Fe2Os. 

As the filter holder in the dry box was being dis- 
mantled, small pieces of metal in the form of needles 
and balls were found. On examination after polishing 
and etching, the presence of carbon in the grain 
boundaries indicated that these were not pure iron 
crystals as had first been thought. The particles 
might have been metallic ejections from the metal 
bath which found their way through the sampling 
probe. They were not included in the analysis of the 
dust on the filter. 

Spectroscopic Analysis of Flame—In an effort to 
obtain information on the change in the flame and in 
the gases emanating from the mouth of the vessel 
when additives were introduced into the blast gas or 
into the nose, visual observations of the flame were 
made with a portable spectroscope. During the early 
part of the blow when silicon and manganese were 
being oxidized, the spectrum appeared to be continu- 
ous, thus indicating the presence of incandescent 
particles. During the carbon blow, the spectrum 
appeared discontinuous, indicating the presence of 
ionized gases with only a few incandescent particles. 
Near the end of the blow at the time of flame drop, 
the incandescent particles reappeared and the ionized 
gas flame diminished. Overblowing continued to pro- 
duce a flame containing incandescent particles. 

The addition of hydrogen to the blast gas during a 
time when the flame consisted of incandescent parti- 
cles caused an ionized flame to appear and caused 
an apparent reduction in the number of incandescent 
particles. With the addition of hydrogen into the nose 
of the vessel, no change was noted in the continuous 
spectrum, indicating that the incandescent particles 
continued to be present. Helium added to the gas 
blast had no apparent effect on the character of the 
flame. When methane was injected into the nose of 
the vessel, the ejection of incandescent particles con- 
tinued. 

Metal Samples—To determine whether the metal 
was completely blown, metal samples were taken 
from each heat. Nearly all heats were completely 
blown, with final metal composition averaging be- 
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Table Vil. Analysis of Samples Taken from Inside the Converter 
During a Heat in which Hydrogen was Added to the Blast Gas, 
Helium was Added to the Blast Gas, and During a Typical Heat 

of Air Enriched to 23 Pct 05 


H,-23 Pct 0, He-23 Pct O, Air—23 Pct O, 

Time of Blow After 

Turnup, Minutes 4to 8 5 to 7 
Analysis, Pct 

Fe (Fe) 27 4.1 9.1 

FeO (Fet*) 18.0 1557 28.3 

Fe,0, (Fe**+) 1.6 2.9 3.5 

SiO. 

MnO, } 77.7 77.3 59.1 

Other 


tween 0.01 to 0.08 pct C, 0.01 to 0.09 pct Si, and 
0.002 to 0.08 pct Mn. 

Metal analysis from a few heats showed high car- 
bon, silicon, and manganese content, thus indicating 
that they had not been completely blown. In these 
heats, the silicon content was higher than either the 
carbon or the manganese content. In commercial 
practice, when hot metal high in silicon and at very 
high temperatures is blown, the carbon may burn out 
before the silicon and manganese. If the vessel is 
turned down prematurely, it may be possible to obtain 
high-silicon steel. In these heats, the flame drop was 
not distinct. Consequently, the point of turndown was 
difficult to determine. 

Hydrogen and Helium Addition to the Blast Gas—In 
commercial practice steam is frequently added to 
the blast gas to reduce the metal temperature in the 
vessel. COz is added to the blast gas in certain types 
of Bessemer converters to produce low-nitrogen 
steels. Both of these gases react with iron and car- 
bon and cool the bath because the reactions are 
highly endothermic. When steam is added in sufficient 
quantity, smoke from the vessel is suppressed. How- 
ever, when COz is added to the blast gas, a similar 
reduction in smoke does not occur. Thus, it was 
reasoned that hydrogen might have some effect on 
smoke formation. 

To investigate this effect, hydrogen was injected 
into the twenty 1/8-in. tuyére holes through 3/64-in- 
diam hypodermic tubes which extended 2 in. into the 
tuyeres. This method of hydrogen addition to the 
blast was used for safety reasons. 

Fig. 4 shows the effect of hydrogen on smoke 
emission. A decided decrease in smoke was record- 
ed on the photoelectric smoke meter when approxi- 
mately 25 cfm of H, was added to the blast gas con- 
sisting of 120 cfm of air enriched to 23 pct Oz. This 
phenomenon occurred in every test in which hydrogen 
was used. The hydrogen was usually added near the 
end of the blow when the smoke discharge was moder- 
ately heavy. Fig. 4 also shows the effect of hydrogen 
on some of the other variables usually measured 
during a blow. 


To determine whether hydrogen suppressed smoke 
simply by diluting the blast gas, duplicate tests were 
made with hydrogen and with helium. In these tests, 
the air for the blast was reduced in order to reduce 
the nitrogen content of the blast gas by the equivalent 
volume of hydrogen or helium which was to be added. 
Additional oxygen was supplied to make up a net 


blast gas of 123 cfm enriched to 23 pct O2. With hydro- 
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gen as part of the blast gas, smoke during the carbon 
boil was not pronounced until the hydrogen was 
stopped. With helium as part of the blast gas, smoke 
was not suppressed. During one heat, the helium and 
the hydrogen were alternately introduced several 
times near the end of the blow. As before, smoke 
discharged during the hydrogen addition was much 
less than when the helium was added. 

An experiment was made with blowing conditions 
similar to those described above except that the blast 
gas was enriched to 28 pct, thereby adding 10 cfm of 
O, to the blast gas. This was done on the assumption 
that if the 20 cfm of H, combined with oxygen the net 
blast gas would be 123 cfm enriched to 23 pct Oz. 
With the hydrogen on, smoke toward the end of the 
blow increased. This indicated that, with a larger 
amount of oxygen in the blast gas, more hydrogen 
might be necessary to suppress the smoke. 

From the analysis of the exhaust-gas samples 
taken from inside the converter mouth, the material 
balance of hydrogen in the exhaust gas satisfied the 
material balance of the blast gas. That is, the amount 
of He in the exhaust gas was the same as that added 
to the blast. Whether Hz entered into reactions in the 
tuyéres or in the bath is not known. Thermodynamic- 
ally, it would make no difference if it did react to 
form H2O and then decompose. 


Table VIII. Approximate Exhaust-Gas Dust Loading from the Labora- , 
tory Converter when Blowing with Approximately 123 Cfm of Blast Gas 


Dust per 1000 Lb of 


Blowing-Gas Conditions Exhaust Gas, Lb 


Air + 20 cfm of H, enriched to 23 pct O, 0.43 
Air + 20 cfm of He enriched to 23 pct O, 0.62 
Air enriched to 23 pct O, pee 


Air + 20 cfm of H,* enriched to 28 pct O, 


®Total blast gas was approximately 135 cfm. 
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6 
Time, minutes 


As would be expected, the material balance of 
helium in the exhaust gas and in the blast gas was . 
also satisfied. The additions of hydrogen and of heli- 
um to the blast gas were made during the carbon 
blow and, consequently, the oxygen material balance 
was also satisfied. Although the flame visually ap- 
peared long and more yellow with hydrogen in the 
blast than with an air or an oxygen-enriched air blast, 
the flame intensity (total radiation), as recorded in 
the flame-intensity recorder, decreased. 

Smoke samples collected on the filters in the stack 
above the converter indicated that during addition of 
hydrogen to the blast gas, dust loading of the effluent 
gases was somewhat lower than when helium was 
used as part of the blast or when air enriched to 23 
pct O, was blown through the metal. 

Table VIII shows the approximate exhaust-gas dust 
loading from the laboratory converter when blowing 

with 123 cfm of blast gas. Because of the short 
blowing period of the laboratory converter, only a 
few smoke samples could be taken and, consequently, 
firm conclusions should not be drawn from these 
results. 

Steam Addition to the Blast Gas—To investigate 
the effect of steam on smoke suppression in the labo- 
ratory converter, several tests were made in which 
steam was introduced into the blast-gas stream. In 
commercial practice, to cool a melt which is exces- 
sively hot, approximately 233 lb per min of steam is 
introduced into a blast-gas stream of approximately 
25,000 cfm. This amounts to 0.93 lb of steam per 100 
cu ft of blowing gas. In field tests conducted ona 
commercial vessel, smoke was suppressed by intro- 
ducing 81 lb per min of steam into a blast air stream 
of approximately 25,000 cfm. This amounts to 0.33 
Ib of steam per 100 cubic feet of blast air. 

In an initial attempt to suppress smoke on the labo- 
ratory converter, 0.14 lb of steam per 100 cu ft of 
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blast was introduced into a blast air stream of 120 
cfm which was enriched to 22 pct O2. The heat was 
purposely overblown to emphasize the effect on 
smoke suppression when steam was used. At the end 
of the carbon blow, smoke increased slightly. During 
the afterblow, the steam was turned off and a marked 
increase in smoke resulted. During the afterblow, 
while the steam was on, dust loading of exhaust gas 
amounted to an average of approximately 1.11 lb of 
dust per 1000 lb of exhaust gas. 

In a later test, the addition of 1.05 lb of steam per 
min to 94 cfm of blast air enriched to 24 pct O, sup- 
pressed the smoke during the carbon blow. When the 
steam was turned off, the smoke intensity immedi- 
ately increased. This was shown not only on the 
photoelectric smoke meter but also on the AISI 
smoke meter. 

Effect of Adding other Hydrogen-Containing Gases 
to the Blast Gas—Because of the cost of hydrogen, 
the effects of two other less costly hydrogenous 
gases were determined: methane and ammonia. In 
both cases they were added in amounts sufficient to 
give the same rate of hydrogen as with molecular 
hydrogen. The smoke reduction obtained with either 
of these gases in the blast gas was nearly as com- 
plete as with hydrogen. The results obtained with 
these additives are, of course, quite promising. Ad- 
ditional research both on the laboratory converter 
and on a bench-scale converter is planned to deter- 
mine the mechanism of smoke abatement at the 
source. 

Adding Hydrogen, Methane, and Steam Into the 
Nose of the Converter—Hydrogen, methane, and steam 
were separately added into the nose of the vessel for 
two reasons: 1) to determine their effect on smoke 
reduction and 2) to determine whether the hydrogen 
added into the blast gas affected the formation of 
smoke in the metal, in the gas above the metal, or in 
the emergent flame. The gases were injected through 
an 18-in.-long ceramic-coated lance during the latter 
part of the blow when the smoke was comparatively 
dense. 

When hydrogen in the amount of from 22 to 28 cfm 
was added into the nose of the vessel, no noticeable 
decrease in smoke was visually observed or was 
recorded on the photoelectric smoke meter. During 
the addition, the vessel was blown with 112 cfm of 
air enriched to 24 pct. The flame intensity as record- 
ed on the flame meter increased approximately two- 
fold because of the hydrogen burning. Spectrographic 
observation indicated no change from the continuous 
spectrum which had been observed before the hydro- 
gen was added. 

When 14.3 cfm of methane was added under blast 
conditions of 125 cfm of air enriched to 22.8 pct O2, 
no noticeable change in smoke was visually observed 
nor was shown on the photoelectric smoke recorder. 
The flame intensity increased greatly when the meth- 
ane was added. Spectrographic observation of the 
flame showed a continuous spectrum, indicating a 
continued ejection of incandescent particles. 

In a further attempt to eliminate smoke from the 
converter, steam in the amount of 1.05 lb per min 
was added into the nose of the vessel through a 36-in. 
long lance. This amount was approximately propor- 
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tional to adding about 11,000 lb per hr to a 30-ton 
commercial vessel blown with approximately 25,000 
cfm of air. A small decrease in smoke was recorded 
on the photoelectric smoke meter. Little visible 
change was noted in smoke density at the discharge 
end of the stack. The presence of hydrogen in the 
exhaust-gas sample indicated that some of the steam 
reacted with the melt. f 

Sodium-Chloride Addition—Dautrebande, al., 
stated that sodium-chloride solutions promote ag- 
glomeration of submicron particles. Given enough 
residence time, the particles might become large 
enough to be practically invisible or to drop out more 
readily. 

In an attempt to increase the size of the smoke 
particles by providing nuclei on which to grow and 
agglomerate, 1 lb of NaCl in the form of rock salt 
was dropped into the nose of the vessel duringa blow. 
Smoke volume and intensity increased many fold, and 
dust collected at the stack sampling station was be- 
tween five and ten times as much as that normally 
captured from a heat blown under normal conditions. 

Microstructure and Phase Composition of Smoke 
Particles—To determine the genetic history of smoke 


particles and thus the ultimate prevention of their 


formation or agglomeration, a cursory examination 
of three smoke samples was made by the petrograph- 
ic-microscope technique. Because of the limit of 
resolution of the light microscope, particles exam- 
ined in this study were necessarily larger than 0.5 u. 
Although many of the smoke particles from a Besse-- 
mer converter are smaller than 0.5 yu, it was be- 
lieved that an examination of the larger particles 
might reveal clues to their formation history. 

The particles were removed from the Fiberglas 
filters in an ethyl alcohol solution which was decanted 
and dried after they had settled. These were mounted 
by a resin-insert method and polished. 

On the basis of the results of the microscopic 
study, the following conclusions regarding the devel- 
opmental history of the smoke particles were drawn: 

1) The principal phase in the smoke samples was 
magnetite which occurred chiefly in the form of solid 
spheres and hollow spherical shells. 

2) Part, if not all, of the magnetite which constitu- 
ted the solid spheres and the spherical shells crys- 
tallized directly from a molten condition, as shown 
by its occurrence in the larger spheres as irregular 
grains and dendrites of magnetite in an intergranular 
and interdendritic net-work of nonopaque material. 
This nonopaque matrix might be siliceous glass or 
possibly also fayalite (2FeO-SiOz2), but its identity 
can be established only by transmitted-light methods 
which were beyond the scope of this study. 

3) Many of the magnetite spheres and spherical 
shells showed incipient to highly advanced oxidation 
to alpha hematite. All of the samples contained some 
relatively large irregular particles of magnetite, 
many of which showed incipient to advanced oxidation 
to alpha hematite. 

Turnup and Turndown—The principal effort to date 
has been concentrated on the reduction or elimination 
of smoke from the Bessemer converter while in the 
upright position. When a reasonable solution has 
been found to this portion of the problem, efforts will 
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be directed toward the elimination of smoke on the 
turnup and turndown. 


CONC LUSION 


Although the additions of hydrogen and methane to 
the blast gas have been most dramatic in reducing 
the amount of smoke discharged from the laboratory 
converter, their use in commercial practice would 
be hazardous because of the possibilities of explosion. 
Because of the toxicity and cost of ammonia, its 
addition to the blast gas as a smoke suppressant is 
also prohibitive. 

The research is continuing not only on the labora- 
tory vessel which has been described, but also on a 
small bench scale converter in which the mechanism 
of smoke formation is being studied. 
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The Growth Rate of Bainite 


The growth rate of bainite has been determined by hot-stage 
metallography in five hypereutectoid high-purity iron-carbon, 
irvon-carbon-chromium, and iron-carbon-nickel alloys. The 
studies have been confined essentially to lower bainite. The 
growth rate is independent of time at constant temperature, but 
both the edgewise and sidewise growth vates increase with in- 
creasing temperature. Increasing the carbon content, or adding 
chromium or nickel, decreases the growth rate without greatly 
affecting the temperature dependence. The results lead to sepa- G.R. Spe ich 
rate diffusion-controlled models for the edgewise and sidewise 


growth rates. 


ALTHouGH bainite has been subject of many de- 
tailed investigations,” the growth mechanism of 
this intermediate transformation product of steel 
remains unclear. One difficulty has been that prac- 
tically all the kinetic measurements have been re- 
stricted to studies of the overall reaction rate. 
Only a limited amount of information” *° is avail- 
able on the growth process itself. 

The purpose of the present work was to investi- 
gate the effect of time, temperature and composi- 
tion on the growth rate of bainite using hot-stage 
metallography. This method makes it possible to 
observe continuously the isothermal growth of in- 
dividual bainitic units because of the surface up- 
heavals accompanying their formation.*® This in- 
formation is needed to test the existing growth 
models and to obtain a better understanding of the 
factors controlling the bainitic transformation. 


EXPERIMENTAL PROCEDURE 


Alloys—The compositions of the alloys used in the 
present work are shown in Table I. The five alloys 
were vacuum-melted and cast, and were prepared 
from high-purity materials. 

The three iron-carbon alloys were available from 
the work of Roberts e¢ al." in the form of 3/8-in. 
diam rods.* To facilitate machining, the rods were 


*The preparation of these samples is given in Ref. 7. 


annealed for 4 hr at 790°C in evacuated vycor cap- 
sules and air cooled. The iron-carbon-chromium 
and iron-carbon-nickel alloys were prepared as 
2-lb ingots by the National Research Corp. These 
ingots were forged at 1100°C to 5/8-in. diam rods 
and subsequently homogenized for 20 hr at 1100°C 
in evacuated vycor capsules, followed by air cool- 
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ing. The rods were then tempered for 3 hr at 650°C 
to allow machining. 

The iron-carbon alloys in Table I were selected 
for investigating the effect of carbon on the bainitic 
growth rate. Due to the rapidity of the transforma- 
tions involved, it was not feasible to measure the 
growth rates in iron-carbon alloys having carbon 
contents much less than:0.9 pct C. The iron-carbon- 
chromium and iron-carbon-nickel alloys were sel- 
ected to study the influence of chromium and nickel 
on the growth rate at a carbon level of about 1.1 pct 
C, since this carbon content was intermediate among 
the iron-carbon alloys. The concentrations of chrom- 
ium and nickel were chosen to match isothermal trans- 
formation diagrams in the literature.”’”® 

Hot-Stage—Since the iron-carbon alloys had such 
low hardenabilities, it was necessary to quench the 
hot-stage specimens drastically from the austentiz- 
ing temperature to the isothermal transformation 
temperature to prevent the formation of pearlite or 
proeutectoid constituents. A rapid-quenching metal- 
lographic hot-stage was built for this purpose. A 
maximum temperature of about 1100°C and quenching 
rates up to 500°C per sec could be attained with this 
equipment. The details of the apparatus are describ- 
ed in a recent publication.’ 

After being polished and mounted on the hot-stage, 
the specimen (0.020 in. thick) was protected from 
oxidation and decarburization during austenitizing 
by a vacuum of 10°* to 10°° mm. The quench to the 
reaction temperature was accomplished with a helium 
blast, and the isothermal run at this temperature was 
conducted in a helium atmosphere. A fine-wire ther- 
mocouple spot-welded to the sample and a high-speed 


Table I. Alloy Composition’ 


Alloy 

No. Pct C Pet Cr Pct Ni Pct Si Pct Mn 
126 0.96 * * * t 
127 1.16 * t 
128 1.43 * * * T 
1.14 t 0.005 0.02 
127N 15412, af 5.28 0.006 0.01 


*Less than 0.001 pct. 
tLess than 0.01 pct. 
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Fig. 1—Hot-stage micrographs showing the formation of bainite at 265°C ina 1.12 pct C, 5.28 pct Ni, iron-carbon-nickel 
alloy. X750. Reduced approximately 18 pct for reproduction. 


millivolt recorder allowed the temperature to be fol- 
lowed continuously during the quench and made it 
possible to stop the cooling at the predetermined 
transformation temperature. A bench microscope 
with a long-working-distance reflecting objective 
and a 35-mm camera were used to obtain photomic- 
rographs of the surface at frequent intervals. 

In some of the later work, a Unitron hot-stage, 
modified for rapid quenching and for heating the 
sample by its own resistance, ? was adopted. 

Measurement of Growth Rates— The specimens 
were austenitized for 30 min at 1060°C on the hot- 


il 


stage and quenched to various reaction temperatures. 


The lengths of the bainitic plates were measured di- 
rectly on photomicrographs taken of the surface dur- 
ing isothermal transformation. The plate length was 
divided by two if the ends were observed to advance 
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in opposite directions, but was not divided by two 

if the plate was found to grow with only one advanc- 
ing end, as from a grain boundary. In the following 
considerations, both the half-lengths in the first 

case and the full-lengths in the second case are 
designated as 1, the effective length. The correspond- 
ing growth rate is 7. The plots of / vs time were 
always linear, and the growth rate was given by the 
slope of the straight line. 

Although thickening of the plates occurred simul- 
taneously with the growth in length, no direct mea- 
surements were made of the thickness growth rates 
due to poor resolution of the thickness dimension in 
the hot-stage photomicrographs. However, some 
index of the thickness growth rate was obtained from 
determinations of the length/thickness ratios of bain- 
itic plates in etched samples which had been quenched 
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Fig. 2—Growth of individual bainitic plates at 265°C ina 
1.12 pet C, 5.28 pct Ni, iron-carbon-nickel alloy. 


to room temperature after various extents of bainite 
formation. In these considerations, w, the effective 
thickness, refers to one-half the thickness observed 
at the center of the plate since the actual thickening 
took place in two directions. 

The maximum temperature at which it was pos- 
sible to make growth-rate measurements in the iron- 
carbon alloys was about 280°C because of the faster 
transformation at higher temperatures. The growth 
rates in the iron-carbon-chromium and iron-carbon- 
nickel alloys could be studied at higher temperatures 
due to their slower rates of transformation; how- 
ever, at temperatures above 320°C, the height of the 
surface upheavals in these alloys became so small 
that it was difficult to resolve the bainitic areas 
clearly. 


Temperature, °C 


300 250 200 
I T 


io 


(mm /min.) 


Growth Rate, 


a | 1 | n | 1 | 4 | 1 | 
1.70 1.80 1.90 2.00 2.10 2.20 
1000 
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Fig. 4—Bainitic growth rates for a 1.12 pct C, 5.28 pct Ni, 
iron-carbon-nickle alloy. 
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Fig. 3—Effect of temperature on the growth of bainite in a 
1.12 pet C, 5.28 pet Ni, iron-carbon-nickel alloy. 


The lowest temperature at which bainitic growth 
studies could be made was the M, temperature. The 
onset of the martensitic reaction during cooling was 
readily detected by the sudden appearance of full- 
size upheavals, in contrast to the gradual growth of 
the bainitic product. 


EXPERIMENTAL RESULTS 


Growth Rates—Some typical hot-stage micrographs 
showing the growth of bainite at 265°C in the 1.12 pct 
C, 5.28 pct Ni alloy are shown in Fig. 1(a) to 1(f). 
The austenite grain boundaries are seen because of 
thermal grooving’”’** occurring at the austenitizing 
temperature. The bainitic areas are seen because 
of the surface upheavals accompanying their for- 
mation. The bainitic units form by the nucleation 
of individual plates and their subsequent growth in 
both length and thickness. The nucleation of new 
plates can occur at grain boundaries, twin bound- 
aries, within the grain, or at existing plates. At 
present, it is not clear whether the latter possibility 
is a case of separate nucleation or sidewise branch- 
ing of existing plates. 

The measured lengths of a few plates shown in 
Fig. 1 are plotted in Fig. 2 as a function of time. 

The growth rate, 7, for each plate is constant but 
varies slightly from plate to plate. Similar results 
have been found for all five alloys, and have also 
been reported by Tsuya and Mitsuhashi” for a forg- 
ing die steel. 

The effect of temperature on the growth of bainite 
in the 1.12 pct C, 5.28 pct Ni alloy is shown in Fig. 3. 
The growth rate, 7, is independent of time at each 
temperature, but is markedly temperature dependent. 


The value of 7 increases with increasing temperature. 


The range of growth rates indicated in Fig. 2 is 
typical of all temperatures; this is illustrated in Fig. 
4 which summarizes the growth-rate data for the 
1.12 pct C, 5.28 pct Ni alloy. The scatter in growth 
rates has also been observed by Tsuya and Mit- 
suhashi.” It is much greater than the experimental 
uncertainty of the measurements. Although the 
spread in values could be conceivably caused by dif- 
ferences in the positions of the bainitic plates re- 
lative to the free surface, the following argument 
rules out this explanation. 
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Fig. 5—Spatial relations of a bainitic 
plate. 


(a) TOP VIEW 


If we assume that a bainitic plate has the shape of 
a lenticular disc in space and that conditions for 
growth are not modified by the free surface,* the 


*Metallographic sections perpendicular to the free surface showed 
that the transformation rate there was not markedly different from in 
the interior. The plate lengths measured on hot-stage photomicrographs 
were always the same as those obtained after the specimen was chemi- 

_Cally etched. Moreover, the surface M, was about the same as the vol- 
ume M,, Table III. 


geometric relationship of the plate to the free sur- 
face is given in Fig. 5. In this figure, PP lies in the 
plane of the free surface, N is the normal to this 
plane, d is the perpendicular distance from the free 
surface to the center of the disc, @ is the angle be- 
tween the normals to the surface and to the plane of 
the disc, 7 is the radius of the disc, and 7 is the ef- 
fective length of the upheaval formed by the inter- 
section of the disc with the free surface. Of course, 
d must be less than y sin @ in order for the disc 

to intersect the free surface. It can be shown that: 


: 
[1] 


where 7 is the linear growth rate observed on the 
surface, and 7 is the radial growth rate of the disc 
in space 

It is evident from Eq. [1] that if the radial growth 
rate were constant at a given temperature, 7 should 
be generally larger than 7 but should approach 7 as 
d-0O for any finite value of 7. Thus, other things 
being equal, 7 would be most closely approximated 
by the smallest apparent growth rate on the surface 
of observation. However, in that case, the other 
plates which exhibit larger values of / would have to 
have their centers at an appreciable distance from 
the surface; consequently, 7 should vary with 7, and 
hence with time. Inasmuch as the growth rate was 
found to be independent of time for all the plates 
measured, one may conclude that d must have been 
very small, and thus i = 7, at least for the plates 
selected for measurement. These plates were among 
the first to become visible, and therefore, were re- 
latively unimpeded in their growth for a sufficient 
time to permit the growth-rate determinations. It 
is possible that some of the plates appearing later 
in the transformation might have been nucleated well 
below the plane of observation, and hence would have 
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(b) EDGE VIEW 


displayed a nonconstant rate of growth. However, 
these plates were difficult to measure because of 
the presence of the prior bainite. 

Since the observed scatter could not be explained 
by the position of the plates relative to the free sur- 
face, it must have been due to differences in 7 from 
plate to plate. This could arise from noncircularity 
of the disc-like plates because of variations in the 
radial growth rate in the habit plane. Accordingly, 
the radial growth rate characteristic of each tem- 
perature in a given alloy was simply taken as the 
arithmetic mean of the observed growth rates. These 
results are plotted for the five alloys in Figs. 6 and 7. 
The lines drawn through the data represent the least- 
squares lines fitted to the average growth rates. 

The 95 pct confidence limits of the average growth 
rates are indicated by the bars. 


Temperature, °C 


300 250 200 150 
T T T 
i= 
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Fig. 6—Bainitic growth rates for Iron-Carbon alloys. 
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Fig. 7—Bainitic growth rates for a 1.14 pct C, 2.71 pct Cr, 
iron-carbon-chromium alloy and a 1.12 pct C, 5.28 pct Ni, 
iron-carbon-nickel alloy. 


The equation of the straight lines in Figs. 6 and 7 
can be represented by the expression: 


l= B exp] [2] 
or Q 13) 

3 
InJ=InB- RT 


where Q7 is the activation energy for growth in the 
length dimension of the bainite plate, B is a con- 
stant, R\is the gas constant, and T is the absolute 
temperature. The values of Q] and B are listed in 
Table II. The uncertainties in the Q; values shown 
in Table II represent the 95 pct confidence limits 
obtained from the least-squares analysis. 

The activation energy for the growth of bainite in 
the five alloys lies between about 14,000 and 17,000 
cal per mol. This is in fair agreement with the 
value of @ 19,000 cal per mol reported by Tsuya 
and Mitsuhashi° for a forging die steel. The changes 
in Q] with carbon and alloy contents are not re- 
garded as significant since they are within the limits 
of uncertainty. 

The growth-rate results for the iron-carbon alloys, 
Fig. 6, indicate that increasing the carbon content 
from 0.96 pct C to 1.43 pet C decreases the growth 
rate by a factor of about eight. The addition 2.71 pct 
Cr to a 1.1 pet C alloy lowers the growth rate by a 
factor of about twelve while the addition of 5.28 pct 
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Table Il. Values of Q, and B 


Alloy Qj), cal per mol B, mm per min 
0.96 pet C 15,600 + 6,000 2.06 x 10* 
1.16 pet C 15,100 + 3,000 7.32 x 10° 
1.43 pet C 17,300 + 4,000 2.00 x 10* 
1.14 pet: €, 2:71 pet Cr 16,400 + 1,500 2.02 x 10° 
1.12 pet C, 5.28 pct Ni 13,900 + 1,600 1.15 x 10? 


Ni lowers it by a factor of about eighteen (at 230°C). 
Thickness Growth Rates— Although direct meas- 
urements of the thickness growth rates, w, were not 
made due to poor resolution of the thickness dimen- 

sion in the hot-stage photomicrographs, approxi- 
mate values were obtained from the observed length/ 
thickness ratios of bainitic plates in etched samples 
after quenching to room temperature. The length/ 
thickness ratios were determined by averaging the 
length/thickness values for a number of plates in 
each alloy at each of several transformation temper- 
atures. 

The results are shown in Fig. 8. The 1 /w ratio or 
acicularity decreases with increasing temperature, 
but is insensitive to composition. This trend has 
been reported by Modin and Modin’® for a eutectoid 
plain-carbon steel. The ]/w values for all five al- 
loys can be represented in the temperature range of 
180° to 280°C by the equation: 


I _ 6150 cal/mol _ 
RT 


The 7/w measurements for temperatures above 

280°C have been neglected in‘deriving this relation- 
ship since they correspond to a nodular morphology 
which will be discussed later. No attempt has been 
made to correct the 7/w values for the different an- 


In 3.37 [4] 


TEMPERATURE, °C 
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£/w = 6150/RT -3.37 


0.96 %C 
1.16 %C 
1.43 %C 
Cr 
1.12 %C, 5.28 %Ni 


©eopa 


| | it | | | it 
1.70 180 2.00 2.10 
1000 7 T 


Fig. 8—Temperature dependence of length/thickness ratio 
of bainitic plates. 
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(a) 660 min 216°C 


(6) 150 min 276° 


(c) 28 min 327°C 


Fig. 9—Light micrographs of a 1.14 pet C, 2.71 pct Cr iron-carbon-chromium alloy transformed to bainite at 216°, 276°, 
and 327°C. X1000. Reduced approximately 9 pct for reproduction. 


‘ gles at which the plates are sectioned. Thus, the 
1/w ratios reported here are probably smaller than 
the true values. 

Inasmuch as the //w ratios were found to be in- 
dependent of bainitic plate size (or time of transfor- 
mation) at any given temperature, it may be assumed 
that the width growth rate is proportional to the mea- 
sured length growth rate.* Therefore, 


*This was subsequently confirmed by direct hot-stage measurements 
in which better resolution of the plate thickness was obtained by an 
improved optical system.’? Also, the material used was a 0.66 pct C, 
3.32 pet Cr iron-carbon-chromium alloy which exhibited extremely large 
bainitic plates. Thus, both the thickening and lengthening of the plates 
are linear with time. 


[5] 


where w/I is obtained from Eq. [4]. 


In view of Eq. [5], it is evident that the temperature 


dependence of # depends on the temperature depend- 
ence of 7/w as well as on that of 7, or 


Qw =Q , + 6150 cal/mol [6] 


Thus, the activation energy for growth in thickness, 
Qw, is insensitive to composition as Q, is. 

Light and Electron Micrographs--A large number of 
samples were examined by light microscopy to ob- 
tain information on the morphology and the / /w ra- 
tios discussed in the previous section. Some speci- 
mens were also examined by electron microscopy 
in order to determine the distribution of carbides 
with respect to the bainite/austenite interface. The 
samples for both light and electron microscopy were 
etched in modified picral. Chromium shadowed (27 
deg) parlodion replicas were used for the electron 
microscope work. 

Some typical light and electron micrographs of 
the 1.14 pct C, 2.71 pct Cr alloy are shown in Figs. 
9 and 10. The light micrographs reveal the general 
decrease in the acicularity of the transformation 
product with increase in the transformation temper- 
ature. At the highest transformation temperature 
in this alloy [327°C, Fig. 9(c)], a nodular morpho- 
logy is developed which resembles fine pearlite. 


Fig. 10—Electron micrographs of a 1.14 pet C, 2.71 pet Cr iron-carbon-chromium alloy transformed to bainite at 262°C 
and 327°C. See text for significance of arrows. X20,000. Enlarged approximately 3 pct for reproduction. 
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A similar result was obtained in the 1.12 pct C, 
5.28 pct Ni alloy; this nodular. morphology has 
also been reported by Lister’® for a 1.16 pet | C 
iron-carbon alloy, by Greninger and Troiano™ 
for a 1.78 pct C plain-carbon steel, and by Jel- 
linghaus’® for a 1.00 pct C, 3.5 pet Mn steel. 

The electron micrographs, in general, in- 
dicated that at the sides of the plates the car- 
bides are precipitated in the ferrite very near 
the bainite/austenite interface and in most cases 

make contact with it. At the advancing end of 
the plate, the ferrite phase was found to lead the 
carbide precipitation. Fig. 10(a) illustrates both 
these observations. The leading edge of the plate 
(arrow a) is relatively free of carbide, while at 
the sides of the- plates (arrow b) the carbides are 
precipitated in the ferrite at or near the bainite/ 
austenite interface. In addition, at lower trans- 
formation temperatures, thin plates of carbide- 
free ferrite [arrow c, Fig. 10(a)| were found. 
These plates are evidently an early stage in the 
growth process and grow rapidly in length but 
not in thickness until carbide precipitation oc- 
curs at the sides of the plates. Fig. 10(4) shows 
the sidewise growth (thickening) of a bainitic 
unit at a higher temperature and illustrates the 
increase in size and spacing of the carbide par- 
ticles that occurs with increasing temperature. 
Carbide precipitation in the austenite was not 
found. 

M, Temperatures—The M, temperatures of all 
five alloys were determined by observing the 
temperature at which martensite first appeared 
in hot-stage specimens quenched to just above M, 
and then cooled. The results are shown in Table 
Ill. 

The agreement between the volume /, and the 
hot-stage M, indicates that, in the five alloys 
studied, the surface M,; is essentially equal to the 
volume M,. This was considered adequate proof 
that no surface decarburization occurred during 
the austenitizing treatment on the hot-stage. 


DISCUSSION OF RESULTS 


The linear growth of bainitic plates with time in- 
dicates that, if the growth rate is controlled by the 
diffusion of carbon, the effective diffusion distance 
for carbon must be constant during the growth pro- 
cess. There are three obvious paths for the diffu- 
sion of carbon: 1) in the ferritic matrix of the bain- 
ite, 2) in the surrounding austenite, or 3) along the 
bainite/austenite interface. Most of the available 
electron microscope evidence on iron-carbon alloys 
and plain carbon steels’*"*»"»”* as well as the pre- 
sent work indicates that below 350°C the bainitic 
carbides are precipitated within the ferritic phase. 
In general, the carbides at the sides of the plates 
make contact with the bainite/austenite interface or 
are precipitated very near to it. On the other hand, 
the advancing edge of the plate in the lengthwise 
or radial direction is usually free of carbide. In 
addition, the sides of the plates are essentially 
plane while the edges have a sharp radius of cur- 
vature. The above observations would suggest 
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Table Ill. Temperatures 
Hot-Stage M,, M, 
Composition s¢€ Volume, °C Reference 
0.96 pet C 216 + 3 215* Greninger’? 
1.16 pet C 175* Greninger’® 
1.43 pet C 132523 135* Greninger’? 
1.14 pct C, 2.71 pct Cr 87 +4 94+ Lyman and 
1.12 pet C, 5.28 pct Ni 93 + 3 96t Howard and Cohen 


*Values obtained from interpolation of Greninger’s data.” 

tValues obtained from references cited with corrections made for 
small differences in composition by empirical formula of Payson and 
Savage.” 


two different growth models, one for sidewise 
growth controlling w, and another for edgewise 
growth controlling 7 or /. The sidewise growth 
rate or thickening presumably depends on the rate 
of carbon diffusion through the ferrite or along the 
bainite /austenite boundary and can be treated by 
a plane-front growth model. The edgewise growth 
rate, however involves the small radius of curva- 
ture at the advancing edge; here, it appears that 
carbon diffusion into the surrounding austenite, 
away from the advancing edge of the carbide-free 
ferrite, is at play. 

Krisement and Wever have suggested a grawth 
model for high-carbon steels in which carbide pre- 
cipitation in the austenite makes possible the coherent 
formation of ferrite. The alternate formation of car- 
bide and coherent ferrite is referred to as a double- 
growth mechanism. Their assumption that the growth 
rate is uniform in all three dimensions’’ is of limited 
applicability since for most temperature ranges the 
transformation product is platelike in nature and the 
sidewise and edgewise growth rates have to be treated 
separately. Moreover, the assumption that the car- 
bide phase precipitates directly from the austenite 
is not found in the temperature range and alloys 
studied here. 

Sidewise Growth— Fisher *° has proposed a model 
which considers the growth to be controlled by the 
rate of carbon diffusion through the ferritic matrix 
of the bainite and which is applicable to the side- 
wise growth rate. The rate is given by: 


872 [7] 


where G is the rate of advance of the interface, 
CY and C®° are the carbon contents of the fer- 
rite at the existing ferrite/austenite and ferrite/ 
carbide interfaces, respectively, C; is the initial 
carbon content of the austenite, D* is the diffu- 
sion coefficient of carbon in ferrite, S is the mean 
intercarbide spacing, and S/2 is the effective dif- 
fusion distance for the carbon in ferrite. If one 
uses the Arrehenius expression for D® , it can 

be shown that: 


| De -Cae 
in c= in | ( G [8] 


where @¢ is the activation energy for carbon dif- 
fussion in ferrite, R is the gas constant, T is the 
absolute temperature, and D* is the pre-expon- 


24, 25 
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ential factor in the Arrehenius equation for the 
diffusion coefficient. If the temperature depen- 
dence of the first term of the right-hand side of 
Eq. [8] is neglected relative to the second term, 
the activation energy, Q,, for growth in the thick- 
ness should equal Q%. From Eq. 6 and Table I, 
Qw = 20,000 to 23,000 cal per mol. This agrees 
well with the observed activation energy of 20,100 
cal per mol for carbon diffusion in ferrite.2” The 
experimental result that Q,, is independent of car- 
bon content is correctly predicted by Eq.[8]. 

According to Eq. [8] the thickening rate should 
vary with the carbon content as 1/C; if the inter- 
carbide spacing does not change rapidly with car- 
bon content. This predicts a decrease in the growth 
rate by a factor of 1.5 when the carbon content of 
the iron-carbon alloy is raised from 0.96 pct C to 
1.43 pct C, while the observed growth rate decreases 
by a factor of eight. 

A quantitative comparison of the observed growth 
rates with the growth rates predicted by the Fisher 
model is difficult because of the uncertainties in eval- 
uating the necessary quantities C%’, C%°,and S. How- 
ever, anapproximate calculation can be made for the 
1.16 pet C iron-carbon alloy at 200°C, taking D% = 
‘0.02 sq cm per sec., Q®% = 20,100 cal per mol, S = 
5.0 x 10° cm, = 7.50 x 10°* gC per cm’, 
6.45 X 10° g C per cm*. The values of D% and 
are from Wert,” is obtained from the Zener” 
extrapolation for the ferrite/ferrite-austenite phase 
boundary, C°°has been evaluated from the ferrite/ 
ferrite-carbide phase boundary of Wert,”° and S is 
assumed equal to the average intercarbide spacing. 
The calculated growth rate is 1.6 X10 °mm per min. 
The observed value of / is 8.0 X107* mm per min 
from which w = 3.2 x 107° mm per min. The agree- 
ment between the calculated growth rate and w with- 
in a factor of two is better than should be expected 
considering the uncertainties in the calculation. 

In addition to the possibility of carbon diffusion 
through the ferrite, it is conceivable that carbon dif- 
fusion along the bainite/austenite interface controls ~ 
the width growth rate at the temperatures studied 
here. Such an alternative has been suggested by 
Cahn™ for the growth of pearlite, and an analogous 
growth model for cellular precipitation in Pb-Sn 
alloys was developed earlier by Turnbull.” The 
growth equation from Turnbull’ is: 


Cj [9] 


where \ is the interface thickness, D2 is the dif- 


fusion coefficient of carbon along the interface, and 
S is the intercarbide spacing. If one uses S = 5.0 

x 10° cm as before, X = 10°’ cm, and assumes 

C; >> Cac, the value of D2 needed to account for 

the observed w in the 1.16 pct C iron-carbon alloy 
at 200°C is 1.33 x 10°** sq cm per sec. Assuming 
as Turnbull™ does that the Dushman- Langmuir equa- 
tion is applicable in this case, the value of QF is 
found to be 21,900 cal per mol. This falls within the 
range of the measured activation energies for growth 
in the thickness direction, 20,000 to 23,000 cal per 


(QS 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


mol. On the other hand, it is difficult to see how the 
influence of carbon content can be explained unless 
the intercarbide spacing S increases with increasing 
carbon content, but this does not seem reasonable. 

The activation energy for growth will not be equal 
to that for the diffusion process unless the other para- 
meters in the growth-rate equation have a small tem- 
perature dependence compared to that of D?. The 
only parameter in Eq. [9] other than DB which might 
have an important temperature dependence is the 
value of S. However, examination of a number of elec- 
tron micrographs of samples transformed between 
180° and 320°C indicates that the intercarbide spacing 
increases by less than a factor of two in this temper- 
ature range while D# increases by a factor of 100. 

One is not justified in making a decision based on 
these calculations as to whether carbon diffusion 
through the ferritic matrix of the bainite (Fisher 
model) or along the bainite/austenite interface (cel- 
lular model) is controlling the sidewise growth. Both 
models predict about the correct value of the meas- 
ured activation energy. The Fisher model gives, in 
addition, the right order of magnitude for the growth 
rate and indicates that increasing the carbon content 
should decrease the growth rate. 

Edgewise Growth— has suggested a model 
for the edgewise growth of ferrite which can be ap- 
plied to the lengthwise growth rate of bainite. This 
takes into account the sharp radius of curvature of 
the advancing edge and considers that carbon dif- 
fuses away into the austenite. It is similar to a model 
model proposed originally by Zener.** The Zener- 
Hillert equation is: 


1 Cy Ce p*\| y 
\ 
p Cc” p 


where p is the radius of curvature of the advancing 
edge, p*is the critical radius at which the growth 
rate would be zero, C}® is the carbon content of the 
austenite at a planar ferrite-austenite interface, C? 
is the carbon content of the austenite far away from 
the interface, C~ is the mean carbon content of the 
ferrite, DY is the diffusion coefficient of carbon in 
austenite, and the other quantities have their pre- 
viously defined meanings. The maximum or pre- 
vailing growth rate is obtained when p = 2p*; hence, 
we can simplify the above expression: 


pt (<3: 


G= [10] 


[11] 


where QY is the activation energy for carbon diffusion 
in austenite, Di. is the pre-exponential factor in the Ar- 
rehenius expression for the diffusion coefficient, and 
it is assumed that CY = C; and C; >>C%. A quantita- 
tive comparison of the Zener-Hillert equation with the 
experimental results is difficult because of the uncer- 
tainties inevaluating p,C?°, and An accurate 
value of p can be obtained only from electron micro- 
graphs of plates sectioned normal to their habit plane. 
However, an approximate value of p at 200°C is 

5 x 10° cm, the same order of magnitude as S. The 
value of C%% cannot be derived from the Zener™ ex- 
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trapolation for the austenite/austenite-ferrite phase 
boundary since unreasonable values are obtained for 
the temperature range studied. The value of D?® is, 
therefore, also unknown since this is strongly depen- 
dent on the carbon content of the austenite near the 
advancing edge. 

Hillert ** has suggested that the low activation en- 
ergy for lengthwise growth compared to that norm- 
ally observed for carbon diffusion in austenite 
(36,000 to 28,000 cal per mol)” can be explained 
either by a very high carbon content in the austenite 
at the advancing bainite tip or by the temperature 
dependence of the concentration parameters in Eq. 
[11]. If one assumes that the former is true, the 
value of C’% (the carbon content of the austenite at 
the existing ferrite/austenite interface) required to 
lower Q? to 17,000 cal per mol is about 2.6 wt pct C 
(0.206 g C per cm®*), extrapolating the data of Wells, 
Batz, and Mehl* on the effect of carbon content on 
Q@%. If this value of C’* is used to calculate C}* 
(which turns out to be 4.0 wt pct C) and the latter 

value along with D% =0.01 sq cm per sec (extrapo- 
lated to 2.6 wt pct C*’) are substituted in Fq. 11, 
the calculated growth rate at 200 C for the 1.16 pct 
C iron-carbon alloy is 9.2 x 107° mm per min.* The 


*This calculation assumes that the minimum or rate-controlling flux 
in the diffusion zone is determined by the highest diffusion coefficient 
in the zone.*”** Since DX increases with carbon content, the controlling 
value of DZ is that associated with C” and not CX. C”* and C?* are 
by the equation: (C”* — C%) = (CY* CX) (1 p*/p) where 
p = 2p". 
observed lengthwise growth rate is 8.0 x 10°* mm per 
min so that the observed and calculated growth rates 
agree within an order of magnitude. 

The constant rate of lengthwise growth is explained 
in the Zener-Hillert model by assuming the radius of 
curvature remains constant during growth. Also, this 
equation predicts an inverse dependence of growth 
rate on the carbon content i.e. i ~ (C0* + C;)/G. 
This says that the lengthwise growth rate should de- 
crease by a factor of two when the carbon content of 
the iron-carbon alloy is raised from 0.96 pct C to 
1.43 pct C, while the observed growth rate decreases 
by a factor of eight. 

The assumption that C; >> C% in Eq. [11] does not 
rule out the possibility that C* may be considerably 
greater than the equilibrium carbon content of the 
ferrite. This supersaturated ferrite could then pre- 
cipitate carbide some distance behind the advancing 
edge resulting in a more or less uniform density of 
carbide within the plate. 

Tsuya® has suggested that the edge advances by a 
series of repeated martensitic transformations which 
are possible by a local lowering of C’* . This series 
of short discontinuous jumps might be below the re- 
solving power of the hot-stage microscope and could 
lead to an overall linear growth rate. On the other 
hand, it is not clear how C’“can be lowered in the 
absence of carbide precipitation at the advancing 
edge. The Zener-Hillert model predicts a carbon 
increase in the austenite near the advancing edge. 

Further Considerations—The influence of alloying 
elements on the bainitic growth rate is difficult to 
predict by any of the existing theories. Presum- 
ably, the effect of alloying elements comes in through 


1058—VOLUME 218, DECEMBER 1960 


changes in S, C%’, C® , and D& for sidewise growth or 
in C’“ and DY for edgewise growth. It is not believed 


that bulk redistribution of alloying elements plays an 


important role in the formation of bainite since the ex- 


tracted carbides have about the same alloy content as 
the original austenite.” Therefore, the influence of 
alloying elements in not due to the need for diffusion 
of these elements. The electron microscope does 
not indicate any marked change of S with the addition 
of alloying elements in the compositions studied. 
Moreover, since the activation energies for growth 
in the thickness and in length are not significantly 
affected by alloy additions, it appears that De or DY 
are not affected by alloy additions in these consi- 
derations. The most likely influence of the alloy- 
ing elements would then come in through their effect 
on the concentration parameters in the growth equa- 
tions. At present, it does not seem feasible to treat 
this problem more quantitatively. 

It should be emphasized that superimposed upon 
the bainitic growth features discussed here is the 
displacive nature of the transformation. In fact, the 
growth measurements in this paper are made pos- 
sible by the surface upheavals or tilts which result 
from the macroscopic displacements of the bainitic 
reaction. These shear-like characteristics are rem- 
iniscent of martensitic transformations, but bainite 
formation is distinguished by the fact that the growth 
rate is diffusion controlled. The macroscopic tilts 
suggest that the bainite/austenite interface is at 
least partially coherent, as in the case of martensite, 
and that elastic strain energy may play a role in de- 
tracting from the chemical driving force of the trans- 
formation. Possibly, the acicularity of the bainitic 
plates is controlled, not only by the relative rates of 
sidewise and edgewise growth as previously dis- 
cussed, but also by some tendency to reduce the 
strain energy. 

The bainitic growth models considered in this 
paper are specifically concerned with lower bain- 
ite. The kinetics and rate-controlling processes 
may differ substantially, either in kind or in de- 
gree, for upper bainite where the ferritic phase 
predominates and where long-range carbon diffus- 
ion and carbide precipitation may occur within the 
austenite. The nodular bainites observed at 300° 
to 320°C in this work are essentially the same as 
lower bainite except that there is a marked pro- 
pensity toward lateral branching or fanning-out of 
the bainitic plates. The larger plates in such clus- 
ters can be distinguished on the hot-stage by sur- 
face tilts. The smaller plates which fill in the no- 
dule cannot be readily detected on the hot-stage, 
but the nodular configuration is easily disclosed 
by conventional etching after the specimen has 
cooled to room temperature, Fig. 9(c). 


CONC LUSIONS 


1) By means of hot-stage measurements on high- 


purity iron-carbon, iron-carbon-chromium, and iron- 


carbon-nickel alloys, the isothermal edgewise rate 
of growth of bainitic plates is found to be substan- 
tially independent of time. The temperature depen- 
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dence of the growth rate can be represented by an 
equation of the form: 


where Q,, the activation energy for growth, has a 
value between 14,000 to 17,000 cal per mol in the 
temperature range of 180° to 320°C. Variations of 
@, with composition fall within experimental error. 

2) The rate of growth in thickness of the bainitic 
plates has beenevaluated indirectly; it is proportional 
to the edgewise growth rate, but the ratio has a tem- 
perature dependence of about 6100 cal per mol, inde- 
pendent of composition. 

3) An increase in carbon content or alloy content 
of these alloys decreases the growth rate signifi- 
cantly. 

4) The sidewise and edgewise growth rates have 
been discussed in terms of different growth models: 
4.1) The sidewise growth rate is believed to be 

controlled either by the rate of carbon diffusion 
through the ferritic matrix of bainite or along the 
bainite/austenite interface. A diffusion-control- 
led growth model which assumes carbon to diffuse 


through the ferritic phase correctly predicts the 
activation energy for sidewise growth and the ob- 
served value of the growth rate within an order of 
magnitude. A cellular precipitation model which 
assumes carbon to diffuse along the bainite/aus- 
tenite interface correctly predicts the observed 
activation energy for growth, but quantitative com- 
parison with the observed growth rates is not 
possible. 

4.2) The edgewise growth rate has been ration- 
alized in terms of a Zener-Hillert model which 
assumes the growth in length to be controlled by- 
the rate of carbon diffusion in austenite away from 
the advancing edge. Order of magnitude agreement 
is obtained with observed edgewise growth rates if 
reasonable assumptions are made concerning car- 
bon content of the austenite at the interface. 
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of Cu-Ti 


The aging behavior of a Cu-Ti (3.2 at. pct Ti) alloy has been 
followed by electrical resistivity, hardness, and metallographic 
changes. The resistivity data indicate two principal processes, 
the first causing a sharp decrease in resistivity, and the second, 
which occurs over a long period of time, a much smaller rate of 
decrease. Lamellar nodules, Widmanstitten platelets, and homo- 


geneous continuous precipitation was observed. The Widmanstatten. 


platelets grow at the expense of the latter. 


Wauen this study was initiated, little information 

was available on the aging behavior of copper-base 

titanium alloys. Several articles’~° that appeared in 
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the early 1930’s showed that these alloys could be 
strengthened by precipitation, but a detailed study 
was not made. Within the past year, jhowever, two 
other more comprehensive studies’ ° have been re- 
ported in the literature, one consisting primarily of 
an investigation of mechanical properties, the other 
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Fig. 1—Electrical resistivity changes of a Cu-3.2 at. pct 

Ti alloy aged at 550°C and below as indicated (logarithmic 

time scale). 


‘of metallographic examinations. In the present work 
the aging characteristics of a 3.2 at. pet (2.5 wt pct) 
Ti alloy have been followed in the temperature range 
of 125 to 675°C by electrical resistivity, hardness, 
and metallographic observations. Some unusual fea- 
tures, not reported by Doi,” of the morphology of 
precipitation were found. In addition, the resistivity 
measurements revealed an anomaly in the early 
stage of the aging reactions that is not characteristic 
of other age-hardening systems. 


EXPERIMENTAL PROCEDURE 


High-purity material was obtained from stock 
previously used by the author in a different study.° 
The alloy had been vacuum induction melted in a 
zirconia crucible and chill cast. 

Electrical resistivity measurements were made 
by the potentiometric method utilizing a Leeds and 
Northrup type-K potentiometer and specimens of 
0.32 cm diam and 6.3 cm length. The voltage drop 
across a Standard resistance, in series with the 
specimen, was used to determine the current through 
the sample. These measurements were reproducible 
to within + 0.10 pet. Hardness specimens were 
prepared by rolling flat specimens 0.32 cm thick 
from round stock. A Tukon hardness tester with a 
diamond pyramid indenter was used for all hardness 
measurements. Each hardness number was obtained 
by averaging 3 indentations; the maximum deviation 
was +5 Dph numbers. 

Aging experiments below 200°C were conducted in 
a constant temperature oil bath. Between 200° and 
550°C a salt-bath (50 pet KNO,-50 pct NaNO,) was 
utilized. For short time tests (less than 5 min) at 
temperatures above 550°C the specimens were in- 
serted into a heated copper block in order to mini- 
mize the time to arrive at temperature (no correc- 
tion was made for this brief period in the total time 
at temperature). Longer aging treatments were per- 
formed in vacuo. The aging curves were obtained by 
interrupting the heat treatment and water quenching 
the specimens to room temperature where all meas- 
urements were made. All specimens were solution- 
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Fig. 2—Initial electrical resistivity changes of a Cu-3.2 at. 

pet Ti alloy aged at 550°C and below as indicated (linear 

time scale). 


annealed for 1.5 hr at 840°C and water quenched 
prior to the aging treatments. 


RESULTS 


A) Electrical Resistivity Measurements—The aging 
curves at 550°C and below, as measured by electri- 
cal resistivity, are shown in Fig. 1. The curves at 
550°, 375°, and 300°C appear to consist of two dis- 
tinct portions—a sharp initial decrease in resistivity 
followed by a long slow rate of change. The sudden 
decrease was first observed by Murray and Taylor® 
in a study of the effect of neutron irradiation on Cu- 
Ti. The 125° and 200°C curves do not appear to show 
this sharp drop in resistivity in the extended semi- 
logarithmic plot of Fig. 1, but if one examines the 
early portion of these curves when plotted ona linear 
time basis, Fig. 2, the drop is clearly visible. It can 
be seen from Fig. 2 that the magnitude of the drop 
increases with increasing temperature, but that the 
time for completion of this part of the aging reaction 
is practically identical at all temperatures. 

The isothermal aging curves above 550°C are 
shown in Fig. 3. The situation is reversed at these 
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Fig. 3—Electrical resistivity changes of a Cu-3.2 at. pet 
Ti alloy aged at 550°, 625°, and 675°C. 
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Fig. 4—Hardness changes of a Cu-3.2 at. pet Ti alloy aged 
at 550°, 450°, and 300°C. 


temperatures in that the magnitude of the early re- 
sistivity change decreases with increasing tempera- 
ture. An examination of the phase diagram reveals 
that the solid solubility of copper in titanium com- 
mences to increase significantly with temperature 
at about 600°C. Perhaps the decreasing magnitude 
of the resistivity drop at temperatures above 550°C 
is associated with the lesser degree of supersatu- 
ration at these temperatures. 

A small but reproducible increase in resistivity 
is observed to follow the sharp initial decrease at 
these higher aging temperatures. The resistivity 
subsequently decreases rather rapidly during the 
precipitation reaction to what appears to be an equi- 
librium value. The aging periods at 550°C and below 
were not of sufficient duration to permit equilibrium 
attainment. 

B) Hardness Measurements—The aging reaction 


as followed by hardness measurements at three tem- 
peratures are shown in Fig. 4. The hardness curves 
at 450° and 550°C are characterized by an early 
rapid change followed by a slower rate of reaction, 
but the two stages are not as distinct as in the case 
of the resistivity aging curves. The 300°C curve 
shows three distinct sections prior to the attainment 


of maximum hardening. The second section exhibits 
no hardness change over a long period of time. The 
implication here is that the second stage of the aging 
reaction is delayed. The peak hardness values are 
approximately the same at all three temperatures. 

C) Metallographic Observations—Doi® has reported 
that at temperatures of 600°C and below visible pre- 
cipitate appeared at the grain boundary in the form 
of pearlitic-type nodules which grew into the matrix. 
At 700°C only Widmanstatten-type precipitate was 
found. At intermediate temperatures he observed 
both types of precipitate. In addition to these precipi- 
tate formations, a third morphology was observed in 
the present work at 550°, 650°, and 675°C that is 
believed to play a significant role in the hardening 
process. This precipitate appeared in the form of 
extremely fine homogenously distributed striations. 
These striations were overlooked at first because 
the etchant (2 g K,Cr,O,, 4 ml saturated NaCl solu- 
tion, 8 ml H,SO,, 5 ml HF, 95 ml H,O) gave a general 
darkening that tended to mask the finely divided par- 
ticles. However, they were visible under polarized 
light, and under ordinary light after more careful 
polishing and etching treatments. (A5-sec electroetch 
in a 2:1 alcohol-nitric acid solution also revealed 
these striations.) 

The microstructures as a function of aging time at 
550°C are shown in Figs. 5 through 7. The first ap- 
pearance of precipitate in nodular form was noted 
after 1 hr, Fig. 5. As the aging was continued, Fig. 6 
these nodules grew and at higher magnifications re- 
vealed the pearlitic lamellae reported by Doi.’ How- 
ever, after 4.2 hr, in addition to the nodules, very 
small precipitate particles could be seen at high 
magnifications under polarized light in some regions 
of the grain interior. (A suitable photograph of this 
could not be obtained due to the general grain dark- 
ness. Perhaps a more Selective etchant could be 
developed that would reveal it under ordinary light). 
After 16.6 hr, Fig. 7, the precipitate appeared to 
encompass most of the grain. The widespread ap- 
pearance of the second phase here can be attributed 
to the formation and growth of the fine particles in 
addition to the growth of pearlite nodules. 

The microstructures obtained after the 675C aging 
treatment, Figs. 8 through 12, revealed the homoge- 


Reduced approximately 24 pct for reproduction. 


Fig. 5—Cu-3.2 at. pct Ti alloy, aged 1 
hr at 550°C, X200. 


1061—VOLUME 218, DECEMBER 1960 


Fig. 6—Cu-3.2 at. pet Ti alloy, aged 
4.2 hr at 550°C, X1000. 


Fig. 7—Cu-3.2 at. pet Ti alloy, aged 
16.6 hr at 550°C, X150. 
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Fig. 8—Cu-3.2 at. pct Ti alloy, aged 
1.7 hr at 675°C, X1200. 


neous precipitate much more clearly than those ex- 
amined after 550°C aging. After 1.7 hr Fig. 8, the 
striations clearly showed in some regions, particu- 
larly near the grain boundaries. Some nodular precip- 
itate was also visible, as is evident in the low magni- 
fication photograph of Fig. 9. Even at this magnifica- 
tion some of the fine precipitate can be distinguished. 
Although not shown in these photographs, a few Wid- 
manstatten particles could be seen scattered throughout 
the specimen. As aging continued the Widmanstatten 
platelets became more profuse and after 23.4 hr it 
appeared at low magnifications, Fig. 10 that the pre- 
cipitate was almost entirely in the form of Widman- 
statten platelets, with an occasional pearlite nodule. 
However, Fig. 11 taken at X1000 magnification shows 
that the bulk of the precipitate was really in the form 
of small homogeneously distributed particles. On 
further aging, Fig. 12 the number of platelets increas- 
ed slightly but more significantly, the platelets grew 
and increased in width at the expense of the homoge- 
neous particles (compare the plate widths and amount 
of fine precipitate in Figs. 11 and 12). Thus, the 
platelets grew as the fine particles redissolved. Due 
to the small size of the latter it was not possible to 
ascertain if they were formed along some preferred 
crystallographic plane. Their general appearance 
suggests a random orientation. 


Fig. 11—Cu-3.2 at. pct Ti alloy, aged 23.4 hr at 675°C, 
X1000. Reduced approximately 24 pct for reproduction. 
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Fig. 9—Cu-3.2 at. pct Ti alloy, aged 
1.7 hr at 675°C, X450. 


Fig. 10—Cu-3.2 at. pet Ti alloy, aged 
23.4 hr at 675°C, X150. 


Visible precipitate did not appear at 375°C and 
below for the aging times shown in, Fig. 1. 


DISCUSSION 


A) Initial Resistivity Decrease—One of the most 
interesting features of this study is the sharp resist- 
ivity decrease observed in the first seconds of the 
aging process. At present one can only speculate as 
to the reaction responsible for this sharp decrease. 
Resistivity decreases in reactions of this type are 
usually attributed to one of the following processes: 

a) retrogression (resolution of small nuclei* that 


*The term nuclei in this sense is general, i.e., it could define solute 
clusters or any form of precipitation. 


are unstable at elevated temperatures). 

b) depletion of the matrix solute concentration. 

c) ordering reactions. 

Retrogression, aS measured by electrical resist- 
ivity, has been observed in several age-hardening 
systems.’ In these alloys a resistivity increase oc- 
curs during early aging at relatively low tempera- 
tures. On subsequent aging at a higher temperature 
a sudden recovery of the resistivity is noted, pre- 
sumably due to the resolution of small nuclei which 
are formed at the low temperature, but which are 
unstable at the higher temperature. The early Cu-Ti 


hr ati675 
X1000. Reduced approximately 24 pet for reproduction. 
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resistivity decrease is reminiscent of sucha process. 
The ‘‘as-quenched”’ resistivity (approximately 30 
microhm-cm) of this alloy is high compared to other 
copper solid solution and quenched super-saturated 
solid solution alloys (e.g. solution- quenched Cu-Be 
has a resistivity of the order of 10 microhm-cm). 

To explain this high ‘‘as-quenched’’ resistivity it is 
necessary to assume that a fairly large density of 
nuclei exists immediately after quenching. Such an 
assumption is not unreasonable. The sudden resist- 
ivity decrease could then be attributed to the retro- 
gression of these nuclei. The increase in magnitude 
of the early resistivity change with aging temperature 
could then be explained on the basis of the existence 
of a distribution in the sizes of the quenched-in 
nuclei; the smaller ones being redissolved at the 
lower temperatures, the larger ones at the higher 
temperatures. 

The above explanation meets with difficulties when 
one attempts to interpret the hardness data. No 
recovery of hardness is observed. Neither is the 
“‘as-quenched’’ hardness excessively high. Although 
it has been shown’ that in the Cu-Be system the 
retrogression of hardness occurs at a slightly higher 
temperature than the resistivity recovery, it is 
believed that within the temperature range studied 
here a hardness recovery would be expected if such 
a retrogression took place. 

Removal of solute from the matrix is always mani- 
fested by a resistivity decrease in the later stages 
of aging reactions. Although depletion of the matrix 
solute concentration could occur concomitantly with 
the formation of homogeneous nuclei, often a resist- 
ivity increase is observed in these early processes, 
presumably asaresult of scattering of the conduction 
electrons by the small particles. Even if a resistivity 
decrease did occur from homogeneous solute deple- 
tion during preprecipitation processes, it is unlikely 
that such a diffusion controlled process would pro- 
ceed as rapidly as observed for Cu-Ti. 

A possible mechanism whereby solute depletion 
could account for this resistivity decrease is that of 
heterogeneous nucleation on a submicroscopic scale 
(homogeneous on a microscopic scale) at dislocations 
or subgrain boundaries. In this case the reaction 
would need to be assisted by quenched-in solute clus- 
ters and/or vacancies in order to proceed at the 
measured rate.* The reaction must then halt when 

*Heterogeneous nucleation on dislocation loops that result from the 
condensation of quenched-in vacancies is believed to occur in the Al-Si 
system.” 
the region in the immediate vicinity of the nucleus is 
depleted of solute or quenched-in vacancies. However, 
the measured resistivity decrease at 300°C and above 
appears to be temperature dependent only in magni- 
tude and not in rate. One would expect that a solute 
depletion mechanism would exhibit a marked temper- 
ature-rate dependency. If such a dependency exists, 
extremely brief aging periods will be required for 
detection. 

It is well recognized that long-range ordering gives 
rise to a resistivity decrease. Unfortunately, the 
situation with respect to local ordering, which is of 
concern here, is not firmly established. It has been 
reported that short-range order increases the resist- 
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ivity of CusAu’° and decreases the resistivity of Cu- 
Zn. Wechsler and Kernahan”™ have reported a small 
excess resistivity in quenched but unsaturated Cu-Al 
(15 at. pct) alloys and suggested that it could result 
from a departure from equilibrium short-range 
order. 

If solute clusters were either retained or formed 
on quenching, it is conceivable that dissimilar atoms 
would be attracted within the cluster on the fcc lattice. 
At slightly elevated temperatures these atoms could 
rapidly attain a metastable equilibrium through the 
formation of short-range order on the matrix lattice 
much earlier than the formation of the stable preci- 
pitate. Based on thermodynamic properties such an 
ordering has been predicted for Al-Ag alloys.’® The 
rate of the reaction would be further accelerated by 
the presence of excess quenched-in vacancies within 
the cluster. 

The above model could account for the rapidity of 
the early aging reaction but is not in accord with the 
variation of the magnitude with temperature, 7.e. the 
higher the temperature the smaller should be the 
degree of metastable equilibrium order. In addition, 
the resistivity decrease is somewhat large to be ac- 
counted for by short-range order formation accord- 
ing to existing theories.* 

Although none of the above mechanisms satisfacto- 
rily explain the sudden resistivity decrease, hetero- 
geneous nucleation in collaboration with quenched-in 
vacancy condensation is favored at present. It is 
believed that a more direct measurement, e.g. X-ray 
diffuse scattering, would clarify the picture. Perhaps 
an activation energy determination, which probably 
could be obtained from pulse annealing experiments, 
would contribute to the understanding of this process. 

B) Hardness—The mechanism responsible for the 
large hardness increase after only 2 min aging at 
550°C is almost certainly associated with the sharp 
resistivity decrease. This temperature appears to 
be one at which the magnitude (and probably rate) of 
this reaction is at a maximum. The hardness does 
not change appreciably as aging continues at 550°C. 
At 450°C the hardness increase after 2-min. aging 
is small compared to the expected resistivity change 
(interpolated from Fig. 1). This implies that some 
growth is required at 450°C to produce a nucleus 
size comparable to that responsible for the 550°C 
hardness, whereas the resistivity decrease is affect- 
ed by a smaller nucleus. A similar situation has 
been reported for Cu-Be.° 

At 300°C, however, the hardness curve shows two 
distinct periods of increasing hardness. The first 
and smaller increase is probably akin to the mecha- 
nism responsible for the much larger initial hard- 
ening at 450° and 500°C, whereas the second increase 
is somewhat delayed and could conceivably be associ- 
ated with the continuous precipitation reaction. At 
the higher temperatures (450° and 550°C) these two 
reactions appear to overlap. 

C) Microstructure—The chief metallographic fea- 
tures found in this aging study are the appearance of 
the lamellar nodules, the homogeneous continuous 
precipitate, and the Widmanstatten platelets which 
grow at the expense of the homogeneous precipitate. 
Metallographically, the nodules appear to grow in 
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the manner formulated by Smith*” although this has 
not been verified by X-ray diffraction. 

When one compares the microstructures with the 
resistivity curve at 675°C, it is found that the second 
larger resistivity decrease occurs during the forma- 
tion of the homogeneous precipitate. The later in- 
crease in resistivity occurs during the formation 
and growth of the Widmanstatten platelets and could 
possibly be associated with the resolution of the 
continuous precipitate. This would imply that the 
last three experimental points on the 625°C resist- 
ivity curve represent a metastable equilibrium with 
respect to particle size, shape, and distribution. 


SUMMARY AND CONCLUSIONS 


1) The isothermal aging data, as measured by 
electrical resistivity, indicate two principal proc- 
esses. The first is believed to be associated with 
the formation of submicroscopic heterogeneous nu- 
clei. The second reaction consists of homogeneous 
‘precipitation. 

2) The hardening at temperatures above 300°C is 
associated with the first process mentioned above. 

3) Homogeneous visible precipitate appears early 
in the aging process at 675°C. Widmanstatten plate- 
lets form later and grow as the homogeneous precipi- 
tate disappears. At 550°C, pearlite nodules predomi- 


nate the microstructures until the homogeneous 
precipitate appears much later in the process. 
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A Metallographic Study of Precipitation of Copper 


from Alpha Iron 


Copper precipitates from a iron as fcc & phase without for- 
mation of intermediate compounds. In the first stage of the pre- 
cipitation, spherical particles with diameters <100A are formed 
at a high vate. During the second stage, the particles grow ata 
rate given by Zener’s equation for growth of a spherical pre- 
cipitate. In the third stage, growth is slower. Rod-shaped parti- 
cles form after long aging times at 700°C. Maximum strengthen- 


ing was observed at the beginning of the second step of precipita- 
tion. During plastic deformation of the aggregate, & particles 


appear to deform initially by twinning. 


Tue work discussed herein was part of a study of 
precipitation of substitutional elements from a iron. 
Copper was chosen as one of these substitutional 
elements because it has about the same atomic size 
as a iron, and does not form an intermetallic com- 
pound with iron. The data on the iron-copper sys-. 
tem then available were summarized by Daniloff? 
several years ago. The solubility of copper in @ iron 
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has been determined by electrical conductivity meas- 
urements,’ lattice parameter measurements,? and 
by saturating thin iron foils with copper and deter- 
mining the copper content.* The results of the three 
investigations do not agree very well, but the value 
of 2.4 wt pct for the maximum solubility at 840°C 
seems to be the most reliable,* Fig. 1. An alloy 
containing 1.23 wt pct Cu was used in our work to 
assure starting with a completely homogeneous ma- 
terial. On the copper-rich side of the diagram, 
there is a maximum solubility of about 4 wt pct Fe 
in copper at 1094°C (¢ phase). The precipitation of 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


| 

| 
| 

| 

| 

| 

| 

| 


1000 


950 


—---DANILOFF DIAGRAM — 
WRIEDT AND DARKEN“ 


900 


850 


800 


TEMPERATURE, °CENTIGRADE 


4 
| @® 
|» 4 
| 
650 | | 
O | 2 3 4 5 


WEIGHT PERCENT COPPER 


Fig. 1—Iron-copper phase diagram. 


iron from copper has been investigated by Newkirk,°® 
who found that fec y iron formed first and the stable 
a iron appeared later. 

There have been several investigations dealing 
with the precipitation of copper from iron. Hardness 
has been found to go through a maximum during 
aging at temperatures between 400° and 700°C” * ©. 
It is interesting to note that hardness begins to in- 
crease as soon as aging starts, without an incubation 


Fig. 2—Structure of a iron after 


period. A steady decrease in lattice parameter of 
the a iron during aging has been found,* ® but the 
change is very small. The solution effect and the in- 
fluence of various degrees of quenching stress on 
the lattice parameter have to be carefully separated ® 
Only lattice parameters for stress-free specimens 
are of any value in this system. Neither changes in 
microstructure nor X-ray diffraction lines of a new 
phase have been found in the hardened state, but for 
the very much overaged state, lines of the € phase® 
are reported, and precipitated particles were found 
in extraction replicas from copper steels.” In the 
latter instance, specimens aged at 650° and 700°C 
contained rod-shaped precipitates. 

Despite this previous work, the mechanism of 
precipitation of copper from @ iron was unknown, 
mainly because the precipitated particles are ex- 
tremely small. Therefore, electron microscopy and 
electron diffraction seemed to be proper tools to 
use in an investigation of the process. 


MATERIALS 


The alloy was prepared from electrolytic iron 
composed of 99.9 pct Fe, 0.004 pct C, 0.004 pct N 
and electrolytic copper, 99.9 pct pure. The alloy 
was vacuum melted and cast into copper molds. Top 
and bottom analysis of the ingot agreed at 1.23 pct 
Cu. 


PROCEDURE AND RESULTS 


A) Homogenization—The alloy was homogenized in 
two ways, as indicated in Fig. 1: by quenching from 
840°C, near the temperature of maximum solubility 
in the a phase, and by quenching from the y field 
(1000°C). Thus, normal supersaturated a iron or 
supersaturated qa iron formed from y iron during 
quenching was used as a starting condition. Fig. 2 
shows that a sample quenched from the y field con- 
tained many more boundaries of all types than did 
one quenched from the a field. In order to get a uni- 
form distribution of copper, the alloy was held at 
temperature for 72 hr before quenching. 

B) Electron Metallography—The changes in mi- 
crostructure and crystal structure during aging 
were followed with the electron microscope by use 
of surface and extraction replicas, and by electron 
diffraction from isolated particles. Carbon-free 


quenching from the a and from the 

y fields. Fe-1.23 pet Cu. 2 pct Nital 
etch. X200. (a) Quenched from 840°C. 
Dph =90. (b) Quenched from 1000°C. 
Dph= 115. Reduced approximately 


12 pet for reproduction. 
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(a) 


replicas for diffraction were made by dry extraction 
with a collodion-backed formvar film from a surface 
heavily etched with 2 pct nital. After stripping the 
replica, the collodion was dissolved with acetone. 

Carbon replicas were used for the electrun mi- 
crographs because of their greater stability in the 
electron beam. This procedure insured that the true 
distribution of the particles was reproduced on the 
extraction replica. 

Five aging series were investigated, the alloy 
being quenched from 1000° and 840°C then aged at 
600° and 500°C. For the series quenched from 840° 
and aged at 600°C, the particles in the surface, the 
extracted particles, and their diffraction patterns 
were compared. In addition, a series of samples 
quenched from 840°C and aged at 700°C were inves- 
tigated. 


Fig. 3(a) shows that particles are visible after 15 
min aging at 600°C. The particles, which appear in 
greater number after 1 hr, Fig. 3(0), are essentially 
spherical in shape with an average diameter of 90A. 
The average particle size appears to be about the 


(b) 


same after both the 15 min and the 1 hr aging periods, 


but the number of particles is increased by the 
longer aging. These spheres grow during longer 
aging, Figs. 3(c) and (d). The variation in shading 

of the particles from light to dark may be due partly 
to diffraction effects caused by differences in ori- 
entation with respect to the electron beam, and partly 
to differences in thickness of the particles, some of 
which were isolated from the surface as cut spheres 
and others as whole spheres. After long periods at 
700°C, rod-shaped particles appear, Fig. 8. 


(b) 
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Fig. 3—Precipita- 
tion of € phase 
during aging at 
600°C. Specimens 
quenched from 
840°C. (a) 15 
min. (6) 1 hr. 

(c) 10 hr. (d) 100 
hr. Extraction 


replicas. X64,000. 


Reduced approxi- 
mately 27 pct for 
reproduction. 


¢ 


(d) 


C) Electron Diffraction—Electron diffraction pat- 


terns were taken of all the aging stages shown in) 
Fig. 3. The electron beam was directed into zones 


Fig. 4—Electron 
diffraction pat- 
terns of different 
aging stages at 
600°C. (a) S= 
90+30A, 15 min 
600°C. (b) S= 
90+30A. 1 hr 
600°C. (ce) S= 
160+40A. 10 hr 
600°C. (d) S= 
300 +50A. 100 hr 
600°C. X64,000. 
Reduced approxi- 
mately 27 pct for 
reproduction. 
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that contained enough particles to produce a powder 
pattern. These diffraction patterns are shown in 
Fig. 4. Broadened reflections of the fcc € phase ap- 
pear after only 15 min at 600°C, which indicates 
that the particles shown in Fig. 3(a) are copper. 
(The two very diffuse rings in Fig. 4 are due to the 
formvar of the replica). With increasing aging time, 
the rings of the fcc pattern increase in sharpness 
and intensity, due to the increasing size and number 
of precipitated particles. 

The lattice parameters of the fcc € phase were 
determined by using gold powder as a standard. 


T 


700 °C 


PARTICLE DIAMETER, A 


600 °C 


i 
102 202 302 
AGING TIME, HOURS 


Fig. 6—Growth of spherical € particles at 500°, 600°, and 
700°C. 
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Within the limits of accuracy of electron diffraction, 
the lattice parameter was constant at 


a = 3.63 +0.01A 


throughout the entire aging period of 100 hr. In addi- 
tion, an X-ray diffraction pattern was obtained from 
a sample aged for 1000 hr at 600°C, in which the 
average particle diameter was 800A and the lattice 
parameter was 


a = 3.620 + 0.005A 


which is slightly larger than the lattice parameter of 
pure copper, 


= 3.6153A. 


D) Particle Growth—The rate of growth of the 
particles was measured from extraction replicas, 
Figs. 3 and 5, for aging temperatures of 500°and 
600°C, and is shown in Fig. 6. At 500° and 600°C, 
two stages could be distinguished. First, € particles 
of an average diameter of 90A precipitate. The first 
of these particles appear shortly after aging begins, 
which indicates that diffusion of copper must be very 
rapid during this period. Fig. 6 shows that the par- 
ticle size changes very little up to 1 hr at 600°C and 
50 hr at 500°C. To explain the high rate of forma- 
tion of these particles, it can be assumed that pres- 
ence of excess vacancies leads to rapid diffusion 
during clustering of copper.’ 17 The enhancement 
of diffusion for one condition (quenching tempera- 
ture T, =840°C, aging temperature T, = 500°C) can 
be estimated by multiplying the normal diffusion co- 
efficient with the relative concentration of excess 
vacancies?” 


CT, _ 
Dc=D Cr 
where Uy is the energy of formation of a vacancy. A 
value of Uy = 30,000 cal per mol was assumed. Un- 
der these circumstances, Do ~ 10°D at the start of 
clustering, when all the vacancies are still present. 
The enhancement will decrease as the vacancies de- 
cay but it explains the time dependence of the forma- 
tion of the first particles, which are almost pure 
copper. 

At 500° and 600°C, and for short periods at 700°C, 
the growth of particles in the second stage of precip- 
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itation is proportional to the square root of time, 
Fig. 6. To describe the growth of the particles, 
Zener’s equation® can be applied as a special case 
of the more general theory by Ham:”® 


where s is the particle diameter, D the volume dif- 
fusion coefficient and a a constant that depends 
upon the concentration distribution inside and out- 
side the growing particle. This equation can be ap- 
plied, for the particles are almost spherical, and the 
normal diffusion coefficient will be effective in this 
stage of aging. It has been shown that the copper 
content of the matrix decreases very slowly. Even 
after over-aging at 500° and 600°C, the equilibrium 
concentration is not reached.® Taking 10 ?, the 
values of D could be estimated for the three aging 
temperatures. The values Dyop = 4 X 10712, Deoo = 
2 X 10715, Dsoo = 10714 sq cm per Sec agree in order 
of magnitude with what could be expected for diffu- 
sion of substitutional solutes in @ iron. The 
deviation from Zener’s parabolic growth law after 
long aging times has been explained by Ilschner.? 
He assumes that the reaction slows down after the 
diffusion zones of the particles begin to overlap. 
After 24 hr aging at 700°C, Fig. 8, about 50 pct of 
the particles changed from spherical to rod-like 
shape. By single crystal electron diffraction from 
these particles, it was found that the preferred di- 
rection of growth was [110]<. The square-root 
growth law is not followed by these rod-shaped 
particles. Analysis of surface replicas showed the 


Fig. 8—Rod-like 
growth of € phase 
after aging 24 hr at 
700°C. Extraction 
replica. X64,000. 
Reduced approxi- 
mately 27 pct for 
reproduction. 
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following relationship between the rods and the a- 
iron matrix: 


The closest packed directions in the a-iron and € 
phase tend to be parallel and this direction is the 
preferred direction of growth of the particle. 

E) Hardness—The hardness of the alloy was meas- 
ured during aging at 500°, 600°, and 700°C, Fig. 7, 
and found to be related to the changes observed in 
microstructure. It is evident from comparison of 
Fig. 7 with Fig. 6 that the hardness has already 
reached its maximum when particles of the mini- 
mum size are present. Shortly after second-stage 
particle growth starts, the hardness begins to drop. 

Fig. 7 shows that there is no great difference in 
the hardness curves after quenching from the y or 
from the a field. The initial hardness of the sample 
quenched from the gamma field is higher but both 
curves reach about the same maximum hardness and 
the reaction is only slightly accelerated by quench- 
ing from the higher temperature. Metallographic 
examination showed the same shape and size of the 
epsilon particles in specimens quenched from the y 
field as are shown in Figs. 3 and 5 for specimens 
quenched from the q field. The only difference noted 
was that in specimens quenched from the y field, 
some copper precipitated as films along subbounda- 
ries produced by the transformation, Fig. 9. This 
observation may help to explain the influence of 
copper on recrystallization of @ iron.’ 

F) Plastic Deformation of the Aged Alloy—The 


Fig. 9—Precipita- 
tion of copper as 
film along sub- 
boundaries of an 
alloy quenched 
from the y field 
(1000°C) then 
aged 100 hr at 
600°C. Surface 
replica. X32,000. 
Reduced approxi- 
mately 27 pet for 
reproduction. 
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(f) 
Parallel to the Rolling Surface 


(d) 
Perpendicular to the Rolling Surface 
Fig. 10—Plastic deformation of particles produced by aging 23 hr at 600°C after quenching from 840°C. Fig. 10(8), (ce), 


(d) show stacking faults or twins produced within Cu crystals by deformation. (a) No deformation. X64,000. (6) Rolled 
10-pet. X64,000. (c) 30 pet. X64,000. (d) 30 pct. X320,000. (e) 90 pct. X64,000. 


mately 27 pct for reproduction. 


question of how the € precipitate could increase the 
hardness of a phase which is harder than the pre- 
cipitate itself was considered. The following ex- 
periments were done to determine how an individual 
precipitated particle behaves during plastic deforma- 
tion. The alloy was homogenized at 840°C, quenched 
and aged for 23 hr at 600°C. This treatment led to 
the formation of particles of an average diameter of 
200A—not too thick for transmission of electrons. 
After aging, the samples were deformed by rolling 
at room temperature. The particles were then ex- 
tracted as described under Section B. The results 
are shown in Fig. 10. At first glance, the spherical 
copper crystals seem to be unchanged by small 
amounts of plastic deformation. However, close ob- 
servation of the individual crystals showed that with 
increasing deformation, they contained an increasing 
number of straight lines. These lines are probably 
due to stacking faults or thin twins created by the 
plastic deformation, because such lines were not ob- 
served in spherical particles before deformation, 
Fig. 3. These lines form despite the fact that twin- 
ning is an unlikely deformation mechanism in normal 
copper crystals. In Fig. 10(@), such a copper crystal 
after 30 pct deformation is shown at a higher mag-_ 
nification. Somewhat similar markings have been ob- 
served in separated, rod-shaped particles of Mo,C.?° 
Because the marks in the Mo.C particles moved 
when the replica was tilted in the electron beam, it 
was concluded that they were interference fringes. 

A similar experiment was performed with the ep- 
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(f) 90 pet. X64,000. Reduced approxi- 


Silon particles, and the lines did not move during 
tilting, rather they behaved like projections of 
plates. From this it is concluded that the lines prob- 
ably arise from plates (thin twins or stacking faults) 
within the particles rather than from dislocation lines. 
After 90 pct deformation, Figs. 10(e), (/), the pre- 
cipitates are rolled out to a thin foil of a length to 
thickness ratio that could be expected from the 
amount of deformation of the whole sample. In this 
state, details of the structure could not be resolved. 


DISCUSSION 


The interpretation of the experimental results on 
the precipitation of copper from qa iron may be sum- 
marized as follows: 


1) Clusters of copper grow at a rate that can be 
explained by the concentration of excess vacancies 
in the material. After reaching a critical size, they 
transform into the fcc lattice. This may be by a 
shear process in a limited area.'! The conditions 
for such a formation of a particle are that the clus- 
ter is three dimensional and that the new crystal 
structure can be formed by shear. Spherical clus- 
ters can be expected due to the similarity in size of 
the iron and the copper atoms.’ Clustering was not 
observed directly. The only experimental evidence 
for clustering was the time dependence of the ap- 
pearance of particles of measureable size. 

2) After vacancy decay, the epsilon particles grow 
slowly by normal volume diffusion. The rate of 
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growth can be described by Zener’s equation.® 18 


The copper concentration of the solid solution has 
not been measured, but equilibrium concentration 
has not been reached® during the periods of aging, 
at which this equation has been applied. 

3) The rate of growth of the particles decreases 
when the matrix is so far depleted that the diffusion 
zones of the individual particles overlap.® 

It may be possible to explain the transition from 
spherical to rod shape during the growth of the par- 
ticles. For the particles of a size of 50 to 300A, 
surface energy may be the factor that determines 
the spherical shape. When particles grow larger, 
this factor becomes less important. Nabarro” 
showed that the strain energy of a noncoherent el- 
lipsoidal particle will decrease in the following se- 
quence: sphere — needle — disc, which could ex- 
plain the rod shape of particles with a major di- 
mension of more than 300A. Disc-shaped copper 
particles might be observed after very long periods 
of aging at high aging temperatures. 

_ An interesting question is why a softer phase, like 
copper, can have a hardening effect on iron. There 
are three possibilities for strengthening in a dis- 
persed aggregate:'> 1) the particles do not share 
plastic deformation and the strengthening effect is 
given by the average spacing of the particles, 2) the 
particles cause coherency stresses in the matrix 
and inhibit the motion of dislocations, or 3) the 
zones or particles are sheared and the strengthening 
is given by the energy necessary to shear a particle 
or zone. 

The experiments show that € particles are sheared 
after 10 pct plastic deformation. Dislocation pileups 


outside a particle, leading to deformation of the par- 
ticle on its own system of plastic deformation, seem 
more probable than dislocations cutting through the 
particle. There was no reliable evidence for the 
presence of dislocations in particles smaller than 
300A, so there is a possibility that they show, in- 
dividually, the high strength of copper whiskers.*”** 
The experiments gave some evidence that two-di- 
mensional defects (twins or stacking faults) form 
rather than one-dimensional defects when these 
particles are sheared. 
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Resistance Apparatus for the Continuous 


Measurement of Fine Wire Uniformity 


This paper describes the design and performance of an appa- 
vatus for making continuous nondestructive resistance measure- 
ments throughout a spool of fine wire. Highly reproducible results 
on clean and graphite coated tungsten and molybdenum wires from 


1 to 9.5 mil are presented. A linear relation between resistance 
and wire weight (per standard length) was obtained on clean wires, 
but only on those coated wires with very uniform coatings. Results 
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T. L. Weaver 


indicating a correlation between tensile strength, hardness, and 


resistivity are reported. 
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R. C. Nelson 


Tue increasing demand for greater uniformity in 
fine tungsten and molybdenum wires destined for use 
as mandrels, grids, and coils in radio tubes and as 
filaments in light bulbs has rendered inadequate the 
standard (sampling) approach to the control of wire 
diameter and other physical properties. This ap- 
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Fig. 1—Overall view of the resistance apparatus. 


proach, consisting of destructive tests made only at 
the ends of a spool of wire, needs to be replaced by 
some means for examination of the entire length of 
wire. Such a means is available through a nonde- 
structive measurement of the wire resistance. 

The resistance of a wire is inversely proportional 
to its cross-sectional area and may be measured 
with high sensitivity and accuracy. It is also respon- 
sive to other physical properties of the wire such as 
tensile strength and hardness. Furthermore, since 
the major utilization of these wires is for current 
transmission, the electrical resistance is of direct 
interest and should be one of the primary controlled 
properties of the wire. 


CONTINUOUS RESISTANCE APPARATUS 


These considerations impelled us to design and 
construct a device for rapid, nondestructive and con- 
tinuous measurement of resistance throughout a 
spool of wire. The apparatus we devised consists of: 
a) a feed system and mercury pool contact box, both 
enclosed in a constant temperature box; b) a bridge 
network utilizing a standard Wheatstone bridge 
(Rubicon, Model 1052) in which the moving wire be- 
comes one arm, or alternately a specially designed 
bridge using a series of standard wires; c) a pream- 


BACK TENSION MOTOR 
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ie MOVING | 
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| 
NOV.=A.C. 


PREAMPLIFIER 
RECORDER 


MILLIAMMETER 
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100 A HELIPOT 


D.C. SUPPLY 6 VOLTS 


Fig. 3—Schematic drawing of resistance apparatus. 
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Fig. 2—Interior of constant temperature box. 


plifier (L and N DC Microvolt Amplifier, Model No. 
9835B) and recorder (L and N Speedomax G, Model 
S) to amplify and record the unbalanced current 
across the bridge; and d) a de supply (Electro, Model 
612T), helipot and milliammeter to supply and con- 
trol the measuring current for the bridge. 

In the existing setup the standard Wheatstone 
bridge is used since this is more convenient for 
rapid calibration of the instrument and for the ex- 
perimental study of various wires. However, the 
apparatus is constructed so that this can readily be 
replaced by the special bridge network with standard 
wires, which is more suitable for quality control 
purposes. 

Fig. 1 shows an overall view of the instrument. In 
the left background is seen the constant temperature 
box with the spooling feed control in front, the back- 
tension motor Variac mounted in the panel below, 
and the spooling take-up head to the right. The re- 
sistance console, located in the right foreground, 
contains a recorder, a preamplifier, a Wheatstone 
bridge, a helipot, and a milliammeter. Below the 
console table, on the left, is the bridge dc voltage 
supply. 

Fig. 2 is a view of the interior of the constant 
temperature box. The back tension motor is at the 
top. In the center is the mercury pool contact box. 

A schematic drawing of this setup is given in Fig. 
3. The operation is as follows: A spool of wire is 
placed in the apparatus, and the wire is fed through 
the mercury pool contacts which are set exactly 200 
mm apart. This 200-mm section, continuously 
changing as the wire moves through the contacts, is 
connected by heavy copper leads to the Wheatstone 
bridge network where its resistance is compared to 
an adjustable resistance in the bridge by means of 
the voltage drops developed across each at the same 
current. Any small difference in resistance results 
in a difference in voltage drop with a consequent de- 
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Fig: 4—Schematic drawing of alternate resistance 
apparatus. 


velopment of a current across the bridge, propor- 
tional to the resistance difference. This current is 
then amplified and recorded. 

’ At the start of a run, the resistance of the bridge 
is set equal to the resistance of the section of wire 
which is between the contacts, thus giving no current 
across the bridge and a zero reading on the recorder 
which is connected so that the zero point is at the 
center of the chart. The sensitivity is then adjusted 
to give the desired pen deflection on the recorder 
chart, usually a unit chart deflection for each 1 pct 
variation in resistance. This is accomplished by 
changing the adjustable resistance of the bridge in 

1 pet steps while varying the preamplifier sensitiv- 
ity and the measuring current. (The dc supply is 
always set at 6 v.). 

The back-tension motor, controlled by means of 
the variac input, is adjusted to provide a constant 
back tension on the wire without stretching it. This 
is an important step to assure high reproducibility, 
and is determined by experiment for each type of 
wire. 

The feed rate is selected by a control on the 
spooling head, and may be varied from 10 m per min 
to over 100 m per min with no loss of accuracy or 
reproducibility but with some loss of detail and sen- 
sitivity at the higher speeds. 

The alternate setup is preferred if a large number 
of spools of the same size wire must be compared to 
a specified standard under conditions in which tem- 
perature control may be difficult. In these circum- 
stances, a special bridge is recommended in which 
the wire being evaluated is compared directly with a 
standard wire of the same material and size. This 
eliminates the need to adjust a bridge to the proper 
resistance for each different wire and room temper- 
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Fig. 6—Standard wire holder. 
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Fig. 5—Mercury pool contacts. 


ature. One merely selects the proper standard wire 
for the material under test. The effect of changes in 
room temperature during a run is eliminated, since 
the change in resistance due to a change in tempera- 
ture will occur equally in the standard and test wires. 

The schematic drawing of this alternate setup is 
shown in Fig. 4. The only significant change is the 
substitution of a special bridge in place of the Wheat- 
stone bridge. The test and standard wires comprise 
two of the arms of the special bridge and helipots 
are used as the other two arms. 

In order to switch conveniently from one setup to 
the other, a contact box was designed containing two 
pairs of mercury contacts, side by side on the same 
mounting. One pair is used for the moving test wire, 
the other for the fixed standard wire. Standard wires 
may, of course, be placed in both pairs of contacts 
for calibration purposes. This contact box is shown 
in Fig. 2. The mercury pool contacts used are of 
our own design, having been built especially long and 
with a large area of contact between the mercury and 
copper housing (to which copper leads are connected) 
to minimize any variation in contact resistance to 
the moving wire. These contacts are illustrated in 
Fig. 5. In addition, standard wire holders were con- 
structed which fit snugly onto the contact box setting 
the standard wire into the mercury pool contacts. 
This is shown in Fig. 6. 

An additional feature which is not shown in the 
schematic drawing is a series of wipers inserted 
before and after the mercury pools. These are nec- 
essary to prevent spurious resistance changes caused 
by the presence of dirt, dust, mercury from the con- 
tacts or loose graphite (for coated wire) on the sur- 
face of the wire. 


INSTRUMENT REPRODUCIBILITY 


In evaluating the performance of this instrument, 
we first had to establish that a recorded resistance 
pattern for a given spool of wire would reproduce it- 
self upon rerunning the wire. This is a prerequisite 
for accepting the recorded resistance changes as a 
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Fig. 7—Reproducibility of two runs, 20.3-mg wire. 


true characteristic of the wire rather than the result 
of random, nonreproducible factors such as varia- 
tions in contact resistance or back tension. 

Our first test was made on a spool of 20.3-mg 
(3.25 mil) clean tungsten wire. The patterns ob- 
tained from two runs on the same section of wire 
are shown in Fig. 7. The sensitivity was set fairly 
high so that very small (less than 1 pct) resistance 
changes produced large pen deflections. The wire 
speed was approximately 30 m per min. 

An examination of these two runs shows the close 
reproducibility of both the overall pattern and of de- 
tailed resistance changes. There is a slight differ- 
ence in spacing caused by a difference in feed rate in 
the two runs. The recordings shown represent ap- 
proximately 75 m of wire. 

A second test was made on a 10.2-mg (2.3-mil) 
clean tungsten wire, with the sensitivity set at 0.02 
ohms per major chart division (about 0.4 pct of the 
center zero resistance of 5.046 ohms), and the wire 
feed rate at 25 m per min. The recorded resis- 
tances, given in Fig. 8, again show a close reproduci- 
bility both in overall pattern and in details. About 
100 m of wire are represented in these recordings. 

In both examples, the wires measured were clean 
and smooth-surfaced. In order to extend the study to 
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Fig. 8—Reproducibility of two runs, 10.2-mg wire. 


include oxide-graphite coated wires as well as a 
wider diameter range, duplicate runs were made on 
spools of 176.86-mg (9.5-mil), 32.60-mg (4.0-mil), 
and 1.92-mg (1.0 mil) black tungsten wires. The 
resistance recordings are shown in Figs. 9(@), (6), 
and (c), respectively. The repeat runs show the 
same high reproducibility as was obtained for the 
clean wires. The sensitivities used on these runs 
were 0.004 ohms per division (1.2 pct of center zero 
resistance of 0.341 ohms) for the 176.86-mg wire, 
0.025 ohms per division (1.4 pct of center zero re- 
sistance of 1.781 ohms) for the 32.60-mg wire and 
0.300 ohms per division (1 pct of the center zero 
resistance of 29.95 ohms) for the 1.92-mg wire. It 
should be noted that the resistance variations of 
these coated wires are considerably greater than 
those of the clean wires. Variations as large as 6 
pet of the average resistance occur for the 176.86- 
and 32.60-mg wires and of 2 pct for the 1.92-mg 
wire, while the largest variation was about 1 pct of 
the average resistance for the 10.2-mg wire. 


RESISTANCE—WIRE WEIGHT CORRELATION 


In order to determine the correlation between the 
weight of a standard length of wire (200 mm) and the 
recorded resistance, most of the wires were rerun, 
and a number of 1-m long sections of different but 
fairly constant resistances were removed. Five 200 
mm lengths were then cut from each of these sec- 
tions and weighed to 0.001 mg ona microbalance. 
The average weight per 200 mm length for each sec- 
tion was then compared with the average resistance 
of the section as determined from the recorder chart. 
Two such sections were taken from the 10.2-mg 
cleaned tungsten wire. The locations of these sec- 
tions are indicated by the letters A and B in Fig.8. 
Similarly, sections were removed from the three 
coated wires as indicated by capital letters on the 
graphs of Figs. 9(a), (b), and (c). There were five 
sections taken from the 176.86-mg wire, 3 sections 
from the 32.60-mg wire, and 2 sections from the 
1.92 mg wire. The average resistance, average 
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Fig. 9—Reproducibility of runs on coated wires. 


weight and the product of the two for each wire 
section is given in Table I. 

For a wire with a constant resistivity and density, 
the product of the resistance and weight should be a 
constant (Resistance is inversely proportional to the 
cross-sectional area and thus to the weight of a wire 
of constant resistivity and density). Table I shows 
that R x W is constant for the two sections of the 
10.2-mg wire, but varies for the sections of each of 
the coated wires. (There is also a variation from one 
size wire to the other due to change in resistivity 
with size.) This indicates good correlation of weight 
and resistance for the 10.2-mg wire. For example, 
if the resistance of Section B were used to predict 
the resistance of Section A, we would get, 


Wp 10.202 
240 


which is within 0.001 ohm or 0.02 pct of the meas- 
ured R, of 5.026 ohms. 


On the other hand, there is poor correlation be- 
tween weight and resistance for the coated wires. 
For the 176.86-mg wire for instance, if the resis- 
tance of Section A were determined from the results 
on Section B we would get, 


x 5.046 = 5.027 ohms 


We 174.550 


75136 


x 0.343 = 0.342 ohms 
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Table |. Resistance and Weight of Various Tungsten Wires 


Nominal Resistance, Weight, 

Size of Wire Section Ohms/200 mm Mg/200 mm RxW 
10.2 mg A 5.026 10.240 51.47 
10.2 mg B 5.046 10.202 51.48 

176.86 mg A 0.333 175.136 58.32 
176.86 mg B 0.343 175.550 59.87 
176.86 mg Cc 0.336 174.457 58.62 
176.86 mg D 0.334 174.439 58.26 
176.86 mg E 0.352 174.031 61.26 
32.60 mg A 1.780 32.636 58.09 
32.60 mg B 1.781 32.800 58.42 
32.60 mg 1.758 32.714 57.51 
1.92 mg A 29.80 1.939 57.78 
1.92 mg B 30.18 1.931 58.28 


which differs by 0.009 ohms or 3.0 pct from the 
measured Ry of 0.333 ohms. Similarly poor results 
are obtained in comparing the resistances of differ- 
ent sections of the 32.60- and 1.92-mg wires. 

Apparently there is no dependence between the 
resistance and weight changes for the coated wires 
tested. Because of this and the comparatively large 
size of the observed resistance changes, it is be- 
lieved they arise from variations in the thickness of 
the oxide and/or graphite coatings on the wire, al- 
though variations in the resistivity caused by non- 
uniform working could also be a factor. 

There are two ways in which these coatings can 
affect the measured resistance. First, each can act 
as an additional resistance in parallel with the tung- 
sten wire. This effect should be completely negligi- 
ble for the oxide because of its high resistivity and 
the thinness of the film. It probably is also very 
small for the graphite which, although it has a low 
resistivity, would have an overall high resistance 
due to the thinness of the coat. The second effect 
results from the series resistance of the oxide and 
graphite coatings which separate the mercury con- 
tacts from the tungsten. Here the graphite coating 
would have a negligible effect, but the high resistiv- 
ity oxide could severely increase the resistance and 
cause large changes for relatively small variations 
in oxide thickness. 

Thus, it is most probable that the large resistance 
changes arise from variations in the thickness of the 
oxide coating with perhaps a small contribution from 
the graphite coating. 

In order to confirm this conclusion, the 176.86- 
and 32.60-mg wires were cleaned in caustic solution 
and then rerun. The instrument settings and sensi- 
tivities were identical with those used for the re- 
spective black wires, except that the Wheatstone 
bridge zero resistance setting had to be lowered in 
each case because of the reduction in average resis- 
tance which occurred upon cleaning. The zero values 
were 0.313 ohm for the 176.86-mg wire (coated wire 
zeroed at 0.341 ohm) and 1.561 ohms for the 32.60- 
mg wire (coated wire zeroed at 1.781 ohms). These 
two runs are shown in Fig. 10. 

The large variations in resistance of the black 
wires, seen in Fig. 9, are completely gone in the 
cleaned wires. Fig. 10 shows for the 176.86-mg wire 
a maximum variation of about 0.002 ohm or 0.6 pct, 
and for the 32.60-mg wire a maximum variation of 
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Fig. 10—Resistance of caustic cleaned wires. 


0.925 ohm or 1.7 pct, as compared to the 6 pct vari- 
ations seen in both coated wires. 

Thus we have confirmed the hypothesis that the 
large resistance variations and the lack of dependence 
of these variations upon weight in coated wires are 
caused by the coating rather than the wire itself 
since the caustic cleaning step does not involve a heat 
treatment sufficient to have cancelled any resistivity 
variations in the tungsten wire. As a further confir- 
mation of our hypothesis, as well as an additional 
proof of the resistance-weight dependence of clean 
wire, five sections of wire exhibiting different resis- 
tances were cut from the cleaned spool of 32.60-mg 
wire and weighed. In Table II the resistance, average 

weight and R x W product values are given for each of 
these five sections. [Letters are as marked in Fig. 
10(a)]. 

Again the R x W products are sufficiently constant, 
indicating the existence of a resistance-weight corre- 
lation. The small decrease in Rx W from Sections 
A to E is believed due to a temperature drift. Again, 
to illustrate this dependence, the resistance of each 
of the other four sections was computed, with the D 
section taken as a standard: 


SPOOL e 
SPOOL NO.2 x 
SPOOL NO.3 Oo 

= 660- 
x 
= 
6.50 4 
= x 

6.40 4 x e 

>. 
z 6.30 4 o Xe 
2 Ox 

6.20 4 5 

6.10 T T T T T T z% 

60 65 70 75 80 85 90 95 


TENSILE STRENGTH GMS./MG./200MM 


Fig. 11—Correlation of resistivity and tensile strength. 


32.16 

Rc= 3187 * 1.561 = 1.575 ohms 
32.16 

39 01 1.561 = 1.559 ohms 


Each calculated resistance is within a few thou- 
sandths of an ohm or less than 1 pct of the measured 
value. 

Good weight-resistance correlation was also 
achieved with more uniformly coated wires. Results 
obtained on five spools of a very uniformly coated 6 
mil diameter molybdenum wire are given in Table III. 
The procedure was again to make a resistance re- 
cording of an entire spool then rerun it and, stopping 
the wire at predetermined points, cut out pieces 
having different resistances. The wire weights were 
measured and the product of resistance and weight 
taken to determine the extent of correlation. 

The products of resistance and weight are seen to 
vary less than 1 pet for the sections examined in any 
given spool. Slightly larger variations from spool to 
spool undoubtedly arise from changes in resistivity 
resulting from differences in the work history of the 
spools. 


RESISTANCE-TENSILE STRENGTH-HARDNESS 
CORRELATION 


Since changes in both basic resistivity and diam- 


Table III. Resistance and Weight of 6 mil Coated Molybdenum Wires 


Spool Resistance, Weight, 
32.16 No. Section Ohms/200 mm Mg/200 mm RxW 
1 A 0.758 36.30 27.52 
1 B 0.763 36.00 27.47 
32.16 A 0.754 36.70 27.67 
39.16 2 B 0.752 36.80 27.67 
2, Cc 0.747 36.93 27.59 
2 D 0.749 36.87 27.62 
2 E 0.754 36.80 | 27.75 
Table Il. Resistance and Weight of Cleaned 32.60 mg Tungsten Wire 2 F 0.762 36.48 27.80 
Resistance, Average Weight, ay A 0.727 38.20 PALM 
Section Ohms/200 mm Mg/200 mm RxW 3 B 0.724 38.35 DTT 
‘ 50.3 4 A 0.755 36.85 27.82 
4 B 0.742 37.40 27.75 
Gc 1.576 31.87 50.23 5 A 0.735 37.80 27.78 
D 1.561 © 32.16 50.20 5 B 0.794 34.85 27.67 
E 1.558 3221 50.18 5 Cc 0.790 35.00 2 7.65 
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eter affect the measured resistance of a wire, the 
resistance could serve as a nondestructive measure- 
ment of various physical properties which are re- 
lated to resistivity. To investigate this possibility, 
sections from five spools of clean 3.5-mil tungsten 
wire were annealed to various tensile strengths and 
hardnesses. The average resistance and weight (per 
200 mm length) was measured, and the resistivity 
computed for each section. Fig. 11 is a plot of re- 
sistivity against room-temperature tensile strength 
for three of the spools. The resistivity, tensile 
strength, and hardness values for the other two 
spools are listed in Table IV. 

It is obvious that a good linear or near linear rela- 
tionship exists between the resistivity and tensile 
strength for the three spools of wire shown in Fig. 
ll. The resistivity also shows a definite dependency, 
though not necessarily linear, on the tensile strength 
and on the microhardness of the sections from the 
other two spools tested. While these are somewhat 
limited data, they serve to demonstrate the potential 
of this technique for the measurement of the physical 
properties of fine tungsten wire. 


SUMMARY 


The authors have described an apparatus for the 
continuous nondestructive measurement of resis- 


Table IV. Resistivity, Tensile Strength and Hardness of Tungsten Wires 


Spool No Tensile Resis- 
No. Section Strength* Hardness? tivity® 
4 A 66.48 606 6.160 
4 B 70.57 638 6.170 
4 Cc 72.49 648 6.258 
4 D 83.24 681 6.473 
5 A 57.29 575 5.997 
5 B 60.33 584 6.027 
5 (G: 65.27 632 6.140 
5 D 73.52 649 6.334 


Units are grams per milligram per 200 mm. Multiply by 5.453 x 10° to 


convert to psi. 
2Units are Tukon microhardness 136° Dph numbers, 100-g load. 
3Units are micro-ohm centimeters. 


tance which is comparatively economical and simple 
to construct and to operate. The measurements ob- 
tained on clean and uniformly coated tungsten and 
molybdenum wires from 1 to 9.5 mil diam show an 
excellent correlation with the weight per unit length 
of the wire. In nonuniformly coated wire, however, 
variations were shown to be chiefly due to changes 
in coating thickness. Furthermore, the indicated 
ability to detect tensile strength and hardness 
changes nondestructively by means of resistance 
could extend the usefulness of this instrument to 
measurement of the general physical properties of 
fine wire. 


The Solubility of Nitrogen in Liquid Fe-Cr-Ni Alloys 


The solubility of nitrogen in liquid pure Fe, Cr, and Ni, in 
liquid Fe-Ni, Fe-Cr, and Ni-Cr alloys and Fe-Cr-Ni alloys, has 
been measured by the Sieverts’ type apparatus between 1500° and 
1800°C. Tabulations and graphs of the solubility data and activity 


coefficients are shown. Heats of solution are reported. Interac- 


J. C. Humbert 


tion coefficients of the several elements in Fe, Cr, and Ni are 


also reported. 


Tue solubility of a gas in a liquid metal is usually 
measured by either the quenching technique or the 
so-called Sieverts’ method. In the quenching method, 
*“$ the melt is equilibrated at the desired tempera- 
ture and pressure with the gas phase having a known 
fugacity of the gas being studied. The melt is sam- 
pled and the sample is quenched and analyzed chemi- 
cally for its gas content. In Sieverts’ method the 
melt is contained in a closed chamber. The apparent 
volume of this chamber, z.e. the ‘‘hot volume,”’ is 
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usually determined by introducing a known quantity 
of an inert gas having very closely the same physical 
characteristics as does the experimental gas. Al- 
ternatively, the experimental gas is used with an 
inert specimen having the same general physical 
characteristics as does the experimental melt. Sub- 
sequently, the experimental melt is equilibrated with 
the experimental gas by introducing a known quantity 
of the gas into the calibrated chamber. The solubility 
of the gas is obtained from P-V-T relationships. 
The quenching method suffers from the limitation 
that some gas may be gained (as in the case of Cr- 
Fe alloys) or lost (as in the case of Fe-Ni alloys) 
during solidification and cooling of the sample. With 
Sieverts’ method sampling and analysis are unnec- 
essary. However, errors can result from the dif- 
ficulty of determining accurately the ‘‘hot volume,”’ 
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Fig. 1—The Sieverts apparatus. 
t 


to mechanical vacuum pump 


and from the reaction of the experimental gas with 
the components of the bath which have distilled to 
the cooler portions of the reaction chamber. The 
latter problem can be an appreciable source of er- 
ror with chromium-bearing alloys. These deposits 
can also cause the ‘‘hot volume’’ to change. With 
either method care must be exercised to ensure 
equilibrium. In this problem the Sieverts’ method 
has the advantage as the course of absorption or 
desorption of the gas can be followed closely. The 
current investigation has shown that this problem 
becomes acute if the oxygen content of the melt is 
large as the rate of transfer of nitrogen becomes 
very Slow. Thus, unless the progress of the reac- 
tion is followed carefully, the results can be either 
high or low depending on the sequence of the experi- 
ments, 

In undertaking the study of the solubility of nitro- 
gen in Fe-Cr-Ni alloys reported here, the Sieverts’ 
method was selected as potentially being the more 


a oxygen tank 
b nitrogen tank 
Cc, C,;...Cz3 anhydrone drying towers 
d,d copper gauze furnace 
f , f,...fg stop-cocks 
gas burette 
h by - pass 
j mercury manometer 
k reaction vessel 
m prism 
n mercury diffusion pump 
p load coil 

a r aspirator bottle 
s high-frequency generator 

t,u arms of the burette 


accurate method. The essential reaction is: 


1/2N,(g) = %N 
for which 

fx 


and fy is the activity coefficient of nitrogen. Con- 
siderable effort was expended to improve the ex- 
perimental technique to minimize the sources of er- 
ror in the method. The essential steps were to de- 
sign a water-cooled reaction bulb having a small hot 
volume, and to prerefine and degas all metals be- 
fore they were charged into the reaction bulb. The 
experimental system was evaluated by measuring the 
solubility of nitrogen in Fe-Ni alloys. The solubil- 
ities of nitrogen in pure iron, nickel and chromium 
were then determined. A few measurements were 
made of the solubilities in the Fe-Cr, Ni-Cr, and 
Fe-Ni alloys, and finally measurements were made 


4 
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Fig. 2—The reaction bulb. 
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Fig. 3—Relationship between apparent and true tempera- 
tures. 


on the Fe-Cr-Ni alloys. All of these studies were 
conducted with the metals and alloys in the molten 
state. 


THE EXPERIMENTAL METHOD 


The Apparatus—The apparatus is shown diagram- 
matically in Fig. 1. The gases, welding-grade argon 
for calibration, and water-pumped nitrogen were 
purified in two separate, but similar, trains. Each 
train consisted of an anhydrone drying tower, a cop- 
per-gauze furnace maintained at 450°C, and another 
anhydrone drying tower. 

The pressure within the reaction bulb was meas- 
ured with a mercury manometer. The diameter of 
the capillary used (0.8 mm) was sufficiently small 
to minimize the hot volume of the apparatus, but 
large enough to permit a reasonably accurate pres- 
sure measurement. These measurements were cor- 
rected by the barometric reading to give absolute 
pressure readings. 

The 100 cu cm gas burette could be read to the 
nearest 0.05 cu cm. It was enclosed in an isothermal 
water-jacket, and mercury was used as a pumping 
and measuring fluid. 

The Vycor reaction bulb* is shown in Fig. 2. For 


*A pyrex bulb with a pyrex ball-joint was used for a number of runs, 
but the incidence of failure was excessive. 


convenience in inserting and removing the crucible 
with its charge, a closure was fitted to the bottom. 
Two types were used; one was a ground tapered 
Vycor joint, and the other was simply a large rub- 
ber stopper. The high cost of the ground joint and 
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the occasional failure of the bulb made the rubber 
closure preferable. The stopper also permitted a 
slightly smaller hot volume. To keep the closure 
sufficiently far from the hot zone and at the same 
time to keep the hot volume below 60 cu cm, an in- 
verted Vycor chamber was fitted into the bulb. This 
chamber was sealed to the closure and its interior 
was water-cooled. It supported the refractories and 
the melt. 

The melt was heated by an induction coil surround- 
ing the water- jacket of the reaction bulb. Power was 
supplied by a manually-regulated 7.5 kw spark-gap 
high-frequency converter. 

The temperature of the melt was measured with a 
Leeds and Northrup optical pyrometer which was 
sighted vertically downward on the clean surface of 
the melt. The pyrometer and sighting system were 
calibrated periodically against the melting point of 
pure iron (1536°C)* in the same apparatus. It was 

*The International Temperature Scale of 1948 and 1954 is used in this 
work. 
assumed that the emissivity of Fe-Cr-Ni alloys is a 
function of the chromium content only and could be 
interpolated from the emissivities of pure iron* and 
pure chromium.® Fig. 3 shows the relationship be- 
tween the apparent and real temperatures with these 
assumptions. Considering all factors, it is estimated 
that the known temperature of the melt reported here 
as corrected, is within +10°C of the true tempera- 
ture of the melt. 

In all but a few runs, the melts were heated di- 
rectly by the induction field and the vigorous stirring 
assured a uniform temperature through the charge. 
In the few cases where a molybdenum susceptor was 
used around the melt crucible, stirring of the melt 
by the field was reduced appreciably. Additional 
thermal radiation shielding was placed around the 
system, and the temperature of the melt and the 
visible portion of the interior of the melt crucible 
was within +10°C also. There was no detectable dif- 
ference in the equilibrium values obtained with these 
two methods of heating. 

Metals and Alloys—Electrolytic iron of +99.84 pct 
purity was supplied by the National Radiator Co. and 
nickel of +99.8 pct purity was obtained from the J. 
T. Baker Chemical Co. These metals were purified 
further by induction melting them in doubly recrys- 
tallized alumina crucibles in an atmosphere of hy- 
drogen. After the hydrogen treatment, they were 
vacuum degassed prior to casting. Two grades of 
chromium from the Electro Metallurgical Division, 
Union Carbide and Carbon Co., were employed. The 
commercial grade containing 99.5 pct Cr and 0.03 
pet O was used in preparing master alloys with the 
premelted stocks of iron and nickel. The high-purity 
(99.9 pct pure) flake chromium was used in the runs 
on pure chromium and in melts having more than 50 
peters 

Nine master alloys were prepared from the puri- 
fied metals by vacuum fusion. Table I gives the anal- 
yses of the pure metals and the major components 
of these alloys which were determined by chemical 
analysis of the finished bar. The charge for a run 
consisted of pieces of one of the master alloys and 
of the pure metals as needed. 
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Table |. Analyses of Pure Metals and Master Alloys 


Wt Pet 
Pure Metals 
Chromium 
Commercial High 
Element Tron Grade Purity Nickel Aluminum 
Fe 99.84 0.22 Ss 0.03 0.001 
Ctot 0.018 0.05 0.025 - _ 
Mn 0.002 = es = = 
Si 0.007 0.05 0.018 - 0.002 
S 0.004 0.033 x 
Cu 0.008 0.003 
Cr 0.002 99.5 Bal = a 
Ni 0.008 = = 99.8 - 
Co 0.007 - - 0.001 = 
Al 0.002 - - - 99.99 
O 0.080 0.03 0.005 - - 
Pb Nil = - 0.003 - 
H - 0.0011 0.001 - - 
N - 0.005 0.039 - = 
Master Alloys 
Alloy Wt Pct Fe, 
Designation Balance Wt Pct Ni* Wt Pct Cr* 
F 77 N 22 78.0 22.0 0.0 
_ F.90 C 10 90.7 0.0 9.3 
F 82 C 18 81.9 0.0 18.1 
F 53 C 47 53.0 0.0 47.0 
N 88 C 12 0.0 87.8 11.7 
N 77 C 23 0.0 77.0 32.8 
N 62 C 28 0.0 62.0 Sie 
N 54 C 46 0.0 53.8 45.6 
N 52 C 47 0.0 52:5 47.2 


*Determined by analysis. 


Experimental Procedure—At the beginning of each 
run, the charge was heated to 1000°C for 1/2 hr un- 
der a vacuum of a few microns Hg. About 10 cu cm 
of argon then were introduced into the reaction bulb 
and the alloy was melted and brought to 1600°C. This 
was done to prevent spitting of the metal as fusion 
occurred. The reaction bulb was quickly evacuated 
and the ‘‘hot volume’’ was measured at different 
pressures with more argon. The reaction bulb again 
was evacuated quickly to approximately 10-2 mm 
Hg, or less, as indicated by a glow discharge in the 
bulb. To minimize the formation of metallic de- 
posits on the cooler portions of the system, this 
pressure was held for as short a time as possible 
commensurate with proper evacuation. A 10-min 
interval was usually adequate. After this evacuation 
step, nitrogen was introduced into the system. 

The relatively high vapor pressure of chromium 
required that a modified procedure be used with pure 
chromium and alloys containing more than 50 pet Cr. 
The steps through the measurement of the hot vol- 
ume were followed as described above. However, 
prior to removing the argon, the melt was solidified 
and then the bulb was evacuated. Nitrogen was in- 
troduced to bring the pressure to 1 atm and the al- 
loy was remelted so that the solubility measurement 
could proceed. 

These extensive precautions virtually eliminated 
metallic deposits in the system, and thus avoided 
this major source of error. Care in avoiding expo- 
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sure of the melt to low pressures during measure- 
ments permitted very close agreement between the 
initial ‘‘hot volume’’ measurement and the final one 
some 6 to 8 hr later. 

Following the introduction of nitrogen, a change 
in pressure, or a change in temperature, readings 
were taken after the pressure became constant. 
Usually 15 to 20 min were required.* Equilibrium 


*No correction is applied for the nitrogen in the charge initially. The 
values reported should be increased slightly (~0.001 pct) for the nitrogen 
left in the melt after preliminary purification. The actual quantity was not 
determined. 


was checked by adjusting the temperature above and 
then below the initial point, or by slightly raising or 
lowering the pressure at constant temperature, de- 
pending on which was the more suitable at the 
moment. 

A technique was devised, which subsequently is 
called the ‘‘dropping technique,’’ to increase the pro- 
ductivity of the study. This technique permitted the 
composition of the melt to be modified slightly in the 
course of the experiment by dropping into the melt 
small pieces of preweighed pure iron or nickel, or 
both if desired, from a storage point within the head 
(point x, Fig. 2). A correction was applied to the 
hot volume for the ‘‘cold’’ space occupied by the 
pieces as compared to the increase in the ‘‘hot’’ 
space occupied by the piece dissolved in the solution. 
Checks showed this correction to be about the same 
order of magnitude as the uncertainty in the hot 
volume measurement. This technique permitted a 
precise determination of the change of nitrogen 
solubility with a small change in composition of the 
melt. 

Sources of Error—Of the various possible sources 
of error, the four considered to be of major signifi- 
cance are discussed below: 

a) Uncertainty in Temperature—For reaction [I]: 


X fu 
= OH; — TAS; = -—4.576 X T log 
VPx, 


The term fy is the activity coefficient of nitrogen 

in the alloy with the infinite dilution of nitrogen in 
iron as the reference state. At constant pressure, 
and assuming that fy does not vary with temperature, 
the van’t Hoff relationship yields from Eq. [1] 


d (%N) _ AH° x dT [3] 
GN 1.978xT? 


It was found in this study that the heat of solution of 
nitrogen is dependent essentially on the chromium 
content of the alloy with the maximum value of ap- 
proximately —26,000 cal per mole at high-chromium 
contents. With the undertainty of +10°C in T, the 
d (%N) 
This error is much smaller in the high-iron corner 
of the Fe-Ni-Cr composition triangle and it ranges 
from 0 pet to perhaps +1.5 pct because AH° is small. 
b) Uncertainty in Gas Volume—The error in meas- 
uring the gas volume in the burette resulted from the 
uncertainty in reading the burette (40.05 cu cm) and 
the fluctuation in the temperature (+0.5°C) in the 
water-jacket of the burette. The maximum error 


maximum error at 1600°C is x 100 = 3.7%. 
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Table Il. Solubility of Nitrogen in Pure Iron at 1600°C 
and One Atmosphere Pressure of No 


Experiment Solubility * Deviation from 
No. (%N) the mean (%N) 
0.0444 0.0006 
II-33 0.0430 0.0008 
II—38 0.0448 0.001 
II—40 0.0430 0.0008 
II—42 0.0437 0.0001 
Mean +o 0.0438 + 0.0007 | 0.0007 


*No correction is applied for the nitrogen in the charge initially. The 
values reported should be increased slightly (~0.001%) for the nitrogen 
left in the melt after preliminary purification. The actual quantity was 
not determined. 


arising from these conditions when a full burette 
was used if +0.23 cu cm, and resulted in an error 
which tended to increase as the quantity of gas ab- 
sorbed by the melt diminished. With a relatively 
low solubility of 10 cu cm in the melt, the error is 
approximately +5 pct, but generally it is very much 
less. 

c) Hot Volume Determination—The uncertainties 
mentioned previously enter in the determination of 
the hot volume. In addition, the hot volume meas- 
ured by the inert gas may differ from that when the 
system contains nitrogen. The ‘‘argon’’ hot volume 
was checked by measuring the ‘‘nitrogen’’ hot vol- 
ume with a nickel melt as nickel has a very low 
solubility for nitrogen. In addition, with melts hav- 
ing a slow rate of absorbtion of nitrogen, an indica- 
tion of the hot volume was obtained by observing the 
change in pressure of the system when an additional 
quantity of nitrogen was introduced. -Continual 
checking by these various techniques during a run, 
and throughout the experimental program, showed 
the hot volume measurements with the two gases to 
be consistent within the error in the measurement 
of gas volume. 

d) Melt and Atmosphere Contamination—All melts 
were made in high-purity alumina crucibles, and 
doubly recrystallized crucibles were used with al- 
loys containing more than 20 pct Cr. Virtually no 
crucible reaction was noted and analyses of several 
alloys after 8-hr runs showed them to have no more 
than 0.1 pct Al. Upon the addition of 0.45 pect Altoa 
pure iron melt (Experiment II-42), the equilibrium 
nitrogen content was reduced by 0.001 pct. As a 
consequence, the presence of the slight amount of 
aluminum in alloys is considered to cause no sig- 
nificant error in the results reported. 


The oxygen content of the vacuum remelted pure 
iron used in preparing the melts was 0.025 pct. The 
oxygen content in the master alloys was 0.05 pct. 
Several runs which were deoxidized by small addi- 
tions of aluminum showed no perceptible change in 
the solubility of nitrogen. Hence the effect of these 
small quantities of oxygen in the alloys is considered 
to be insignificant. 

After a hot volume determination with argon, the 
system was evacuated to 107? mm Hg. Consequently, 
the residual argon remaining in the bulb when nitro- 
gen was introduced was trivial and caused no sig- 
nificant error in the subsequent measurements. 

Only a qualitative estimate can be made of the 
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Fig. 4—Examples of plots of the raw data. 


total error present in a measurement. It probably 
is less than +3 pct with solubilities above 0.02 wt 
pet except for measurements on pure chromium as 
noted earlier. With lower solubilities, the over-all 
error increases and possibly becomes +50 pct when 
the solubility is 0.001 pct. An indication of the re- 
producibility of a series of measurements is indi- 
cated in Table II where results on the solubility of 
nitrogen in iron are presented. 


EXPERIMENTAL RESULTS 


The practical time limit of 6 to 8 hr for an ex- 
periment permitted but a limited number of deter- 
minations along with suitable checking of the hot 
volume at the beginning, between determinations, 
and at the conclusion. Consequently, during an ex- 
periment it was possible generally to explore only 
the effect of one variable; temperature, pressure, 
or composition. The practical temperature range 
was from approximately 1500°C to 1800°C and the 
pressure from 1.1 to 0.25 atm. 

Most frequently the effect of temperature on the 
solubility of nitrogen in an alloy of a given compo- 
sition was studied during an experiment. Examples 
of the raw data from this type measurement are 
shown in Fig. 4 where the total volume of nitrogen 
introduced into the bulb to maintain a pressure of 
1 atm is plotted against the apparent temperature. 
The calculation of the solubility of nitrogen was 
based on the intercept of this line with the desired 
true temperature, usually 1600°C, by the equation 


E 273 \/ P\/ 28 


Wy is the grams of nitrogen dissolved in the melt at 
the specified temperature. N; is the total volume of 
nitrogen introduced into the reaction bulb in cu cm 
measured at ¢(°C) and P(mm Hg), the temperature 
and pressure respectively of the burette in which the 
gas volume was measured. The hot volume h is also 
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Table Ill. Experimental Results at 1600°C 


Weight Composition of Hot Vol- Nj cc at 
Experiment of Melt, Metallic Charge t AHS 
, 5 = 
No. m. g Pct Fe Pct Ni Pet Cr mm Hg Pandt IntoChamber 1 atm N, -( wal 
I-30 67 0 100 0 767 22 50.2 50.5 0.0005 - = 
I-32 87.1 48.6 51.4 0 754.7 24.0 49.0 54.1 0.00675 - = 
I-34 112.6 75 25.0 0 760.7 21.0 50.4 66.6 0.0167 - = 
I-38 1131 86.5 13.5 0 765 27.0 54.0 81.9 0.0270 - = 
I—40 105.1 100 0 0 763 25.0 52.9 87.2 0.0393 - - 
I-51 S2a05 38.1 46.5 15.5 756 28.5 56.5 122.0 0.141 7.1 3,500 
I-54 48.4 71 22.0 7:0 766 26.5 5953 88.5 0.0695 3.5 3,600 
I-55 40.0 55.8 3332 11.0 767 26.0 59.9 90.7 0.088 6.6 5,200 
I-56 49.45 0 77.0 23.0 25.0 60.4 115.6 0.128 
I-60 52.8 1559) 68.2 15.9 766 28.0 62.1 102.8 0.087 - - 
I-62 92.3 6.85 86.2 6.85 767 28.5 49.4 60.5 0.014 - - 
I-63 85.0 48 41.5 10.5 755 27.5 52.7 122.0 0.093 8.3 6,200 
I-64 91.75 31 62.0 7.0 756 30.5 48.8 70.0 0.026 - - 
I-65 56.7 64 212 14.8 761 3320 51.1 0.190 14.6 3,800 
I-66 45.7 24.7 50.6 24.7 764 S1z5 50.0 156.7 0.762 = = 
I-67 28.6 81.2 0 18.8 761 31.5 49.7 2753 0.305 - = 
I-69 29.75 0 53.0 47.0 767 28 S2s1 249.0 0.74 143 12,400 
I-70 74.44 0 89.9 10.1 760 32.5 45.8 56.9 0.0165 Bens) 9,700 
I-71 88.35 0 82.8 i722 760 30.1 48.1 85.0 0.0468 6.85 10,100 
I-72 97.47 0 87.5 12.5 765 29°) 48.3 69.4 0.0245 2.4 6,800 
I-73 50.11 90 0 10.0 761 3227 60.7 120.1 0.132 4.8 2,540 
1-74 101.32 49.28 45.27 5.47 759 31.5 48.7 78.5 0.033 2.5 5,300 
- 3 65.05 84.6 6.5 8.9 764 30 50.5 98.2 0.0827 6.5 5,500 
II— 4 48.93 100 0 0 760 Sie2 50.1 69.9 0.0444 - - 
II- 6 $1.42 70.9 18.0 Ye 766 30 50.0 117.9 0.149 13.5 6,300 
l- 7 26.22 0 62.3 Slot 761 31 53.7 157.0 0.44 34 5,400 
IIl- 8 86.07 48 46.0 6.0 768 29 48.8 TiS 0.0378 7 1,300 
II- 9 88.56 66.5 29.5 4.0 772 27 48.0 79.7 0.0406 24 4,100 
II=10 86.01 85.5 13.0 1.5 769 28 48.8 79.6 0.0407 - = 
l-11 95°27) 18 80.2 1.8 761 27 48.5 52.2 0.0044 Bet = 
II-19 29.21 52.8 0 47.2 759 28 53.6 394.0 1325 — - 
II—20 24.86 67.6 0 32.4 - 27 51.9 200.0 0.670 10.4 10,900 
II—22 16.03 0 0 100 761 25 40.0 994 6.55 830 - 
II—23 31.94 78.5 0 PRL) 770 25:5 55.7 162.0 0.37 26.2 5,000 
1-24 20.02 25 25.0 50.0 751 23 40.0 275.0 35 273 14,400 
II—25* 16.01 0 30.0 70.0 764 23 45.6 407 2.60 410 11,200 
1-25! 16.79 4.9 28.6 66.5 764 P4e} - 394 2.37 - - 
II—26* 20.8 39 ~0 61.0 ° 766 26 49,2 470 2.30 460 14,200 
1-26! 22.03 37 5.6 57.0 766 26 _ 431.3 1.97 ~ - 
l—27* 20.00 16 16.0 68.0 751 26 47.8 537 2.74 370 9,900 
io7 21.49 15 21.0 63.9 751 26 = 494 2.36 - - 


*Experiments with drop additions. 


Table III (Continued) 


in cu cm at ¢ and P. The weight percent of nitrogen 
in the melt is then simply: 


Wn 
%N(P, T, alloy X) = 


x 100 [5] 
where m is the weight in grams of the alloy melt as 
charged. 

The result of Eq. [5] can be corrected to 1-atm 
pressure accordingly: 


60 
GN(1 atm, T, alloy X) = %N(P, T, alloy X) /4 [6] 


This is rigorous if nitrogen obeys Henry’s law in 
the alloy, 7.e. fy = 1 in Eq. [1]. The error is very 
small when this is not the case providing the pres- 
sure for the measurement is close to 1 atm, and fy 
may be assumed to change insignificantly between 
the two pressures. 

The experimental data are summarized in Table 
Ill, in which is shown the alloy composition, the 
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pertinent variables for use in Eq. [4], the nitrogen 
solubility at 1600°C and 1-atm pressure, and the 
temperature coefficient of solubility in the vicinity 
of 1600°C. 

For a number of alloys the effect of pressure on 
nitrogen solubility was explored between 0.5 and 1.1 
atm. Within the limits of the experimental method, 
nitrogen followed Sieverts’ law in all alloys contain- 
ing up to 57 pet Cr. Fig. 5 is shown to demonstrate 
this. On'the other hand, Fig. 6 shows that this is 
not the case from 61 pct Cr to the pure metal. The 
results for 1 atm from these plots of %N vs vPy, are 
also shown in Table III. 

Results of two experiments at 1 atm for the deter- 
mination of the solubility of nitrogen in pure chro- 
mium are shown in Fig. 7. The data are plotted in 
this manner to permit extrapolation of the data to 
1600°C for correlation with results from other al- 
loys and to permit calculation of the heat of solution 
of nitrogen. 
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Table (Continued) 
Hot Vol- N; ce at 


: Composition of ume h, P andt WtPct N 
Experiment Metallic Charge ce at Introduced 1600°C, +5 
No. Mm. Pct Fe Pct Ni Pct Cr mm Hg Pandt IntoChamber 1 atm N, cal/g-atom 
Hao 22.76 20.6 19.2 60.2 751 26 - 460 2.06 - = 
11-28* 20.00 12 53.0 35.0 758 26.5 44.2 110.0 0.376 66 12,300 
1-28! 21.04 11.3 50.4 38.3 758 26.5 _ 133.0 0.482 - - 
n—28" 22.015 15.3 48.1 36.6 758 26.5 ss 129.0 0.44 - - 
40.435 33.4 33:3" 744 26 47.2 0.476 61 9,000 
11-29! 41.055 33 32.8 34.4 744 26 - 225 0.51 - - 
1-291 42.12 32.1 34.3 33.4 744 26 = 211 0.444 - - 
II-30* 20.42 59 10.8 30.5 749 26 47.4 140.0 0.518 138 18,700 
1-30! 21.12 57 10.4 32.6 749 26 = 159.0 0.608 - - 
n-30! 22.20 54 14.8 313 749 26 = 144.5 0.502 - - 
II-31* 93.82 70 11.66 18.03 761 26.5 45.7 205 0.193 25 9,000 
n-31! 94.79 69.5 11.5 18.9 761 26.5 - 219 0.208 - - 
318 96.48 68.4 12.9 18.6 761 26.5 = 215 0.201 - - 
1I-32* 87.72 0 70.7 29.3 754 26 47.5 167.0 0.155 25 11,300 
1-32! 88.58 0 70.0 30.0 754 26 - 178.0 0.170 - - 
aso 89.34 0 68.3 31.7 754 26 _ 186.5 0.178 - - 
1-32!!! = 89.93 0.59 68.1 31.54 754 26 “ 189.5 0.180 - - 
eii-321" 90.53 1.25 67.4 31.35 754 26 = 193.0 0.185 - - 
II-33* 74.93 100 0 0 762 26.5 49.3 175 0.0430 - = 
11-33! 75.58 99.23 0 0.76 762 26.5 - 78.0 0.0434 - - 
I-34 96.96 90.1 0 9.9 757 26 47.7 151.3 0.122 - - 
11-35* 48.05 75.5 0 24.5 750 24.5 47.4 210.5 0.392 58 10,400 
1-35! 49.605 73 3.14 23.85 750 24.5 = 196.1 0.352 - - 
n-35!! 51.13 71 6.0 23.0 750 24.5 = 187.9 0.316 _ - 
69.5 8.0 22:5 750 24.5 = 185.0 0.303 - - 
53.32 68 9.9 22.1 750 24.5 178.0 0.282 
11-35¥ 54.35 66.9 11.6 21.5 750 24.5 = 174.0 0.268 - - 
35"! |. 55.49 65.6 13.4 13.4 750 24.5 170.0 0.255 
I-36 22.1 0 0 100 761 27.7 45 1384 6.5 950 —26,000 
1I-38* 70.405 100 0 0 762 8.4 46.7 72.7 0.0448 = - 
11-38! 71.835 98.0 2.0 0 762 8.4 = 71.7 0.0425 - = 
11-38! 73.245 96.12 3.88 0 762 8.4 & 70.9 0.042 = _ 
0-39 103.65 0 100 0 762 26.8 69.0 70.0 0.0121 - - 
1I—40* 97.230 100 0 0 761 8.9 47.3 81.8 0.043 - - 
11-40! 97.92 99,29 0 0.71 761 8.9 - 84.6 0.0463 - = 
11-40! 98.79 98.42 0 1.58 761 8.9 - 88.65 0.0508 = = 
-99.47 97.74 0 2.26 761 8.9 - 91.95 0.0545 - 
m-40!% = 100.4 96.84 0 3.16 761 8.9 46.9 96.6 0.0592 = - 
1-42* 95.49 100 0 0 766 10.4 48.4 83.2 0.0437 - _ 
m-42! 95.92 99.5 (0.43%A1) 766 10.4 - 82.75 0.0428 
*Experiments with drop additions, 
Once the problems of operating the Sieverts’ ap- the order of the pure metals, the three binary sys- 
paratus were under control, the effect of tempera- tems and the ternary alloys. 
ture on the nitrogen solubility in a melt was most a) Pure metals—Iron—The results reported in 
accurately determined during a single experiment. Table II and Fig. 8 for the solubility of nitrogen in 
The change in pressure with changing melt temper- iron are consistent with the results of earlier in- 
ature could be followed very precisely as errors in- vestigators. The temperature coefficient of solubility 
herent in a given charge and experimental set-up of 7.7 x 107° per °C is approximately half the values 
canceled. What are considered to be the most pre- reported earlier. No discussion of the current re- 
cisely determined values for the solubility of nitro- sults relative to the earlier work is presented here, 
gen in pure iron are shown in Fig. 8. This is a sin- as a more complete analysis is contained in a forth- 
gle experiment which gives the temperature co- coming paper.® It is sufficient to report that the cur- 
efficient of solubility as 7.7 x 10-6 pct per °C.* No rent results yield: 
*All compositions in this paper are reported in weight percent. AH; (pure iron) = 1,200 + 400 cal/g-atom [7] 
effect of temperature on the solubility of nitrogen and 
in nickel could be measured because of the very low x 
solubility of the gas in nickel. AFy (pure iron) = 1,200 + 5.567 + 200cal/g-atom [8] 
INTERPRETATION OF RESULTS _Nickel—There is a small but finite solubility of 
cae oe nitrogen in nickel. The value at 1600°C and 1-atm 
The results of this investigation and the compari- pressure of nitrogen is in the range of uncertainty 


son of them with earlier results will be presented in for the experimental system. A value of 0.001 + 
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0.001 pct is indicated. Schenck, Frohberg, and Graf? 0.5 
obtained 0.0025 pct by the sampling method. VA 
Chromium—Fig. 7 shows the measured solubility 
of nitrogen at 1-atm pressure in liquid chromium 0.4 ois 
down to 1700°C where the melt solidified. The data Exp 1-298 er 
for experiment II-36 are considered to be the more (1635°C) 
precise and give the solubility as 4.2 pct at 1898°C, vA 
the melting point of chromium, and 6.5 pct for pure 0.3 


chromium (Cr-N alloy) supercooled to 1600°C. The Os 
uncertainty in these results may be as high as +0.4 2| 4A 


pet N. The value at 1600°C is in reasonable agree- xs 
ment with the extrapolation of Wentrup and Rief’s’ 0.2 V4 
results for Fe-Cr alloys at 1600°C to 7 pct at pure Expt 
liquid chromium. Mozgovoi and Samarin® reported 
a Solubility of 4.1 pct in chromium which was ac- 


0.1 we 
tually liquid at 1600°C. It may be that the low value S Lg 0] 
2 (@) 


Exp. 1-34 
and the liquid state were associated with impurities (1610 °C) 
in their melt. Saito? measured the solubility to be 

approximately 4 pct near the melting point of chro 
mium. 10) O. 4 0.6 0.8 1.0 
The heat of solution of nitrogen in chromium ob- : V Patm 
tained by the van’t Hoff relationship for a constant 
nitrogen content in Fig. 6 is: 


Fig. 5—Examples of adherence to Sieverts’ law in alloys 
high in iron. 


AH? (pure chromium) = —26,000 


nitrogen. For an alloy having a low Solubility of 
+ 4,000 cal/g-atom [9] nitrogen, the melt composition given in Table III is 
The values of log K are obtained by extrapolating used in Fig. 9 without correction. However, the ni- 
the line through the experimental points at 1745°C trogen level becomes appreciable above approxi- 
to zero concentration. It is assumed that the value mately 25 pct Cr, and the points plotted are cor- 
of log fx (relative to the infinitely dilute solution rected to give the true chromium content of the melt 
of nitrogen in chromium) is independent of tempera- when saturated with nitrogen. 
ture and dependent only on composition. Hence the Iron-Nickel system—The nitrogen solubility in 
lines at 1600° and 1898°C are drawn through the Fe-Ni alloys up to 15 pet Ni is consistent with the 
saturation values at l-atm pressure and parallel to results obtained by Pehlke and Elliott® which will be 
the line at 1745°C. The related values of the ac- reported later. The curve shown is approximately 
tivity coefficients for the two reference states se- 0.004 to 0.001 pct lower than that obtained by Schenck, 
lected are shown in Table IV. Frohberg, and Graf* who sampled their melts. Ex- 
b) Binary alloys—The data from this study and ploration of the solubility between 0 and 10 pct Ni 
from pertinent earlier work” * * 7° for the three failed to show the high solubility as found by Wentrup 
binary alloy systems of this work are shown in Fig and Reif.7 Although the present results are in gen- 
9. It is to be noted that each of these systems ac- eral agreement with those of Kashyap and Parlee,’° 
tually has three components, the two metals and they do not validate their high results at 1 to 4 pct 
T 
—P, =O — —+—— — —+- 1600° 
— — SI — — — :1898° 
1.0 
~ 


° 
Fig. 6—Departure of nitrogen from 0.8 0.05 
Sieverts’ law. in high-chromium alloys. 0.25 745°C 


Exp. 11-36 
| p. of Cr 
x 
4 
39% Fe 
O%Ni 
6I1%C 
0.2 | Atm) (1655°C) 
| | bad | | | 
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Fig. 7—Solubility of nitrogen in liquid pure chromium at 
l-atm pressure of No. 


Ni nor their point of inflection at approximately 8 
pet Ni. Saito’s? data for the whole binary are not 
shown in the figure, but they fall in the area between 
the curve of Schenck and coworkers and the results 
of this study. Saito’s Sieverts’ results are lower 
generally than are his sampling results. 

Iron-Chromium system—The results of the sub- 
Sequent study by Pehlke and Elliott® are in very good 
agreement with this work. The results of all inves- 
tigators’ * % ° are generally in good agreement from 
0 to 20 pet Cr. Kurochkin, Gel’d, and Yavoiskii! re- 
ported somewhat lower values. Over the middle of 
the composition range there is good agreement be- 
tween this study and Kootz’s? curve while Wentrup 
and Reif’s’ results are somewhat lower. The curves 
given by Brick and Creevy? and Saito® are not shown 
because of the uncertainty in the temperatures in 
their measurements. 


0.045 
0.044 
%oN 
0.043 
Exp. 0 -42 
0.042 
1500. 1600 741650 17007 AVSO 
Temperature of the Melt °C 


Fig. 8—Effect of temperature on the solubility of nitrogen 
at 1-atm in liquid pure iron. 


As noted earlier, nitrogen apparently follows Sie- 
verts’ law in these alloys up to approximately 50 
pet Cr. However, Kurochkin, Gel’d, and Yavoiskii™ 
found deviations down to 10 pet Cr. They found the 
following equation to apply: 


= K(Pyy)” 


where n ranges from 0.5 (Sieverts’ law) at pure 

iron to 1.02 at 50 pct Cr. It is interesting to note 
that the data in Fig. 6 give approximately the fol- 
lowing for pure chromium at 1600°C: 


%N = 6.5(Py,)°"** [11] 


Nickel-Chromium system—The data for this sys- 
tem are also shown in Fig. 9. There are no meas- 
urements on this system reported in the literature. 
It was necessary to extrapolate the curve above 70 
pet Cr because these alloys are not liquid at 1600°C. 

Interaction Coefficients—The effect of an alloying 
element j on the activity coefficient of nitrogen at 
very low concentrations of nitrogen in M-j alloys 


[10] 


Table IV. Estimated Values of the Activity Coefficient of Nitrogen in Liquid Pure Chromium 


Temperature 
1600°C 1745°C 1898°C 
A) Activity Coefficient, : 
Reference State is the infinitely 
dilute solution in liquid pure chromium, i.e.: 
lim. ay = 
%N > fy=1 
fn 
= 29.2 11.0 
vPn, 
log f.,* = 0.10-%N 0.10-%N 0.10-%N 
‘is (1 atm N,) = 4.5 3:9) 26) 
Activity Coefficient, f, : 
Reference State is the infinitely 
dilute solution in liquid pure iron, i.e.: 
lim. 
—~| =f,=1 
oN > O 7oN Fe 
Thus: fe = Gute te) 
ny %N (Pure Cr)/ p 
2 
fy 1 atm N,) = 0.07 0.09 0.11 
log fy = —1.16-0.10-%N —1.05 0.10-%N —0.96 0.10-%N 
fy (0 atm N,) = 0.015 0.027 0.042 


*log K — log K’ in Fig. 6. 
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Table V. Interaction Coefficients ef) in the Fe-Cr-Ni System 


at 1600°C 
Fe 0.0 = —0.045 0.011 
Cr 0.10 —0.003(?) - —0.010(?) 
Ni 0.0(?) —0.015 —0.13 


can be expressed in terms of the interaction coeffi- | 
cients: 


log fy = en + (%2) + (G8) .... [12] 
where 

_ 9 log fn 


As shown in Table V, nitrogen acts strongly in 
chromium to lower its own solubility. The uncer- 
tainty is large in the calculations for the interaction 
coefficients for iron and nickel in chromium, but it 
appears that these elements have virtually no effect 
on fn. 

c) The Ternary System, Fe-Cr-Ni—The data tab- 
ulated in Table III and the curves for the binary sys- 
tems, Fig. 9, are summarized in the solubility iso- 
therm for the Fe-Cr-Ni system at 1600°C in Fig. 
10. The curves in the two figures do not conform . 
exactly because Fig. 10 is plotted on the basis of the 
analysis of the metallic elements in the alloy and 
Fig. 9 is based on the total composition of the alloy 
(metals plus nitrogen). The curves for alloys having 
more than 65 pct Cr are dashed because they apply 
to the liquid phase which is metastable at 1600°C in 
this region. 

Fig. 11 shows the isoactivity coefficient curves 
for nitrogen in the ternary field. The reference state 
again is the infinitely dilute solution of nitrogen in 


Fig. 10—Solubility of nitrogen in Fe-Cr- 
Ni alloys at 1600°C and 1-atm pressure 
of N,. The alloy composition is in 
weight percent of metallic components 
in the melt. 
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Fig. 9—Solubility of nitrogen in liquid Fe-Ni, Fe-Cr, and 
Ni-Cr alloys at 1600°C and 1-atm pressure of Np. 


% by Weight 


liquid pure iron. The value for the high-chromium 
corner is estimated to be 0.02 or lower for dilute 
concentrations of nitrogen. 

It is of interest to compare the values of the ac- 
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Fig. 11—Activity coefficient of nitrogen in Fe-Cr-Ni al- 
loys at 1600°C. The reference state is the infinitely dilute 
solution of nitrogen in liquid iron. Dashed lines in the Fe 
corner show values calculated by Eq. [14] from interaction 
coefficients, Table V. 


tivity coefficient of nitrogen in the ternary field with 
the results that one can predict from the interaction 
coefficients obtained from the binary alloys. This 
calculation is a check on the treatment used by 
Langenberg.’* For the iron corner, Eq. [12] becomes: 


log fu = + (%Cr) + (GNi) [14] 


The interaction coefficients used are taken from 
Table V, and the results are shown in Table VI. Eq. 
[14] is rigorously applicable only for the very dilute 
alloys; however, it also is reasonable accurate ina 
narrow band leading from the iron corner, Fig. 11, 
along the line %Ni/%Cr = 1. The result of the cal- 


Table VI. Comparison Between Calculated and Measured 
Activity Coefficients of Nitrogen in Liquid Fe-Cr-Ni Steels at 1600°C 


Composition Wentrup Measured, 
Pct Fe Pct Ni-Pct Cr By Eq. [14]* and Reif’ Fig. 11 
90 5 5 0.17 0.17 0.16 
85 5 10 0.11 0.16 0.10 
80 5 15 0.06 0.11 0.07 
75 5 20 0.00 0.03 0.04 
85 10 5 0.40 0.34 0.38 
80 10 10 0.34 0.33 0.34 
75 10 15 0.29 0.28 0.33 
80 15 5 0.62 0.54 0.55 
75 15 10 0.56 0.54 0.49 
70 15 15 0.51 0.50 0.47 
74 18 8 0.72 ~ 0.68 
75 20 5 0.84 - 0.74 
Measured, 
Table II 
85 1.5 13  (Exp.II-10) -0.08 - -0.031 
70 18.03 11.66 (Exp.II-31) 0.68 - 0.644 
66.9 21.5 11.6 (Exp. I-35%) 0.82 - 0.785 


*Interaction coefficients are from Table V (Fe). 
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Fig. 12—Temperature dependence of the solubility of nitro- 
gen in Fe-Cr-Ni alloys. 
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Fig. 13—Heat of solution of nitrogen in liquid Fe-Cr-Ni 
alloys. 


culation is indicated by the dashed lines in the iron 
corner of Fig. 11. 

Table VI also indicates that there is reasonably 
good agreement between Wentrup and Reif’s’ results 
and the values of fy for the iron corner in this 
study. Their solubility values are within about 10 
pct of those reported here. 

Fig. 12 contains the temperature coefficients of 
solubility for the alloys tabulated in Table III. Asa 
result of the scatter in the data it can only be con- 
cluded that this coefficient is influenced primarily 
by the chromium content of the alloy. If the solu- 
bility data in Fig. 10 are to be rectified to tempera- 
tures other than 1600°C, the curve in Fig. 12 should 
be used. 

Data on the heat of solution of nitrogen, Eq. [1] in 
the ternary alloys are shown in Fig. 13. Pehlke and 
Elliott’s® results for pure iron and Fe-Cr alloys low 
in chromium are included. The chromium content of 
the alloy is the primary factor of composition de- 
termining the magnitude of the heat of reaction. The 
effect of substituting nickel for iron at a constant 
chromium composition apparently is minor and 
within the uncertainty of the measurements. The 
points for alloys containing more than 50 pct Cr are 
probably too positive because each point was calcu- 
lated assuming that nitrogen follows Sieverts’ law 
in the alloy. This is certainly not the case, but there 
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were insufficient data to make a better calculation. 
The curve drawn is suitable for the Fe-Cr binary, 
and may be used with reasonable certainty up to 40 
pet Cr. It is to be expected that AH? should become 
more poSitive as nickel is substituted for iron at a 
given concentration of chromium. This is specific- 
ally so at low concentrations of chromium. Until 
more precise information on this problem becomes 
available, it is suggested that the curve shown be 
used for the whole ternary composition field at all 
ratios of Fe/Ni. 


SUMMARY 


The solubility of nitrogen in liquid Fe-Cr-Ni al- 
loys has been measured in a Sieverts type apparatus. 
Considerable care was exercised in designing and 
operating the equipment to minimize errors due to 
vapor deposition. 

Results on the solubility of nitrogen in the liquid 
pure metals at 1600°C and 1-atm pressure were ob- 
tained as follows: 


Fe 0.0438 + 0.0007 Wt Pct 
Cr 6.5 Wt Pct (super-cooled liquid) 
Ni 0.001 + 0.001 Wt Pct 


The solubility of nitrogen at 1600°C and 1-atm 
pressure is reported for the binary metallic sys- 
tems Fe-Ni, Fe-Cr, and Ni-Cr, and for the ternary 
system Fe-Cr-Ni. Data on the activity coefficient of 
nitrogen and the heat of solution of nitrogen in these 
alloys are reported. Interaction coefficients also 
have been determined. 

Nitrogen obeys Sieverts’ law in the ternary field 
up to approximately 50 pct Cr. 

The ability to predict the solubility of nitrogen, or 


its activity coefficient, in the ternary alloy field 


from the interaction coefficients of and in 


liquid iron is tested for alloys having relatively high 
concentrations of iron. The predictions are reason- 
ably accurate only close to pure iron and in the region 
of a 1/1 weight ratio of nickel to chromium, 
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Solubility of Nitrogen in Liquid Iron Alloys. 


1. Thermodynamics 


The solubility of nitrogen in liquid pure iron has been meas- 
ured as a function of pressure and temperature. Sieverts’ Law is 
obeyed at all pressures up to 1 atm and the temperature coeffi - 
cient of solubility is 8 X 10°° %/°C. The solubility of nitrogen in 
liquid iron alloys has been studied by the Sieverts’ method and by 
the sampling method. The solubility is decreased by Al, C, Co 


Cu, Ni, O, Si and Sn, and it is increased by Cr, Cb, Mn, Mo, Ta, 
W, and V. Interaction coefficients ens for the effect of these ele- 
ments on nitrogen dissolved in liquid iron, ave reported. 


Tue effect of nitrogen upon the properties of steel 
may be desirable or not, depending upon the compo- 
sition, processing treatment, and the use of the pro- 
duct. To understand the behavior of nitrogen in the 
various steelmaking processes, it is necessary to 
have reliable fundamental data pertaining to the 
solubilities, rates of solution, and chemical reac- 
tions of nitrogen in steel, particularly in the liquid 
state. In an effort to extend our knowledge in these 
areas, an investigation of the thermodynamics and 
kinetics of the solubility of nitrogen in liquid iron 
alloys was undertaken. The thermodynamic aspects 
of the study are presented in this paper. 

The solubility of nitrogen in liquid pure iron has 
received the attention of several investigators whose 
results are summarized in Table I. Reasonable 
agreement among the more recent researches?-#8 
is found for the solubility of approximately 0.044 wt 
pet at 1600°C and 1-atm pressure of N,, for the tem- 
perature coefficient of solubility being small but 
positive, and for adherence to Sieverts’ law for 
pressures up to 1 atm. 

The solubility of nitrogen in a number of binary 
liquid iron alloys has been studied: Fe-Al,* Fe-As,*® 
Fe-C,® 7, 18, 19, 20 Fe-Cr,” 7, 10, 11, 15, 21 Fe-Co,'* 16 
Fe-Cu,%® Fe-Mn, 11, 18 Fe-Mo, 16 Fe-Ni, 1% 14s 13 
16 Fe-O,1 17519 Fe-p,7 Fe-S, © Fe-Sb,® Fe-Se, 
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Fe-Si,*? % 17 18 19, 20 Fe-Sn,16 and Fe-V.» A few 
ternary systems have been studied, most of which 
were reviewed by Langenberg” who applied the 
methods suggested by Wagner,?° Chipman,** Darken 
and Gurry,”° and Morris and Buehl”6 for predicting 
solubilities in multicomponent alloys. Langenberg?? 
and Humbert and Elliott! compared the solubilities 
computed from simple binary alloy systems with ex- 
perimental measurements of nitrogen solubilities 
in liquid iron containing two or more alloying ele- 
ments. The interaction coefficients for nitrogen in 


Table |. Solubility of Nitrogen in Liquid Iron at 1600°C and 1 Atm 


Temp. Coeff. 

Author Year N, Wt Pct Wt Pct/°C x 10° Ref. 
Chipman and Murphy 1935 0.040 * 15 1 
Sieverts and Zapf 1935 - 
Eklund 1939 0.0425 ** 1.0 to 2.0 3 
Vaughan and Chipman 1939 0.041 * - 4 
Brick and Creevy 1940 0.038 ** - 5 
Hayasi 1940 - ¥* Negative 6 
Kootz 1941 0.046 ** 3.4 ai 
Taylor and Chipman 1942 0.040 ** - 8 
Kamaukhov and Morozov 1947 0.0521 * 0.2 9 
Saito 1949 0.039 * 1.4 10 
Saito 1949 0.044 ** - 10 
Wentrup and Reif 1949 0.046 ** Positive 11 
Kasamatu and Matoba 1957 0.044 ** 2.1 12 
Kashyap and Parlee 1957 0.042 * JES 13 
Busch and Dodd 1958 0.0395 * = 14 
Humbert and Elliott 1958 0.0438 * 0.77 15 
Schenck and coworkers 1958 0.044 ** - 16 
Fedetov and Samarin 1958 0.050 ** 8.9 17 
Maekawa and Nakagawa 1958 0.0396 ** 12 18 
This Study 1959 0.0451 * 0.8 - 


*Sieverts’ Method 
**Sampled Bath 
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Table II. 


Effect of Alloying Elements on the Activity Coefficient of Nitrogen in Liquid Iron at Infinite Dilution and 1600° C 


Interaction Coefficient, = Glog fn 
(% j) 
Alloying This Schenck Maekawa and Wentry; 
p Kashyap and Humbert 
Element Study et Nakagawa,'*??_ Saito,!%° and Reif,*? Kootz’ Parle,” and Elliott, Eklund,’ Others* 
Al 0.0025 _ +0.006 
5 —0.010. 
c 0.25 0.125 0.135 0.135 0.13 
Cb —0.067 - 
Co 0.011 0.007 0.005 
Cr -0.045 -0.057 —0.415 —0.0385 0.041 
-0. -0.0 +0.387 
Cu 0.009 0.002 
Mn —0.02 —0.020 -0.094 -0.0245 
Mo -0.011 -0.004 -0.013 -0.013 
Ni 0.010 0.010 0.007 0.0095 0.000 0.007 0.011 
0.05 1.0, 0.00 -0.16 1:98 
P 0.051 
0.013 
Sb = 0.009 = 
Se = 0.000 = 
Cc 
Si 0.047 0.065 0.048 {o.tas 
0.0274 
Sn 0.007 0.002 - 
Ta -0.034 
- -0.63 
-0.010 -0.11 -0.105 
W —0.002 - 


*Brick and Creevy,° 
Fedotov and Samarin,*” 


*Other Investigators: 


©Vaughan and Chipman,‘ 
4Karmaukhoy and Morozov,° 


liquid iron alloys as determined by the above in- 
vestigations, and for recent results by Nakagawa,?? 
are summarized in Table II. 

It is to be noted that the interaction coefficient is 
defined in terms of the activity coefficient of nitro- 
gen (fn) as follows:?* 74 


where j is the alloying element, and %j and X; are 
the weight percent and mole fraction of the alloying 
element j, respectively. The general expression 
showing the influence of alloy composition on the ac- 
tivity coefficient of nitrogen in an alloy having a com- 
position Xy, X,, X,, and so forth, is 


y oOlMfy 
dln fy 
PI 


This relationship is valid only in relatively dilute 
solutions. Also, by Eq. [1] 


. Similarly for concentrations in weight percent: 
log fx(%ON, %2, %3, ...) = (GN) + eX? (%2) 

(%3)5 [4] 


Customarily the infinitely dilute solution of nitrogen 
in eee iron is taken as the reference state thusly: 


This is the reference state used in this study. If 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


nitrogen follows Sieverts’ law in Fe-N solutions, fy 
remains one and e (also ¢{”) is zero so that the 
first term on the right in Eq. [4] (and in Eq. [3]) dis- 
appears. As a result of this reference state and the 
fact that nitrogen obeys Sieverts’ law in liquid pure 
iron, the activity coefficient of nitrogen in the Fe-j 
alloys is obtained by the following equation: 


% N (pure Fe) 
ju = 6) 


The Sieverts’ technique? was used in this investi- 
gation to measure the effects of alloy composition, 
temperature, and pressure on the solubility of nitro- 
gen in liquid pure iron and in a number of iron al- 
loys. The overall reaction is: 


1/2 N,(gas)-= N(in liquid metal) [I] 
for which 
fx 
vPn, (atm) 


Iron-carbon and iron- oxygen alloys were found to 
react with the alumina crucibles used in this study. 
Consequently, the sampling method was used to 
measure the solubility in these a 


APPARATUS AND EXPERIMENTAL PROCEDURES 


The Sieverts’ apparatus employed in this work 
was essentially the system described by Humbert 
and Elliott.15 A modified reaction chamber was de- 
veloped as shown in Fig. 1. It consisted of a 51-mm- 
diam Vycor tubing closed down to 9-mm-diam Vycor 
tubing that led to a ground socket joint. This joint 
connected the reaction chamber to the vacuum and 
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gas supply systems, The reaction chamber was 
closed below by a ground joint, the inner section of 
which was sealed with de Khotinsky cement to an 
inverted Vycor bulb. The liquid alloy weighing ap- 
proximately 100 g was held in a high-purity alumina 
crucible. 

The Sieverts’ equipment included purification 
trains for argon, the calibrating gas used to meas- 
ure the hot volumes, and for nitrogen. The volume 
of gas introduced into the reaction chamber was 
measured in a calibrated burette which was main- 
tained at a constant temperature. The vacuum system 
consisted of a mercury diffusion pump backed by a 
mechanical pump. Pressure in the system was 
measured with a mercury manometer and all meas- 
urements were corrected for atmospheric pressure. 

Melt temperatures were measured with a Leeds 
and Northrup optical pyrometer which was calibrated 
periodically against the melting point of pure iron 
under the experimental conditions. Since dilute al- 
loys were studied over a temperature range of less 
than 250°C throughout this investigation, the emis- 
'sivity of the alloys was assumed to be independent 
of composition and temperature. The melting point 
of pure iron in argon was taken to be 1536°C and the 
emissivity 0.43, as determined by Dastur and Gok- 
cen.?® The transmissivity of the optical system was 
found to be 0.54. The maximum total uncertainty in 
the melt temperatures which resulted from uncer- 
tainties in temperature measurement, control, and 
calibration is estimated to be less than 10°C. 

The hot volume of the system was measured with 
argon and was found to depend both on temperature 
and pressure. It ranged from 65 to 70 cu cm at 1- 
atm pressure, and varied linearly with the absolute 
pressure of the system. The temperature coefficient 
of the hot volume at 1-atm pressure was found to be 
—7.4 x 1073 cu cem/°C. 

The materials used in this investigation were of 
the highest purity obtainable in quantity. Low-car- 
bon low-oxygen vacuum-treated iron (Ferrovac-E) 
was obtained from Crucible Steel Co. Alloying 
metals of 99.9+ pct purity were obtained from vari- 
ous sources. 

An inherent error of the Sieverts’ method is 
caused by the vaporization and subsequent conden- 
sation of metal in the reaction system. The metal- 
lic vapor may react with the nitrogen atmosphere 
to form a stable nitride or the nitrogen may be ad- 
sorbed on the finely divided deposit. These condi- 
tions tend to increase the apparent absorption. Fur- 
thermore, the composition of the melt may be 
changed which can cause either positive or nega- 
tive error. These effects become substantial for 
melts containing high concentrations of alloying ele- 
ments which form stable nitrides or which have 
high vapor pressures. 

The effects described above become appreciable 
if the melt is held under vacuum for any extended 
period. Consequently, in this work vacuum treatment 
of the molten metal in the apparatus was held to an 
absolute minimum. No vacuum degassing was done 
in the molten state, and after determining the hot 
volume with argon, the pressure was reduced to only 
10~* mm of Hg prior to introducing the nitrogen, 
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Fig. 1—Design of the reaction bulb. 


Adequate removal of argon required that the melt be 
held under this reduced pressure for less than 2 
min. With alloys of strong nitride formers, the melt 
was solidified before pumping out the argon and was 
remelted again only after nitrogen had been intro- 
duced. Measurements at reduced pressures were 
made only after other solubility measurements had 
been completed. By careful exercise of these pre- 
cautions, metallic deposits were avoided almost 
completely, and reliable consistent solubility deter- 
minations were obtained. The approach to equilib- 
rium was made from both directions in this study 
and was accomplished by raising and lowering the 
temperature rather than by varying the pressure. 
During the earlier work in this program* and in 
the preliminary stages of this study, it became clear 
that the rate at which liquid iron will absorb nitro- 
gen is Slowed appreciably with an increased oxygen 
content of the melt. As a consequence, in this study 
care was exercised to use metals low in oxygen 
where possible. In addition, in the Sieverts’ appara- 
tus it is possible to follow closely the absorption 
process until equilibrium is assured. Consequently 
the Sieverts’ type experiment should provide more 
reliable results than will the other experimental 
methods unless with them the experimentalist takes 
specific care to be certain of reaching equilibrium. 
To facilitate the work, the ‘‘dropping technique’’ 
described previously*® was used. It permitted the 
alloy content of the melt to be increased by dropping 
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Table fll. Solubility of Nitrogen in Pure Liquid lron at 1606°C 


under Nitrogen at 1 Atm Pressure 


Experiment No. Weight Pct N 


36 0.0445 
0.0445 

38 0.0444 
41 0.04445 
43 0.0449 
45 0.0449 
105 0.0451 
0.0450 

0.0449 

112 0.0452 
0.0452 

126 0.0451 
0.0451 

127 0.0446 
0.0446 

131 0.0446 
0.0445 

0.0443 

132 0.0443 
0.0440 

0.0440 

168 0.0454 
0.0450 

170 0.0455 
0.0454 

171 0.0451 
0.0450 

172 0.0452 

Mean-+o 0.0448 + 0.0004 pct 


in a small pellet of the alloying element which was 
stored in the cold portion of the system. Alloy ad- 
ditions totaling about 10 pct were possible during an 
experiment. A correction for the change in the hot 
volume and an increase in the volume of the melt 
was applied to the determination. In actual fact the 
correction was trivial as shown by subsequent meas- 
urements of hot volume. During the course of an ex- 
periment three or four drops could be made. To en- 
sure consistency in the measurements, several ex- 
periments were made for each alloying element and 
usually the composition range of each overlapped 
that of the others. 

Two sampling methods were used to study the 
solubility of nitrogen in liquid iron-carbon and iron- 
oxygen alloys because of crucible reactions. Iron- 
carbon alloys apparently reacted slowly with the 
alumina crucible to form carbon monoxide which 
interfered with the Sieverts’ measurement. To mini- 
mize this error, samples were drawn from an iron- 
carbon melt equilibrated with a pure nitrogen atmo- 
sphere. A closed, induction-heated furnace was em- 
ployed to hold the alloy at 1600°C in a magnesia 
crucible while nitrogen gas at 1 atm pressure was 
passed slowly over the surface of the melt. After 
equilibrium was established, a sample was withdrawn 
in a Vycor-glass tube, quenched in water, and an- 
alysed for carbon by the combustion method and 
nitrogen by vacuum fusion. 

Measurements on iron-oxygen alloys containing 
more than 0.07 pct O could not be made satisfac- 
torily in the Sieverts’ apparatus because the com- 
pound hercynite (FeO-Al,0,) formed at the metal- 
crucible interface and the oxygen content of the 
melt dropped rapidly from its initial level. The 
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Fig. 2—Adherence to Sieverts’ law, %N« VPy, nitrogen 
dissolved in pure iron at 1606°C. 


measurements for the high-oxygen alloys were con- 
ducted by equilibrating a melt at 1600°C with an 
atmosphere containing defined oxygen and nitrogen 
potentials. The melt was quenched and analysed in 
toto by vacuum fusion for nitrogen and oxygen. The 
equipment and technique used were essentially those 
reported by Floridis and.Chipman.*° The gas phase 
consisted of a controlled ratio of H,/ H,O and a fixed 
nitrogen pressure. Equilibrium was approached from 
both directions by appropriate changes in the nitro- 
gen pressure. 


EXPERIMENTAL RESULTS AND DISCUSSION 


The results for the various alloy systems are 
shown in the figures contained in the following sec- 
tions. Where appropriate, a few tables of data are 
also included. The solubilities in the binary alloy 
systems of iron with Cr, Co, Cb, Cu, Mn, Mo, Ni, 
Si, Ta, Sn, W, and V were determined over a com- 
position range from pure iron to 10 wt pct or more 
of each alloying element. The effect on the solubility 
of nitrogen in iron individually of Al up to 0.5 wt pct, 
C to saturation, O up to 0.15 wt pct, and S up to 0.3 
wt pet also were studied. Because of nitride forma- 
tion no satisfactory measurements could be obtained 
with Ti or Zr as alloying elements. 

The effect of an alloying element j on the activity 
coefficient of nitrogen is also shown in the figures. 
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Iron-Nitrogen System—The results of twenty-nine 
measurements of the solubility of nitrogen gas at 1- 
atm pressure in liquid iron at 1606°C are shown in 
Table III. The iron melting stock (Ferrovac E) was 
reported to have 0.0003 wt pct N. Vacuum-fusion 
analyses made to check this value verified it to be 
0.0003 + 0.0002 wt pct. Because the vacuum purifi- 
cation of the melting stock did not remove this nitro- 
gen, the amount determined must be added to the 
average value from Table III to get the true value at 
1606°C of 0.0451 with a root-mean-square error of 
+0.0006 wt pct. The best value for the solubility of 
N, gas at 1-atm pressure in liquid pure iron at 
1600°C is considered to be: 


%N(1600°C, 1 atm N, gas) = 0.0451 + 0.0006 wt % [8] 


The changes resulting from the change in temper- 
ature and the correction for impurities in the iron 
are trivial relative to the uncertainty in the number. 

Two experiments were conducted specifically to 
ascertain if nitrogen dissolved in liquid iron fol- 
lowed Sieverts’ law. If fy in Eq. [7] is 1, the law is 
followed. Fig. 2 shows the results which indicate 
that nitrogen actually does follow Sieverts’ law at all 
concentrations up to 0.045 wt pct N. Consequently, 
ew = en = 0 in iron. Accordingly, the equilibrium 
constant for reaction [I] becomes 0.0451 at 1600°C 
and by the relationship AF° = —RT In K, the standard 
free-energy change for reaction [I] is: 


AF; (1600°C, atm) = 11,550 + 60 cal/g-atom [9] 


Fig. 3 shows the influence of temperature on the 
solubility of nitrogen in pure iron. The plot is ac- 
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Fig. 4—The solubility of nitrogen at 1-atm pressure in 
Fe-Al alloys at 1606°C. 


cording to the integrated form of the van’t Hoff re- 
lationship 


log = + constant [10] 


The data are for two experiments in which the effect 
of temperature was determined carefully from the 
melting point of iron (1536°C) to 1775°C. Results 
from other melts were somewhat more scattered, 
but they are not included in the figure as the experi- 
ments were conducted essentially for other meas- 
urements. The average slope of the solubility line 
is 8 x 107°°%N/°C and Eq. [10] gives the value of 


AH? = 860 + 400 cal/g-atom [11] 


from 1536° to 1775°C. The variance reflects not only 
the difference in the slopes of the two lines, but 
also the uncertainty in the slope of each line. Coupled 
with Eq. [9] this results in 


AF; = 860 + 5.71T + 100 cal/g-atom [12] 
The value of AH? previously obtained*® is higher 

than that given in Eq. [11], but is within the limits of 
error shown. Except for the results of Karnaukhov 
and Morozov,® all the earlier results for the slope 

of the solubility line (Table I), and consequently Adj, 
are higher than the present results by at least a 
factor of two. The value of AF? presented here is in 
reasonable agreement with earlier results at 1600°C, 
+173, 45) 38 but the agreement is not as good at all other 
temperatures because of the differences in the values 
for the standard enthalpy. The observation that nitro- 
gen follows Sieverts’ law is in agreement with earlier 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


| 
| 
— 
| 
A @ | 
| 
© 
| 
= 

-0.01 
| 
| 
| 


| ] 
= THIS STUDY, 
EKLUND® 
x KOOTZ? 
MAEKAWA & NAKAGAWA'® 
v SCHENCK et al.!9 
SAITO 
oO x 
x 
O | 2 5 4 5 
WEIGHT PERCENT CARBON 
1.0 
@ THIS STUDY = 
e 
ro) 
0.2 
ex 
| | | | 
O I 2 3 4 5 


WEIGHT PERCENT CARBON 


; Fig. 5—The solubility of nitrogen at 1-atm pressure in 
Fe-C alloys at 1606°C. 


results except those of Kasamatu and Matoba™ who 
found a departure at all concentrations. 

TIron- Nitrogen- Aluminum System—Successful meas- 
urements as shown in Fig. 4 were accomplished with 
three experiments having melt analyses that over- 
lapped. Check analyses on the melts taken from the 
apparatus showed small losses of aluminum, 0.02 — 
and 0.1 pet Al. The error resulting is slight. No 
measurements were obtained above 0.5 pct Al be- 
cause a film of what appeared to be aluminum nitride 
formed on the surface of the melt. The results shown 
are contrary to those of Eklund? and Nakagawa.”” As 
indicated in Table II and Fig. 4 this work shows that 
aluminum decreases the solubility of nitrogen and 
EAD is slightly positive, whereas the earlier work 
indicates that it should raise the solubility and e{}” 
should be negative. Eklund’s measurements were 
made at such high concentrations of aluminum that 
they cannot be shown in Fig. 4. 

Iron-Nitrogen-Carbon System—The results of 
samples drawn from Fe-C melts equilibrated with 
an atmosphere of N, gas are shown in Fig. 5. Ata 
given concentration of carbon, the present results 
give the solubility of nitrogen to be lower, and the 
value of fx and ef (Table II) to be higher than 
earlier results would indicate. 

Iron-Nitrogen-Chromium System—The results 
from 6 Sieverts’ determinations with overlapping 
melt analyses are shown in Fig. 6. The figure and 
Table II show a consistency between this and earlier 
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Fig. 6—The solubility of nitrogen at 1-atm pressure in 
Fe-Cr alloys at 1606°C. 


researches. The current results are represented by 
the equation: 


log = -0.045 (% Cr) 


for Fe-Cr alloys containing up to 10 pct Cr 
Iron-Nitrogen-Cobalt System—The results of three 
Sieverts’ measurements which did not have over- 
lapping melt compositions are shown in Fig. 7 and 
Table II. The solubility data agree well with the 
values reported by Schenck and coworkers.’® 7° 
The values of log fx and eff are in slight dis- 
agreement essentially because of Schenck’s lower 
value for the terminal solubility of nitrogen in iron. 
The current results can be represented by the equa- 
tion ; 


[13] 


log fx” = +0.011 (% Co) [14] 


up to 7 pct Co. 

Iron-Nitrogen-Columbium System—The deter- 
mination of the solubility of nitrogen in iron-colum- 
bium alloys was characterized by a slow rate of ab- 
sorption at all concentrations and by a surface film 
which appeared at temperatures below 1600°C for 
columbium contents above about 5 wt pct. This film, 
apparently CbN, disappeared when the temperature 
was raised above 1650°C. Consequently, for melts 
containing more than 5 pct Cb, the solubility meas- 
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Fig. 7—The solubility of nitrogen at 1-atm pressure in 
Fe-Co alloys at 1606°C. 


urements were carried out between 1650° and 
1700°C and the results were extrapolated to 1606°C 
(using Fig. 21) for inclusion in Fig. 8. Five Sieverts’ 
measurements with overlapping melt compositions 
were conducted. The effect of columbium on the ac- 
tivity coefficient of nitrogen may be expressed as: 


log fx” = -0.067 (% Cb) [15] 


) 
The corresponding value of eg 


Table II. 

Iron-Nitrogen-Copper System— Vaporization of 
copper was a source of error in the solubility de- 
terminations in iron-copper alloys. Metallic de- 
posits (copper colored) on the upper portion of the 
crucible and on the crucible cover were greater 
than was the case for pure iron where a very thin 
metallic discoloration generally appeared. Chemical 
analyses showed that in one case the copper content 
decreased from 3.03 wt pct as-charged to 2.95 pet 
finally. In another the decrease was from 8.95 to 
7.30 wt pct. Three Sieverts’ measurements in all 
_ were made. In each heat where the losses were 
found, the melt was held for about 45 min under re- 
duced pressure at the end of the experiment to ob- 
tain a check on Sieverts’ law behavior. Although the 
data plotted in Fig. 9 represent the as-charged analy- 
ses of copper, the error in composition is considered 
to be slight. 

Fig. 9 shows that copper lowers the solubility of 
nitrogen and it is in qualitative agreement with the 
results of Schenck and coworkers*® ** obtained by 
the Sampling method. The values of Pan are shown 
in Table II. 


is contained in 
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Fig. 8—The solubility of nitrogen at 1-atm pressure in 
Fe-Cb alloys at 1606°C. Points above 5 wt pct Cb extra- 
polated down from 1650° to 1700°C in accordance with 
Fig. 21. 


Iron-Nitrogen- Manganese System—The error 
caused by vaporization from the melt was expected 
to be greatest for iron-manganese alloys. However, 
the precaution of carrying out no vacuum degassing 
in the molten state was successful in holding the 
manganese vaporization to a minimum. The melt 
was solidified before pumping out the argon used to 
measure the hot volume, and it was melted again 
only after nitrogen had been introduced into the re- 
action chamber. Chemical analyses showed that the 
manganese content decreased from 2.48 to 2.40 and 
from 5.81 to 5.71 wt pct during the two Sieverts’ ex- 
periments made. It was not feasible to make meas- 
urements under reduced pressures in this system. 
The data in Fig. 10 show that manganese increases 
the solubility of nitrogen in liquid iron. In this there 
is qualitative agreement with earlier work. The in- 
teraction coefficient, e, is included in Table II 
and the result of the present study may be expressed 


by 
log = -0.020 (% Mn) [16] 
up to 6 pct Mn. 


Iron- Nitrogen- Molybdenum System—No difficulty 
was encountered with the Fe-Mo system. The re- 
sults of two Sieverts’ experiments having overlap- 
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Fig. 9—The solubility of nitrogen at 1-atm pressure in 
Fe-Cu alloys at 1606°C. 


ping melt compositions are shown in Fig. 11. Rea- 
sonable agreement with the results of other research 
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Fig. 11—The solubility of nitrogen at 1-atm pressure in 
Fe-Mo alloys at 1606°C. g 
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Fig. 10—The solubility of nitrogen at 1-atm pressure in 
Fe-Mn alloys at 1606°C. 


is indicated. The interaction coefficient, ef", is 
shown in Table II. 
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Fig. 12—The solubility of nitrogen at 1-atm pressure in 
Fe-Ni alloys at 1606°C. 
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Fig. 13—The solubility of nitrogen at l-atm pressure in 
Fe-O alloys at 1606°C. 


Iron-Nitrogen-Nickel System—The data from four 
Sieverts’ experiments with overlapping melt com- 
positions are shown in Fig. 12. The experimental 
points are closely grouped with the results of earlier 
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Fig. 15—The solubility of nitrogen at 1-atm pressure in 
Fe-S alloys at 1606°C. 
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Fig. 14—The solubility of nitrogen at 1-atm pressure in 
Fe-Si alloys at 1606°C. Results with high-purity alumina 
crucibles only are shown for this study. 


studies and the interaction coefficients, en in 
Table II also are in good agreement. The activity 
coefficient of nitrogen in Fe-Ni alloys may be repre- 


sented as follows 
log ff? = 0.010 (% Ni) [17] 


up to approximately 10 pct Ni. 

Iron- Nitrogen-Oxygen System—Numerous Sieverts’ 
determinations were made on pure iron melts con- 
taining varying amounts of oxygen. Reliable results 
were obtained with melts containing 0.009 pct O 
(Ferrovac E). These are shown in Table II and the 
value corrected for the initial nitrogen content is 
shown in Fig. 13. Also shown is a point averaging 
twenty-eight determinations (thirteen experiments) 
on melts containing 0.074 pct O initially. Checks on 
the oxygen level in several of these melts after 5 
to 8 hr at temperature showed them to have between 
0.055 and 0.070 pct O. Six Sieverts’ measurements 
in which oxygen gas was added or high-oxygen 
charges were used failed because the oxygen con- 
tent of the melt could not be maintained above 0.07 
pet. The results of the six sampling experiments in 
which the melt was equilibrated with H,/H,O mix- 
tures and nitrogen are shown with arrows to indicate 
the direction of approach to equilibrium. In these 
experiments the nitrogen pressure was approximately 
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- Fig. 16—The solubility of nitrogen at 1-atm pressure in 
Fe-Ta alloys at 1606°C. 


0.8 atm. The results were extrapolated to 1-atm 
pressure according to Sieverts’ law. 

It appears certain that oxygen lowers the solubility 
of nitrogen in iron. The effect is approximated by 
the equation 


log fy’ = 0.05 (%O) [18] 
The evidence indicates that Le Table II, is positive 


rather than zero as indicated in the recent publication 


by Schenck and coworkers.” It is possible that their 
earlier value of 1.00 was influenced by oxygen slow- 
ing seriously the rate of absorption of nitrogen by 
the melt in their experiments. 
Iron-Nitrogen-Silicon System—Because of the 
wide range of results obtained by previous investi- 
gators for the solubility of nitrogen in Fe-Si alloys, 
considerable attention was paid to the system in 
this study. The results of earlier investigators and 
data from the fifteen experiments (alumina cruci- 
bles) in this study are shown in Fig. 14. No maxi- 
mum at low silicon contents was observed as had 
been reported by Vaughan and Chipman.* Alundum, 
silica and zirconia crucibles were used with a 6 pct 
Si alloy to determine if crucible reactions could in- 
terfere with measurements. The alundum crucible 
caused a slight but continued absorption of nitrogen 
with time. The zirconia crucible was reduced by the 
silicon to give Zr in the melt and a rapid and con- 
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Fig. 17—The solubility of nitrogen at 1-atm pressure in 
Fe-Sn alloys at 1606°C. : 


tinued absorption of nitrogen with time. The silica 


crucible gave a satisfactory measurement and no 
cloud of vapor was observed, but a slight rise in 
solubility was observed over an equilibration period 
of 70 min. This was associated with the vaporiza- 
tion of silicon. 

The high-purity alumina crucibles used in the 
study were stable and satisfactory. The solidified 
melts of six runs were checked by chemical analy- 
sis and the silicon content was within 0.1 pct of the 
‘‘charged’’? composition. On one run 9.99 pct Si was 
charged and 9.46 pct remained at the end. A slight 
increase in the nitrogen solubility was observed with 
this alloy in a determination where constant tem- 
perature and pressure were maintained for 70 min. 
As noted above, this effect is attributed to the loss in 
silicon. No silicon nitride was observed to form in 
this study. 

The results reported are in reasonable agreement 
with Schenck and coworkers?® whose values were ob- 
tained by the Sampling method, and at high silicon 
concentrations there is reasonable agreement with 
Vaughan and Chipman’ s* results. The value of ey” 
reported in Table II is valid up to 5 wt pct Si. 

Iron-Nitrogen-Sulfur System—The results of two 
Sieverts’ measurements on Fe-S alloys are shown 
in Fig 15. The data indicate that sulfur has no great 
influence on the solubility of nitrogen, but the results 
are too discordant to be represented by a curve. The 
line from Schenck and coworkers’ papers’® * is 
shown to give the behavior of sulfur. 
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Fig. 18—The solubility of nitrogen at 1-atm pressure in 
Fe-W alloys at 1606°C. 


Iron-Nitrogen-Tantalum System—The results 


from two Sieverts’ experiments with completely 
overlapping compositions are shown in Fig. 16. The 
interaction coefficient, ef”, as given in Table II, is 


O 


10.0% Cr 


11.57% Co 


7.77 % Ta 


0.2 0.4 
Vv Patm 


Fig. 20—Examples of experiment to show the validity of 
Sieverts’ law, %N « vPx,» in the alloys studied. 
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Fig. 19—The solubility of nitrogen at 1-atm pressure in 
Fe-V alloys at 1606°C. Points above 1 wt pct V are extrap- 
olated down from 1650° to 1700°C in accordance with Fig. 
21. 


valid over the full composition range studied (0 to 
10 pet Ta). 

Tron-Nitrogen-Tin System—The results of the 
single Sieverts’ determination are shown in Fig. 17. 


T T 


Pure Fe Cu Co.Ni,W 
Si 


-40 


-200 


—240 


WT % j 


Fig. 21—Effect of alloy composition of Fe-j alloys on the 
temperature coefficient of the solubility of nitrogen at 1- 
atm pressure of Ny and 1550° to 1775°C., 
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Fig. 22—The standard heat of solution of nitrogen gas in 
liquid Fe-j alloys. 


Schenck and coworkers’** values are in close agree- 
ment. Tin increases slightly the activity coefficient 
of nitrogen in liquid Fe-Sn alloys, and the interac- 
tion coefficient, e§™, is 0.007 as shown in Table II. 

Iron-Nitrogen-Tungsten System—The results of 
three Sieverts’ experiments for Fe-W alloys with 
overlapping melt compositions are shown in Fig. 18. 
Tungsten lowers slightly the activity coefficient of 
nitrogen. The interaction coefficient, ef’’, is -0.002 
as shown in Table II. 

Iron-Nitrogen- Vanadium System—Three Sieverts’ 
experiments were made and overlapping melt com- 
positions were obtained for two of them. As in the 
case of columbium, alloys containing over. approxi- 
mately one percent vanadium were covered with a 
film at 1606°C. This film disappeared when the melt 
temperature was raised. An increase of 50°C was 
sufficient up to 5 pct V, but 100°C was required 
above this composition. The experimental points 
shown in Fig. 19 above 1 pct were obtained by extra- 
polating results from the higher temperatures down 
to 1606°C in accordance with measurements of the 
effect of temperature on the nitrogen solubility for 
this system, Fig. 21. The results are in agreement 
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Fig. 23—Summary of the solubility of nitrogen in liquid 
binary Fe-j alloys at 1600°C and 1-atm N pressure. 


with Kashyap and Parlee’s'* and Nakagawa’s”” re- 
sults. The value of -0.10 for e™ given in Table I 
is valid to approximately 6 pct V. 

Effect of Pressure on Nitrogen Solubility—In at 
least one of the Sieverts’ experiments for each of 
the alloying elements studied, measurements were 
made at reduced nitrogen pressures to ascertain if 
the solubility of nitrogen followed the Sieverts’ re- 
lationship (fy = 1 in Eq. [7]). Fig. 20 shows this to be 
the case for four binary alloys selected as examples. 
The constancy of the relationship, %N/VP xis for a 


given alloy composition was observed within experi- 
mental error for all alloys studied in this work. 

Effect of Temperature on Nitrogen Solubility— 
During the course of the experiments discussed in 
the previous subsections, measurements were made 
of the effect of temperature on the solubility of 
nitrogen at 1-atm pressure for a number of the al- 
loy compositions. These are shown in Fig. 21. 

The standard heat of solution of nitrogen in each 
of the various alloys has been computed for the 
points plotted in Fig. 21, and the solubility data at 
1606°C from Figs. 4 to 19 by Eq. [10]. The results 
are shown in Fig. 22. The uncertainty in the curves 
for cobalt, copper, and nickel is estimated to be no 
more than +800 cal per g-atom, For chromium, 
columbium, and vanadium it is probably less than 
+1500 cal per g-atom. The lines for molybdenum, 
silicon, tantalum, tin and tungsten are only approxi- 
mate. The curve for Fe-Cr alloys is in good agree- 
ment with the previous study.*® 
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Fig. 24—Effect of alloying elements on the activity coef- 
ficient of nitrogen in binary Fe-j alloys at 1600°C. 


DISCUSSION 


Figs. 23 and 24 summarize the important results 
of the study reported in this paper. Fig. 25 is a test 
for the systematic variation in interaction coefficient, 


ey with the atomic number of element j. It is to be 


noted that ef? can be computed from ed in Table II 
by the relationship 


At. Wt. 7 
0.2425 


The correlation is similar to those obtained by Fuwa 
and Chipman,*° Sanbongi, Ohtani, and Toita,? and 
Turkdogan and coworkers* for iron-carbon-j alloys. 
However, for nitrogen, the correlation appears to be 
valid only up through atomic number 29 (copper). 


(j) 


En = en x [19] 


SUMMARY 


1) The solubility of nitrogen in pure liquid iron at 
1606°C has been determined to be 0.0451 + 0.0006 
wt pct at 1-atm pressure of nitrogen gas. This value 
also applies at 1600°C. 

2) The solubility of nitrogen in liquid pure iron 
obeys Sieverts’ law at pressures up to 1-atm and the 
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Fig. 25—Variation of the interaction coefficient, ef with 
atomic number. 


temperature coefficient of solubility is 8 x 10-6 wt. 

3) The standard free energy of solution of nitro- 
gen in liquid pure iron may be expressed as: 


1/2 N,(gas) = N (dissolved in iron) 
AF°= 860 + 5.717 + 100 cal per g-atom 


4) The effect of a third element on the solubility 
of nitrogen and on the activity coefficient of nitrogen 
has been determined. Results are summarized in 
Table II, Fig. 23 and Fig. 24. 

5) Nitrogen was found to obey Sieverts’ law for all 
alloy compositions studied. 

6) Results for the heat of solution of nitrogen in 
the various Fe-N-j alloys studied are shown in Fig. 
22. 
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The Effect of Dilute Transition Element Additions 


on the Recrystallization of Iron 


The effect of the transition elements in binary solid-solution 
additions upon the recrystallization temperature of iron has been 
investigated. All these elements immediately raised the tempera- 
ture, the majority having their greatest effect in less than 0.10 at. 


pct. A correlation is noted between the rate of change of recrystal- 


E. P. Abrahamson, Il 


lization temperature with atomic percent solute and the electron 


configuration of the solute element. 


Tue work of Abrahamson and Grant’ on binary chro- 


mium-base alloys indicated that a correspondence 
existed between the effect of each solute element on 
the brittle-to-ductile transition temperature of chro- 
mium and the ground-state electron configuration of 
the element added. This was felt to be a bonding 
phenomenon and would be expected to be observed in 
measurements of other properties involving the 
breaking or exchange of atomic bonds. From this 
work it was postulated that a like correspondence 
should be found for other properties of binary alloys, 
such as recrystallization. 

This study is an effort to check this postulation 
using binary solid-solution iron-base alloys. Previ- 
ously, the majority of recrystallization studies were 
carried out on steels. However, Tammann  investi- 
gated the recrystallization of iron as effected by Co, 
Ni, Si, Mn, Mo, and Cr and stated that elements with 
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the same crystal structure at room temperature as 
iron appeared to be more effective in raising the 
recrystallization temperature. Austin, Luini, and 
Lindsay* studied the effects of Ni, Cr, Mn, Co, Si, 
and Mo on cold rolling and annealing, but noted no 
trend. Abrahamson and Grant,’ in their work on the 
effect of both substitutional and interstitial elements 
upon the brittle-to-ductile transition of chromium, 
have shown that the outer electron configuration in 
the ground state of the solute element appears to be 
the prime determinant of the transition temperature. 


PROCEDURE 


All alloys were made using 99.95 + pct Fe with 
0.02 wt pct O, 0.004 pct C, and 0.001 pct N. All 
alloying elements were 99.9 + percent pure. Metal- 
lographically the alloys, out to at least 0.1 at. pct, 
appeared to be in solid solution. Though several 
published phase diagrams tend to dispute this. 

All alloys were arc melted six times and cast into 
square 400-g ingots under an argon atmosphere. 
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Fig. 1—Hardness vs 1 hr annealing temperature for iron 
cold worked 75 pct. 


They were then hot pressed at 500°C and rolled at 
temperature. This was followed by an anneal for 4 
hr at 700°C and air cooling. Grain size was checked 
on each series prior to final cold work and found to 
remain essentially constant at 0.0020 sq mm + 0.005 
per grain. The specimens were then cleaned and 
cold rolled to 0.10 in. thus giving 75 +1 pctcold work. 
work. All alloys were then chemically analyzed. In 
all cases the interstitial content remained at about 
0.02 wt pct O, 0.001 N, and 0.004 C. 

The rolled sheets were cut into 3/8-in. squares 
and heat treated for 1 hr at a variety of temperatures 
in the recrystallization range. The temperature con- 
trol was + 3°C. 

Rockwell A hardness tests were used to determine 
the softening temperature. This served as the cri- 
terion for an easily measured temperature of recrys- 
tallization. To check this, metallographic examina- 
tion was carried out on some specimens. It will be 
noted that some typical hardness data in Fig. 1 ap- 
pears to correlate with the initial visible changes in 
microstructure in Fig. 2. 


(e) 
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RESULTS 


The recrystallization temperature was taken as 
the temperature of initial rapid decrease inhardness. 
Fig. 3 through 5 show the effect of the transition 
elements on the recrystallization of iron. It will be 
noted that all of the solute elements immediately 
raise the recrystallization temperature. A majority 
of the curves change their slopes to one of a lesser 
degree with additions of less than 0.10 at. pct, before 
the solubility limit is reached. 

A close examination of the initial slope of the 
curves in Figs. 3 through 5 shows a periodicity of 
the effects of the elements. If these slopes are plot- 
ted against the ground state outer d shell configura- 
tion of the elements, one can better see the period- 
icity, cf. Fig. 6. 


DISCUSSION 


In the work of Abrahamson and Grant’ it was shown 
that a correlation similar to that shown in Fig. 6 
existed for the brittle-to-ductile transition tempera- 
ture of chromium-base alloys. It was postulated that 
the prime factor in change of transition temperature 
is the electron configuration of the outer unfilled 
shelis. The present data on iron base alloys tends to 
expand the area in which this correlation is valid. 

Fig. 6 indicates that the log of the rate of change 
of recrystallization temperature with atomic percent 
added element is a linear function of the number of 
d shell electrons, s shell electrons being constant, to 
a minimum at 7d shell electrons. The curves for 
0, 1, and 2s shell electron elements are parallel. In 
this figure the configuration of iridium is taken as 
5d°6s° in agreement with Kittel and others.°”® 

If one observes the elements titanium, zirconium, 
and hafnium, it will be observed that there is alsoa 
secondary effect caused by the number of inner filled 
shells, the greater the number the greater the effect. 


Fig. 2—Microstructure of iron annealed 
for 1 hr at temperatures indicated show- 
ing recrystallization. (a) 420°C (p) 
430°C (c) 440°C (d)450°C (e)470°C (f) 
490°C. X100. Reduced approximately 
24 pet for reproduction. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


| 
| 
| 
| 
| 
| 
| 
| 
(a) (b) (c) 
(d) | (f) 


LOO 


750 
= 
-Cr 
O- Mn 
4-Ru 
oO v-Cu = 4-Pd 
= 
q x = 
< 
or 
! 
° x z x 
| 
a 
450 450 & 
400/- 
fas = 0.50 0.75 1.00 fe) 0.25 0.50 0.75 1.00 
. PERCENT ADDED ELEMENT ATOMIC PERCENT ADDED ELEMENT 
one a ee temperature vs atomic percent Fig. 4—Recrystallization temperature vs atomic percent 
ae ement for the second transition series. added element for the second transition series. 
10,000¢ 
8,000 
6,000+ 
a - Os S=0 
1 Rh! 
= 550 
4 w > 
4 
Za  80f 
ue 6ok S+b=10 
450 10: 
w 
S+De=ll 
20F 
400 
0.25 0.50 Q75 1,00 NUMBER OF d SHELL ELECTRONS IN B 
ATOMIC PERCENT ADDED ELEMENT Fig. 6—Initial rate of change of recrystallization tempera- 
Fig. 5—Recrystallization temperature vs atomic percent ture with atomic percent vs number of outer shell electrons 
added element for the third transition series. of added element. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME VOLUME 218, DECEMBER 1960-1103 


This secondary effect is consistently observed as 
evidenced by Ta and V, Mo and Cr, and Re and Mn. ; 

In comparison, the work of Abrahamson and Grant 
indicates that the log of thé rate of change of brittle- 
ductile transition temperature with atomic percent 
solute element is a linear function of d shell electrons 
to a minimum at 6d electrons for the 2s electron 
curve, and at 7d electrons for the 1s electron curve. 
Again, the curves for 0,1, and 2s shell electron ele- 
ments are parallel. Neglecting the fact that the data 
are collected for two different properties, this change 
appears to come from the difference in outer electron 
configuration of the base material: Fe—d*s* and Cr— 
d®s’ in the ground state. In this work the secondary 
effect of the filled inner shells is also noted. 

A close check of the effect of the atom Sizes of the 
added elements on the recrystallization temperatures 
indicates that no correlation exists. The statement 
by Tammann’ that elements with body-centered cubic 
crystal structures are more effective in raising the 
recrystallization temperature does not stand up when 
the effects of such hexagonal materials as Ti, Hf, and 
Zr as well as such face-centered cubic materials as 
Pd and Ir are considered. 

The breaks in the curves seen in Figs. 3 through 
5 may correspond to an overlapping of the effects of 
the solute atoms. This would thus decrease the addi- 
tive effect of each isolated solute atom. 


CONC LUSIONS 


1) All of the transition elements tested raised the 
recrystallization temperature of iron. 

2) In a majority of cases, the maximum initial 
effect occurs at 0.10 at. pct or less, within the region 
of solid solubility. 


3) A linear correlation exists when the number of 
outer s shell electrons in the solute is constant, such 
that the logarithm of the rate of change of recrystal- 
lization temperature with atomic percent solute is a 
linear function of the number of outer d shell elect- 
rons of the solute atom. The curves for additives 
having 0, 1, and 2 outer s shell electrons are paral- 
lel, 1 and 2 exhibit a minimum at 7d shell electrons. 

4) Atoms having similar outer electron configura- 
tions (Ti, Zr, Hf) exhibit effects of the same order 
of magnitude. However, the greater the difference 
in energy level between solvent atom (Fe 3d) and 
solute atom (Ti 3d, Zr 4d, Hf 5d) the greater the 
rate of recrystallization temperature change. 

5) In iron, for solute atoms having a like number 
of outer d shell electrons, the fewer outer s shell 
electrons, the greater the magnitude of rate of re- 
crystallization temperature change. 
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The Diffusivity of Hydrogen in Alpha Iron 


The diffusivity D was determined at 25° to 780°C from hy- 
drogen evolution rates. Anomalous evolution from air-melted 
iron was attributed to residual hydrogen, which is interpreted as 
a hydrogen compound that decomposes at a strongly temperature - 
dependent rate above 500°C. Above 200°C, D = 0.0014 cm? sec"! 
exp (-3200 cal per g atom/RT). Below 200°C the diffusivity is 
anomalously low and represented by D = 0.12 cn®sec" exp (-7820 


cal per g atom/RT). It is postulated that at low temperatures the 


E. W. Johnson 


hydrogen in the metal is ‘‘trapped’’ with an energy 4.8 kcal per g 


atom below that of the interstitial hydrogen. 


Tue purpose of the present experimental study was 
to determine the diffusivity of hydrogen in a-Fe 
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over an extended temperature range. As certain 
anomalies were encountered, attempts were made 
to understand the anomalies themselves. This re- 
search was in progress both before and after a de- 
termination of the diffusivity of hydrogen in nickel. 
The latter system was found to exhibit none of the 
anomalies of hydrogen in iron, and its description 
was far Simpler. The experiments on nickel also 
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Table 1. Composition of Experimental Heats of Unalloyed Iron 


Fee N Pp Si Mn 

VM1 0.004 0.00054 0.0036 0.005 0.001 (S) 
0.01 0.0040 0.005 0.006 0.06  0.002(W) 

VM2 0.03 0.003 0.011 0.06 0,002 

0.006 0.004 0.0040 0.008 

AMI 0.007 0.006 0.055 0.002 0.0015 0.09 0,002 

AM2 0.006 0.063 

AM3 100.0 0.006 0.004 0.006 0.0015 0.03 0.002 


(S) Supplier’s analysis. 
(W) Westinghouse analysis. 


served to develop confidence in the experimental 
techniques used in the present study. 

The anomalies of hydrogen diffusion in a-Fe have 
been found to be: 

1) The existence of ‘‘residual’’ hydrogen, the 
evolution of which is sufficiently rapid to be de- 
tectable only at high temperatures in the a range 
and above. This effect has been discussed pre- 
viously .? 

2) A decrease of the diffusivity at temperatures 
below 200°C to values well below those obtained by 
extrapolation of diffusivity data from higher tem- 
peratures. 

These anomalies are characteristic of hydrogen 
in iron that has not been cold worked. Additional 
peculiarities resulting from cold deformation of 
iron-carbon alloys have been presented and dis- 
cussed.,* 


EXPERIMENTAL 


The material employed in the present study was 
unalloyed iron from five laboratory heats. One, 
designated VM-1, was a 20-lb heat of vacuum induc- 
tion melted iron (‘‘Ferrovac’’) from the National 
Research Corp. The other four heats were prepared 
in our laboratory by induction melting electrolytic 
iron. Two of these, designated VM-2 and VM-3, were 
induction vacuum melted at a pressure of about 1075 
mm Hg. The remaining two heats, AM-1 and AM-2, 
were air melted. The four heats were cast as 2 1/2 
in. sq ingots. - 

Chemical analyses of all heats are given in Table 
I, A major variability is in the oxygen content, 
which is considerably higher in the air-melted than 
in the vacuum-melted material. 

The ingots were hot rolled (above 1900°F) to 3/4- 
and 5/8-in. diam bars. All material except that from 
heat VM-1 was used in the as-hot-rolled condition. ~ 
The VM-1 iron was additionally swaged at room 
temperature from 5/8- to 3/8-in. diam and annealed 
2 hr at 700°C. The resulting average grain diameter 
was about 0.002 mm, in contrast with 0.1 mm ob- 
tained in the as-hot rolled materials. 

Cylindrical specimens of various diameters and 
lengths, as listed in Tables II and III, were machined 
from the bars. These were hydrogen charged by 
heating in H, gas under either of two sets of condi- 
tions. ‘‘Thermal charging’’ consisted of heating in 
1 atm H, in a conventional tube furnace at tempera- 
tures up to 1370°C. ‘‘Pressure charging’”’ consisted 


Table Il. Diffusivity of Hydrogen in Thermally Charged Iron 


10° D, D, Ave. Ave. Dev., 
Iron Diam, In. Length, In. Charge FT, °C Co» Ppm Ext. T, °C T, Min em?/sec. cm?/sec. Pct 
VM2 0.375 0.832 1350 n.d. 25 6,420 0.22 D7 105" 2.0 
VM2 0.562 1.25 1350 n.d. 25 16,120 0.22 
VM2 0.875 1.94 1350 n.d. 25 36,300 0.21 
AM2 0.281 0.625 1202 6.4 142 DES 11.0 1.0 x 1075 
AM2 0.281 0.625 1152 6.1 We 82.0 9.5 
AM2 0.281 0.625 1202 6.8 190 45.0 17.0 2X Oss 5.6 
AM2 0.281 0.625 1152 n.d. 190 40.0 20.0 
AM2 0.562 1.25 1152 n.d. 190 126.0 25.0 
AM2 0.562 1625, 1360 n.d. 190 134.0 23.0 
AM2 0.281 0.625 1202 6.8 237 137 55.0 5.0 x 107° 18.0 
AM2 0.281 0.625 1152 237 Die 37.0 
AM2 0.562 1.25 1312 8.0 237 52.0 62.0 
AM2 0.562 1,25 1312 8.0 237 72.0 44.0 
AM2 0.281 0.625 1202 6.7 280 12.5 63.0 5.6 x 107° 9.0 
AM2 0.281 0.625 1250 n.d. 280 13.5 58.0 
AM2 0.281 0.625 1152 n.d. 280 17.0 46.0 
AM2 0.75 5 yal 1202 7.4 280 92.0 58.0 
AM2 0.75 Teal 1371 8.7 333 67.0 79.0 7.9 x 1075 
VM3 0.562 0.562 1200* 6.3 503 135 VAX 2.6 
VM3 0.562 0.562 1200* 503 16.5 140 
VM3 0.562 0.562 1200* 503 1335 140 
VM3 0.562 0.562 1200* 503 14.0 . 130 
VM3 0.562 0.562 1200* 6.6 665 13 180 1.8 x 10~* 7.4 
VM3 0.562 0.562 1200* 6.7 665 12.5 190 
VM3 0.50 0.50 1200* 6.1 665 lez 160 
VM3 0.50 0.50 1200* 6.0 665 11.0 170 


n.d. —Not determined; can be estimated from solubility data. 
*Approximate temperature. 
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of heating in a 3-in. diam DISCALOY retort at tem- 
peratures up to 600°C and at H, pressures up to 140 
atm. The pressure charging apparatus was similar 
to that described by Hobson and Sykes,* but was con- 
siderably larger. It could be tilted for water quench- 
ing the specimens within the pressure vessel, and 
was operated remotely from outside a protective 
barrier. The precision of temperature control was 
+5°C and that of pressure control was +5 pct. Fol- 
lowing hydrogen charging by either method, the 
specimens were water quenched and stored in liquid 
nitrogen until ready for examination. 

Thermal charging introduced quenching strains, 
such that specimens subjected to repetitions of the 
charging and quenching cycle experienced internal 
fissuring and distortion as well as grain growth to 
diameters up to 1 mm. In view of this, all thermally 
charged specimens for the present study were 
charged and analyzed only once and then discarded. 
These difficulties were not experienced with pres- 
sure charging, which was generally preferred as a 
method of specimen preparation. 

Hydrogen analysis and diffusion rate measure- 
ments at temperatures above 100°C were performed 
in the apparatus previously described for studying 
hydrogen diffusion in nickel.t An improvement was 
the installation of a 3-stage mercury diffusion pump 
between the extraction furnace and the flowmeter 
orifice. This pump maintained a high vacuum over 
the specimen during the entire extraction period. 
The computational methods were also the same as 
those used with hydrogen in nickel. At extraction 
temperatures below 600°C the gas from all iron 
specimens was over 99.8 pct H, and therefore the 
measured flow rate of the evolved gas, as indicated 
by the flowmeter pressure reading p’, could be 
taken as accurately representing the rate of hydro- 
gen evolution, —dC/dt, from the specimen. 

At temperatures below 100°C the above technique 
lacked sensitivity due to the lower evolution rates 
encountered, and a new apparatus having higher 
sensitivity was employed. This will be described 
elsewhere. Its purpose was to collect successive 
increments of the evolved gas in an initially evacu- 
ated fixed volume, in which the rate of pressure rise 
was measured with a Pirani gage. Each such incre- 
mental pressure rise rate was taken as proportional 
to the rate of hydrogen evolution from the specimen, 
-dt/dt. The apparatus was automated, such that a 
continuous record of the evolution rate was obtain- 
able over a period of several days without manual 
attention. Typical results are plotted in Fig. 2, 
which is discussed further below. 

The primary results of both of the above methods 
of evolution rate measurement were plotted as log 
(-dt/dt) against time. The theoretical form of such 
a curve resulting from diffusion-controlled evolution 
is initially curved and subsequently linear, as has 
been discussed, The slope of the linear portion of 
the curve is defined as 1/7, in which 7 is a time 
constant or ‘‘diffusing time’’ theoretically related 
to the diffusivity D and the specimen length a and 
diameter b by 
4.29 10.05 
of az * 
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This equation was used for computing values of D 
from all the experimental curves. 


RESULTS 


Residual Hydrogen—The presence of ‘‘residual’’ 
hydrogen in addition to the usual ‘ ‘diffusible’’ hydro- 
gen was first detected? from a tendency of the evolu- 
tion rate curve to become nonlinear at large values 
of the extraction time instead of reaching a constant 
slope. A better test was the following: After a speci- 
men was held in the vacuum extraction retort ata 
temperature below 600°C for a sufficient period to 
exhaust the diffusible hydrogen and the evolution rate 
had become quite small, the temperature was raised 
to 850°C for 1 to 2 hr and any additional hydrogen 
was collected. To a first approximation this addi- 
tional hydrogen was taken as the residual hydrogen 
content. The completeness of this extraction was 
checked by graphite crucible vacuum fusion analysis. 
The apparatus blank correction of the 850°C extrac- 
tion was about 0.2 ppm, and that of the vacuum fu- 
sion analysis was 0.2 to 0.6 ppm. Within the limits 
of precision imposed by these blanks it was always 
found that no significant additional hydrogen was ex- 
tracted during vacuum fusion, and it was concluded 
that the extraction of the residual hydrogen at 850°C 
had been essentially complete. 

Application of the above test procedure to about 
30 air-melted and laboratory-charged specimens 
confirmed the previous finding? that residual hydro- 
gen occurs in pressure-charged but not in thermally 
charged material. The rate of residual hydrogen 
formation during pressure charging was quite low, 
with less than 0.3 ppm being formed in 0.357 in. diam 
specimens in 1 hr at 585°C and 68 atm H,. During 
this time the diffusible hydrogen content rose to very 
nearly its equilibrium value of 8 ppm. Continuing 
the 585° pressure charging for 50 to 100 hr, how- 
ever, produced unusually high residual hydrogen 
contents up to 19 ppm. 

It was also found that no significant residual hy- 
drogen could be produced in any of the vacuum- 
melted iron specimens by either thermal or pres- 
sure charging. This suggests that residual hydrogen 
is associated with an impurity in the air-melted 
material and is not a property of the iron itself. 

The rate of residual hydrogen evolution from 0.60 
to 0.75 in. diam air-melted specimens in vacuum 
was checked between 575° and 850°C. Apparent 
values of the ‘‘diffusing time’’ 7 of the residual hy- 
drogen evolution were found to decrease from 16,000 
min at 575° to only 18 min at 850°C, being consist- 
ent with an activation energy of 48 kcal per g atom. 
These 7 values were independent of the specimen 
size, from which it is concluded that the evolution 
rate of the residual hydrogen is not diffusion con- 
trolled. 

The above findings are consistent with a previous 
conclusion? that some of the residual hydrogen is 
converted to diffusible hydrogen and evolved during 
the common analytical procedure of vacuum extrac- 
tion at temperatures around 650°C. Accordingly, 
the amount of residual hydrogen recovered on sub- 
sequent extraction above 800°C would be less than 
the amount present originally. For quantitatively 
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Fig. 1—Rates of H, evolution from 0.50 in diam. by 0.50 in 
iron cylinders at 361°, 465°, and 566°C. 


determining the residual hydrogen content by vacuum 
extraction above 800°C, one should perform the ini- 
tial extraction of the diffusible hydrogen at a rela- 
tively low temperature, such as below 500°C, where 
the rate of residual hydrogen loss is extremely 
small. 

For the remainder of the present research it was 
desired that all specimens be substantially free of 
residual hydrogen. Such specimens could be pre- 
pared by pressure charging vacuum-melted mate- 
rial, by thermally charging either vacuum- or air- 
melted material, or by pressure charging air-melted 
material for less than 1 hr. 

Diffusivity Measurements—The initial attempts to 
measure the diffusivity, D, were performed at high 
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Fig. 3—Diffusion coefficient of hydrogen in iron. 
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Fig. 2—Evolution of hydrogen from iron at 43°C. 


temperatures in the a range with thermally charged 
specimens. The resulting evolution rate plots were 
sometimes nonlinear, a difficulty traced to the exist- 
ence of fissures. The initial air-melted and pres- 
sure-charged specimens also yielded nonlinear 
plots of log (—d¢/dt) against time due to residual 
hydrogen. After these difficulties were discovered 
and eliminated it became possible to obtain linear 
semilogarithmic plots of the rate of evolution of dif- 
fusible hydrogen from both thermally and pressure- 
charged specimens. Examples are seen in Fig. 1, 
which is a plot of the flowmeter pressure reading 
pb' vs time for 0.5-in. diam specimens at three tem- 
peratures. The relation between p’ and D has been 
defined.’ 

The present method of determining D depends 
entirely on the evolution rate’s being diffusion con- 
trolled. This point was repeatedly checked by com- 
paring evolution rate curves from specimens of 
different sizes. The possibility of surface control 
of the evolution rate seemed greatest below 200°C, 
where a marked downward deviation of the diffusivity 
was observed, Fig. 3. Three evolution rate curves 
at 43°C from different specimen sizes are compared 
in Fig, 2. Each of these is initially curved and sub- 
sequently linear in accordance with diffusion theory 
predictions based on the evolution rate’s being dif- 
fusion controlled. The computed diffusivities from 
the different specimen sizes are also seen to agree 
closely. The latter observation is equivalent to say- 
ing that the diffusing time 7 is proportional to the 
square of the specimen diameter, which is the 
strongest evidence that the evolution rate is entirely 
diffusion controlled. 

A similar set of evolution rate curves from dif- 
ferent specimen sizes was obtained at 25°C, and the 
results are given at the top of Table II. These dif- 
fusivity values are also seen to agree closely. 

The results obtained from thermally charged 
specimens are listed in Table II, and those from the 
pressure-charged specimens are in Table IM. Both 
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Table Ill. Diffusivity of Hydrogen in Pressure Charged Iron 
(Charging Temperature 585°C) 


10°52; D, Ave. Ave. Dev., 
A 2 
Iron Diam, In. Length, In. Pressure, Psi cy, Ppm Ext lee T, Min cm’/sec cm*/sec Pet 
VM2 0.562 0.562 1820 25 10,800 0.22 22x 10m 
VM3 0.25 0.25 1750 43 1,050 0.446 4.57x 107’ 1-22 
VM3 0.375 0.375 1750 43 2,300 0.458 
VM3 0.375 0.375 1750 43 2,250 0.462 
VM3 0.50 0.50 1750 43 4,050 0.462 
VM1 0.20 0.875 1650 49 750 0.56 
VM1 0.20 0.875 1650 49 720 0.58 
VM3 0.25 0.25 1750 65.5 320 0.99 9.93 x 107” 
VM3 0.562 0.562 1820 65.5 2,390 0.995 
VM3 0.50 0.50 2000 79 1,050 Wee) 1.79x 107° 
AM3 0.90 0.90 900* 96 2,110 2.9 2.9 x 107° 
AM3 0.60 0.60 940* 190 99 27.0 BIA10= 
AM3 0.60 0.60 905* 290 40 68.0 6.8 x 10-* 
AM3 0.60 0.60 950* 337 33 82.0 8.2 x 10° 
VM3 0.375 0.375 1750 12.6 343 16.5 64.0 6.4 x 107° 
vM3 0.375 0.375 1750 12.3 355 See 69.0 TAPCO 
VM3 0.50 0.50 1750 11.9 361 26 72.0 
VM3 0.375 0.375 1750 12.7 411 13.0 81 8.7 x 107° 6.5 
VM3 0.375 0.375 1750 12S 411 12.5 84 
vM3 0.50 0.50 1750 1233 411 19.5 96 
VM3 0.375 0.375 1750 12.7 465 9.5 110 1x0 9.0 
VvM3 0.375 0.375 1750 12.4 465 9.6 110 
VM3 0.50 0.50 1750 12.0 465 15.0 130 
VM3 0.562 0.562 1820 12.0 482 19.5 130 1.310 
vM3 0.375 0.375 1750 12.4 566 7.2 150 137 SOR 3.7 
VM3 0.50 0.50 1750 12.2 566 11.0 170 
VM3 0.562 0.562 2000 13.3 566 14.0 170 
VM3 0.562 0.562 710 Use? 566 15.0 160 
VM3 0.562 0.562 2000 13.3 566 13.5 180 
VM3 0.562 0.562 710 7.3 566 14.0 170 
VM3 0.562 0.562 330 4.73 566 14.0 170 
VM3 0.562 0.562 330 4.83 566 14.5 160 
VM3 0.375 0.375 1750 12:3 575 es 140 1.6 x 10 S27, 
VM3 0.562 0.562 330 4.86 575 14.5 160 
VM3 0.562 0.562 1080 9.00 75 14.5 160 
VM3 0.562 0.562 1080 8.58 575 14.0 170 
VM3 0.562 0.562 1080 8.92 S15) 15.0 160 
VM3 0.562 0.562 2000 13.3 677 12 200 2.0 x 10~* 
VM3 0.562 0.562 2000 13.1 677 12 200 
VM3 0.562 0.562 1820 12.2 730 £25 190 2.0% 10> 
VM3 0.562 0.562 1820 12 73u 12 200 
vM3 0.562 0.562 2000 13.5 730 12 200 
vM3 0.562 0.562 2000 13.6 730 12 200 
vM3 0.562 0.562 2000 13.2 780 9.5 250 2.4 x 10“ 
VM3 0.562 0.562 2000 1334 780 10.5 230 


*Specimens treated for only 1 hr. 


air- and vacuum-melted iron are represented in 


both tables. The temperature range is 25° to 780°C. 


Values of 7 and D are given as well as the average 


D value at each temperature and the mean deviation, 


The latter varies from 1.2 to 18 pct. 

The average D values are plotted in Fig. 3 as 
logD vs 1/T (T being absolute temperature). Some 
scatter of the experimental points is evident, par- 
ticularly above 200°C. This scatter is greater than 
that found in the work on hydrogen in nickel and is 
also greater than the experimental error of deter- 
mining D in a given specimen. This lack of repro- 
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ducibility is considered to be an additional anomaly 
of the iron-hydrogen system. 

It is apparent that there is no significant differ- 
ence between the measured diffusivities in the 
pressure-charged and thermally charged specimens, 
There is also no discernible difference between the 
hydrogen diffusivities in the AM and VM Specimens. 
Accordingly, the single curve in Fig. 3 is intended to 
represent all the plotted points weighted equally. 
Despite the scatter, the simplest curve that can be 
drawn in Fig. 3 must consist of two distinct lines of 
markedly different slopes. These lines meet (or the 
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curve breaks) at approximately 200°C. The equa- 
tion for the upper line (above 200°) is 


D(cm?/sec) = (0.0014 + 0.0006) 
exp (-3200 + 400 cal/RT). 
The equation applying below 200° is 
D(cm?/sec) = (0.12 + 0.04) exp (—7820 + 160 Calne). 


The stated limits of precision are based on the de- 
gree of scatter of the plotted points and not on the 
experimental error of determining D in each speci- 
men. 

Tables II and III indicate that there is an apparent 
tendency of D to increase with specimen size above 
100°C. This effect is probably not due to partial 
surface control of the evolution rate in view of the 
contrary evidence found below 100°. The latter re- 
sults were obtained with the sensitive incremental 
technique, whereas the D values above 100° were 
obtained by the flowmeter method. Errors of the 
flowmeter technique resulting from the 7 value of 
the Specimen approaching the 7’ value of the flow- 
meter orifice have been noted,! and may have been 
the cause of the D values from the smallest speci- 
mens at the highest temperatures being slightly low. 
At lower temperatures (around 200°C), the relative 
slowness of approach to thermal equilibrium may 
have caused the D values from the smallest speci- 
mens again to be low. 

The straightness of the log (—dc/dt) vs t evolution 
curves suggests that the diffusivity is independent of 
hydrogen concentration in the measured range of 1 
to 14 ppm. Confirmation of this conclusion is ob- 
tained from the reproducibility of the D values at 
566°C, Table III, where specimens charged to dif- 
ferent Cy) values are seen to exhibit no systematic 
dependence of D on Cp. 


DISCUSSION 


It was stated previously? that the description of 
hydrogen diffusion in iron or steel appears to require 
at least two rate constants or that the diffusivity is 
concentration-dependent. This is true only if the 
material contains both residual and diffusible hydro- 
gen. Residual hydrogen has been commonly observed 
in ordinary steels, and in fact is principally re- 
sponsible for the current preference for high-tem- 
perature extraction techniques of hydrogen analysis 
over the simpler method of vacuum heating below 
the a-y transformation. We now see that the re- 
sidual hydrogen effect is independently controllable, 
and may be eliminated entirely by suitable choices 
of the specimen material or hydrogen charging 
method. In the absence of residual hydrogen the 
evolution rate of the (diffusible) hydrogen is diffu- 
sion controlled with D independent of concentration. 

Residual hydrogen appears to be a separate 
chemical species, possibly a compound. The very 
low rate of evolution of the residual hydrogen below 
800°C is apparently controlled by the rate of de- 
composition of the compound and not by diffusion. 
Presumably the decomposition yields diffusible hy- 
drogen, which diffuses through the iron at the same 
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value of D as does the “‘ordinary’’ diffusible hydro- 
gen. Our previous use of the term “‘slowly diffusing’ 
hydrogen for residual hydrogen? was thus improper; 
a more suitable designation would be ‘‘slowly evoly- 
ing’’ hydrogen. 

Many previous studies of hydrogen diffusion in iron 
and steel have been concerned with permeation rates. 
The results of these studies are values of the perme- 
ability, P, which is related to the Sieverts’ law solu- 
bility constant K and the diffusivity D by 


P=KD 


for those cases in which the permeation rate is not 
surface limited. Sykes, Burton, and Gegg® employed 
this relation to compute D from the permeability 
data of Smithells and Ransley® and Bennek and 
Klotzbach,’ and the solubility data of Sieverts.® A 
Similar computation was performed by Geller and 
Sun® using the permeation data of Bennek and Klotz- 
bach and the ‘‘most probable’’ solubility data from 
the literature, 

A disadvantage of computing D from independent 
solubility and permeation data is that K becomes 
very small and difficult to measure accurately as 
the temperature is lowered, and thus the accuracy 
of determining D is limited by the uncertainty of 
K. The present method of determining D from 
nonsteady flow rate measurements is independent 
of the solubility and is not subject to the above lim- 
itation. Other recent studies employing the non- 
steady evolution method are those of Demarez, Hock, 
and Meunier,” Stross and Tompkins,’® and Eichen- 
auer, Kiinzig and Pebler.“* 

The principal results of the above studies as well 
as our Own are Summarized in Table IV as values 
of the constants D, and E, in the equation 


D = Dy exp (-Eq/RT). 


The agreement among these results is much better 
above 150°C than below this temperature. The val- 
ues of Dy above 150°, moreover, are in generally 
good accord with the theory of lattice interstitial 
accommodation and diffusion of the hydrogen.*® The 
solubility above 400°C® is also consistent with this 
view. At the upper end of the a-Fe temperature 
range, then, the diffusible hydrogen is most prob- 
ably accommodated as single particles (atoms or 
ions) dissolved in the lattice interstices. 

The activation energy of interstitial diffusion 
should be given by the slope of a plot of log D vs 
1/T (i.e., Eg in Table IV) for those cases in which 
interstitial diffusion alone is rate controlling. The 
value of this activation energy obtained from the 
slope of the curve portion above 200°C in Fig. 3 is 
3.2 keal per g atom. In view of the scatter of these 
data as well as the results of Stross and Tompkins 
and of Eichenauer et al., however, it appears that a 
more probable value of the interstitial activation 
energy is about 3.0 kcal per g atom. 

The anomalous diffusivity at low temperatures is 
indicated by the break in the logD vs 1/T curve, 
Fig. 3, at 200°C. A similar phenomenon has been 
observed in numerous permeation studies including 
those of Borelius and Lindblom,” Smithells and 
Ransley,® Chang and Bennett,!” and Ham and Rast.” 
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Table IV. Summary of Literature Data for the Diffusivity of Hydrogen in @-Fe: Constants in the Equation D = Dy exp (-E,/RT) 


Temperature Eq, 
Investigator(s) Year Ref. Material Method Range, °C cm?/sec cal/g atom 

Sykes, Burton, and Gegg 1947 5 iron permeability 400 to 900 0.00076 2280 

Geller and Sun 1950 9 iron permeability 400 to 900 0.0022 2900 

Stross and Tompkins 1956 13 iron evolution rate 150 to 650 0.00088 3050 

Eichenauer, Kiinzig, and Pebler 1958 14 Armco iron evolution rate 200 to 774 0.00093 2700 

Present research iron evolution rate 200 to 780 0.0014 3200 

Lower Temperature Data 
Smialowski 1957 23 mild steel time lag (non- 30 to 90 0.0021 3300 
steady permeation) 

Frank, Swets, and Fry 1957 22 mild steel non-steady permeation 26 to 90 0.0050 3400 
(absorption) 

Frank, Swets, and Fry 1957 22 mild steel non-steady permeation 26 to 90 0.19 6320 
(evolution) 

Hobson 1958 21 2%pct Ni-Cr-Mo steel evolution rate 20 to 125 182 12,100 

Present research iron evolution rate 25 to 200 0.12 7820 


The latter workers obtained precise plots of perme- 
ability against temperature exhibiting unusually 
sharp breaks. 

The behavior of the diffusivity alone as a function 
of temperature has not been previously explored in a 
single study covering the entire temperature range 
of the present work. The data of Stross and Tomp- 
kins extend down to 150°C without showing any sign 
of the present anomaly. However, the existence of 
this anomaly is well documented by available data 
for the diffusivity at room temperature. In this con- 
nection Sykes, Burton, and Gegg® attempted to com- 
pute the room-temperature diffusivity by extrapola- 
ting solubility and permeability data from above 
400°C and obtained the misleading result of 1.5 x 
107° cm?/sec. Almost the same value, viz 1.6 x 107, 
was obtained by Geller and Sun® using the same 
method. However, much lower diffusion rates have 
been observed in laboratory practice. A direct de- 
termination of D from nonsteady permeation rates 
(‘‘time lag’? method) by Barrer’ yielded only 2 x 
10°°* cm ?/sec as the diffusivity at room temperature. 
More recently, however, Schuetz and Robertson”? 
using a method similar to Barrer’s have confirmed 
our own result of 2 x 107’. 

This 70-fold discrepancy between the actual room- 
temperature diffusivity and the value obtained by 
extrapolation from higher temperatures has re- 
cently been discussed by Hobson,”! who used a tech- 
nique Similar to ours for measuring D in several 
steels at five temperatures from —78° to 200°C. 

The fastest diffusion was found ina 2.5 pct Ni-Cr- 
Mo steel, in which the room-temperature diffusivity 
was 3.2 xX 1077. This and two other points at 50° and 
100° yielded a linear plot of log D vs 1/T that inter- 
cepted the higher temperature line at 125°C and had 
a Slope corresponding to an activation energy of 12 
kcal per g atom. 

The nonsteady permeation measurements of 
Frank, Swets, and Fry” indicate that the diffusivity 
operative during evolution is quite close to that re- 
ported here but that a much higher value approximat- 
ing the extrapolated D of Sykes et al. applies during 
hydrogen absorption while the specimen is rubbed 
with sandpaper under water. Smialowski?? has re- 
ported a similarly high result from Raczynski’s ap- 
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plication of the ‘‘time lag’’ method. 

The low-temperature anomaly of hydrogen diffu- 
sion in iron or steel has often been attributed to sur- 
face control of the evolution or permeation rate, but 
this explanation is not supported by the experimental 
data. Diinwald and Wagner” have pointed out that the 
observed time constant (e.g., 7) of a surface-con- 
trolled process must vary inversely with the speci- 
men surface area while that of a diffusion control- 
led process is proportional to the thickness squared. 
The good conformance of the present evolution data 


- to the latter relation has led us to the conclusion 


that the evolution rate is diffusion controlled. 

Another consequence of the above relations is that 
the probability of diffusion control is highest with 
the largest specimens while that of surface control 
is greatest with the smallest specimens. In this con- 
nection Hudson, Norris, and Stragand?> detected ap- 
parent surface control of the rate of hydrogen evo- 
lution from steel samples only 0.94 mm thick. The 
most reliable diffusivities, then, should be obtained 
from the largest specimens. A pertinent experiment 
is that of Sims,”° who measured the rate of hydrogen 
loss from 4-in.-Ssq cast steel coupons containing ini- 
tially 3.4 ppm H during a 43-months’ period of room- 
temperature storage. We have replotted Sims’ data 
as loge against time and obtained an evolution curve 
of the form predicted by diffusion theory after ap- 
plication of a residual hydrogen correction of 0.95 
ppm. (This value was arrived at by a trial and error 
procedure to make the final portion of the curve 
linear.) The resulting diffusivity was 2 x 10-7 cm?/ 
sec. The excellent agreement of this value with 
those from much smaller specimens tends strongly 
to confirm the conclusion that hydrogen evolution 
from massive specimens at room temperature is 
diffusion controlled. A similar confirmation at 
204°C is obtained from the data of Sims, Moore, and 
Williams."4 

The present room-temperature diffusivity value 
of 2.2 x10 ’cm’*/sec falls nicely on the straight line 
in Fig. 3 fitted to the other data points below 200°C. 
The reproducibility in this range is quite good, and 
it is believed that considerable confidence may be placed 
in these data for the purpose of computing rates of 
hydrogen evolution from iron and low-alloy steels. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


The downward deviation of the log D vs 1/T curve 
is qualitatively similar to that found in cold-worked 
iron-carbon alloys,’ but here it occurs at a lower 


temperature and the effect is generally much weaker. 


The hydrogen behavior in the cold- worked alloys 
was attributed to the presence in the metal structure 
of hydrogen ‘‘traps,’’ and a similar explanation ap- 
pears to be valid in the present case. 

It was assumed previously® that the trapped hy- 
drogen in cold-worked steel is at equilibrium with 
the hydrogen dissolved in the a-Fe lattice and that 
the primary rate-limiting step in diffusion was the 
movement of hydrogen atoms among the interstitial 
sites. As the temperature is lowered, however, the 
rate-controlling step must eventually become the 
transfer of hydrogen particles from the traps into 
the normal lattice sites, or ‘‘detrapping’’ The tem- 
perature dependence of the evolution rate would then 
be determined by the activation energy of detrapping 
alone. 

The linearity of the logD vs 1/T curve below 
200°C in Fig. 3 suggests that the diffusion rate in 
this temperature range is controlled by a single 
process having an activation energy of 7.8 kcal per 
g atom. This is presumably the activation energy 
of detrapping. Since the activation energy of lattice 
diffusion is about 3.0 kcal, we may conclude that the 
net energy change accompanying the trapping of lat- 
tice dissolved hydrogen is about —4.8 kcal per g 
atom. 

The lack of reproducibility of the present diffu- 
Sivity data above 200°C suggests that the system is 
passing through some kind of a transition in this 
temperature range. The major evidence for this is 
the break in the diffusivity curve at 200°C, Fig. 3. 
The unusually sharp breaks in the permeation rate 
vs temperature curves obtained on single specimens 
by Ham and Rast” suggest that the traps in each 
specimen form suddenly as the temperature is : 
lowered, although the temperature of this occurrence 
is variable among the different specimens. The 
scatter of our own data is greatest in the same tem- 
perature range of 200° to 500°C as that in which 
Ham and Rast’s curves for the purer grades of iron 
exhibit their sharp breaks. 

The higher reproducibility of D found below 
200°C suggests that in this temperature range the 
concentration of traps in all specimens was effec- 
tively the same. The fact that the room-temperature 
diffusivity of hydrogen in many ferritic materials 
including carbon steels is quite close to the pres- 
ent value of 2.2 X 10~” cm’/sec suggests that the 
trap configuration is a reproducible and intrinsic 
property of the a-Fe structure or the a-Fe-H sys- 
tem alone. There is no apparent dependence of D 
on the carbon content, for example, in strong con- 
trast with the behavior of the diffusivity in cold- 
worked steels. Additional evidence is Ham and 
Rast’s finding that the highest ‘‘transition’’ tem- 
peratures (485°C on heating and 315° on cooling) 
occurred in the purest iron. 


SUMMARY AND CONCLUSIONS 


The anomalous diffusion of hydrogen in a-Fe may 
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be attributed to two separate phenomena. One is the 
residual hydrogen effect, which is normally noticed 
only at temperatures above 600°C, and the other is 
the existence of traps, which is normally noticed 
only at temperatures below 300°C. The mutual in- 
dependence of these effects is evidenced by the fact 
that the tendency to form residual hydrogen may be 
eliminated entirely by suitable choices of the speci- 
men conditions, while the low-temperature trapping 
phenomenon is evidently an intrinsic property of the 
a-iron-hydrogen system itself. 

Residual hydrogen, which is common in ordinary 
steels, occurred in laboratory air-melted iron spec- 
imens that were hydrogen pressure charged, but not 
in vacuum-melted or thermally charged specimens. 
It appears to be associated chemically with an im- 
purity in the air-melted iron, possibly as a com- 
pound that decomposes rapidly above 800°C to yield 
diffusible hydrogen. The low evolution rate of the 
residual hydrogen below 800°C is presumably con- 
trolled by the decomposition of the compound with 
an activation energy of 48 kcal per g atom. 

The anomalies attributed to the existence of traps 
are the abnormally low diffusivity below 200°C and 
the poor reproducibility of the diffusivity data from 
different specimens between 200 and 500°C. At 
higher temperatures the diffusivity is consistent 
with the view that the hydrogen is dissolved as sin- 
gle particles (atoms or ions) in the lattice inter- 
stices. The activation energy of this lattice diffusion 
is about 3.0 kcal per g atom. Below 200°C the dif- 
fusivity is significantly lower than the extrapolated 
values, being at room temperature 2.2 x 10-7 cm*/ 
sec or about 1/70 the extrapolated value. The plot 
of log Dvs 1/T between 200 and 25°C is linear, 
quite reproducible, and consistent with an activation 
energy of diffusion of 7.8 kcal per g atom. The en- 
ergy change accompanying the trapping of inter- 
stitially dissolved hydrogen is computed as —4.8 
keal per g atom. 

The poorer reproducibility of the diffusivity data 
above 200°C is consistent with previous measure- 
ments in suggesting that the formation of the traps 
in any given specimen occurs suddenly as the tem- 
perature is lowered, with the temperature of this 
trap formation being different in the different speci- 
mens. The relatively good agreement of diffusivity 
values from different ferritic materials at room 
temperature suggests that here the concentration of 
traps in all materials is effectively the same, and 
also that the trapping phenomenon is an intrinsic 
property of the a-Fe structure alone. 
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Stability Relations of Calcium Ferrites: Phase 


Equilibria in the System 


2CaO Above 1135 C 


The quenching technique has been used for a study of phase 
relations within the composition triangle 2CaO-Fe,03-FeO:Fe203- 
Fe,O; of the system Ca-Fe-O. Desired total compositions of sam- 
ples were attained by weighing of starting materials in required 
proportions and keeping them in sealed 80 pct Pt 20 pct Rh tubes 


during equilibration runs. The liquidus surface has been delineated, 


Bert Phillips 


the existence of two ternary compounds has been established, and 


seven ternary invariant situations have been determined. 


One unit within the research program on refracto- 
ry oxides in progress in our laboratories is the study 
of phase relations in the system Ca-Fe-Si-O. The 
present paper deals with the ternary system 
2CaO: Fe203- FeO- Fe203- Fe2O3, which is only a small 
part of the enormously complex quaternary system. 
Many of the phases occurring in iron ore sinter pro- 
ducts have compositions which canbe closely approxi- 
mated within this ternary system, and a knowledge 
of stability relations existing among these phases 
may be expected to be a useful guide for improving 
Sintering operations. 

Two fundamentally different experimental approach- 
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es are commonly used in studies of systems contain- 
ing iron oxides, both permitting control of the oxi- 
dation state of Fe. One method consists in keeping 
constant the oxygen partial pressure of the gas phase 
in equilibrium with condensed phases (liquid and 
crystalline). In the other method, which is the one 
used in the present investigation, the total compo- 
sition of condensed phases is kept essentially con- 
stant by keeping the samples in a gas-tight container. 
The details of this experimental procedure will be 
described in a later section. 


PREVIOUS WORK 


Extensive studies of phase relations in the bound- 
ing binary system FeO-Fe,03- Fe203 have been report- 
ed by Greig, Posnjak, Merwin, and Sosman,’ by 
Darken and Gurry,””° and recently by Phillips and 
Muan. A diagram summarizing the results of these 
studies is shown in Fig. 1. Particular attention is 
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Fig. 1—Diagram illustrating phase relations in the system 
FeO. Fe,03;—Fe,03, redrawn from Phillips and Muan‘ on 
the basis of their data as well as those of Greig, Posnjak, 
Merwin, and Sosman,! and of Darken and Gurry.?)3 


called to the solid solution of Fe2O3 in FeO: Fe2O3 
and the appearance of a eutectic at 1566°C where 
magnetite, hematite, liquid and gas (Po, = 16 atm) 
coexist in equilibrium. 3 

Phase relations inthe system Fe-Fe203-2CaO-Fe,0, 
have been studied by Martin and Vogel.” A diagram 
for that part of the system which is particularly 
pertinent to our investigation is reproduced in Fig. 2, 
showing a projection of the liquidus surface. The 
diagram is in conflict with relations established in 
more recent literature. The magnetite-hematite 
boundary curve is in a position which disagrees with 
the data of Darken and Gurry”® and of Phillips and 
Muan* on FeO: Fe203- Fe2O3 equilibria, and also there 
is no area of occurrence of CaO-2Fe203 as a primary 
crystalline phase. The existence of the latter com- 
pound as a stable crystalline phase has been shown 
by Edstrém,’ and its stability range has been redeter- 
mined by Phillips and Muan. Diagrams reproduced 
from the work of the latter authors are presented in 
Figs. 3 and 4, showing phase relations in the system 
CaO-iron oxide in air and at 1 atm O pressure, re- 
spectively. 

Holmquist® has identified two new ternary com- 
pounds in the system 2CaO- Fe203- FeO- Fe203- 
at approximately 1000°C. The compositions of these 
phases were determined to be approximately 
3CaO-FeO-7 Fe2O; (12.4 wt pct CaO, 5.3 wt pct FeO, 
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Fig. 2—Diagram illustrating phase relations at liquidus 
temperatures in the system 2CaO-Fe,0,—FeO-Fe,03-Fe,Os, 
as reported by Martin and Vogel. 


82.3 wt pct Fe,O,) and 4CaO-FeO-4Fe,0; (24.0 wt pct 


_ CaO, 7.7 wt pet FeO, 68.3 wt pct Fe2O3), respectively. 


EXPERIMENTAL METHOD 


1) General Procedure—The quenching technique 
was used in this investigation. Finely ground and 
mechanically mixed samples prepared from wustite 
and premelted mixtures of CaO and Fe,O3; were sea- 
led in 80 pct Pt 20 pct Rh tubes. These tubes were 
then heated for 1/2 to 2 hr at controlled temperature, 
and subsequently quenched rapidly into a pool of 
mercury. The phases present in quenched samples 
were determined by microscopic and X-ray exami- 
nation. Constancy of composition of condensed phases 
during the run was checked by chemical analysis of 
quenched samples. 

2) Starting Materials and Preparation of Samples— 
The chemicals used as starting materials in this 
study were reagent grade (‘‘Baker Analyzed’’). Cal- 
cium carbonate (CaCO ), used as a source for CaO, 
was dried at 380°C for 16 hr, and ferric oxide was 
dried at 400°C for 20 to 24 hr. Powdered samples, 
obtained by grinding mixtures homogenized at high 
temperature (1400°C), were held at 1100° to 1200°C 
for 16 to 24 hr to yield a product in which essentially 
all iron was present as Fe . To these mixtures, 
wistite* was added. After mechanically mixing and 


*Wiistite was obtained by heating iron oxide of approximately 
FeO-Fe,0, composition in an atmosphere of CO, and H, in ratio 1:1 
at 1200°C. The resulting product analyzed 89.5 pct FeO, 10.5 pct 
Fe,O,. 


grinding them to pass a 200-mesh screen, these 
mechanically mixed powders were used as starting 
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Fig. 3—Diagrams illustrating phase relations in the system 
CaO-iron oxide in air, after Phillips and Muan.’ The upper 
part of the figure shows phases present as a function of 
temperature and total composition of the mixtures, and the 
lower triangular portion shows compositions of liquids at 
liquidus temperatures, as explained in detail in the origi- 
nal paper. 


materials for the equilibration runs. Samples were 
placed in 80 pct Pt-20 pct Rh alloy tubes which had 
already been sealed at one end. The tubes, = 15 mm 
long with an inside diameter of 2 1/2 mm, were filled 
to approximately one-half of capacity. The upper, 
unfilled portion was closed by squeezing the tube. 
The sample-containing portion of the tube was also 
partly compressed to keep free space in the tube at 
a minimum. After heating the squashed tubes to a 
dull red for 2 to 5 sec, the flattened ends were sealed 
by melting them in a hydrogen-oxygen flame. The 
purpose of the heating before sealing was to drive 
excess air from the tube and to remove adsorbed 
water from the sample. 

3) Furnaces and Temperature Control—Vertical 
tube furnaces of conventional design were used. Fur- 
nace windings were of 80 pct Pt 20 pct Rh alloy. Tem- 
peratures within the furnace tube were controlled by 
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Fig. 4—Diagrams illustrating phase relations in the system 
CaO-iron oxide in oxygen at l-atm pressure after Phillips 
and Muan,” The type of representation used is the same 

as that in Fig. 3. 


a Pt-90 pct Pt 10 pct Rh alloy thermocouple set 
close to the winding and connected to commercial 
electronic temperature control instruments. Tem- 
peratures within the furnace were read before and 
after each run with a Pt-90 pct Pt 10 pct Rh alloy 
thermocouple. The thermocouples were calibrated 
frequently against a standard thermocouple which 
was occasionally calibrated at fixed points defined 
as follows: melting point of gold, 1063°C; melting 
point of diopside, 1391.5°C; melting point of pseudo- 
wollastonite, 1544°C. These fixed points are in ac- 
cordance with the Geophysical Laboratory Scale, 
which is practically identical to the 1948 Internation- 
al Temperature Scale up to 1550°C. 

4) Examination of Quenched Samples— Condensed 
phases in the quenched samples were identified by 
microscopic examination. Transmitted light tech- 
niques supplied little information because the sam- 
ples were always opaque, and therefore reflected 
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Table |. Results of Equilibration Runs 


Table |. (Continued) 


Temp. of Compositi f Mi 
Equilibration “We Pet E Composition of Mixture, 
Run, °C quilibration Wt Pct 
un Phases Present* CaO FeO Fe,0, Run, °C Phases Present* CaO FeO Fe0 
1194 Magn. + C,F’F,+ Hem. 7.5 9.2 83.3 , = 
1408 Lig. + Magn. + Hem. 
1278 Liq. + Magn. + Hem. : 1194 C,F’F, + Hem. + Magn. 11.2 4.6 84.2 
1230 Liq. + Magn. + Hem. + C,F’F, 1408 Liq. + Hem. 11.5 5.0 83.5 
1219 Magn. + Hem. + C,F’F, 1378 Lig. + Hem, 
1408 Liq. + Magn. 10.0 19.7 0.2 1358 Liq. + Hem. + Magn. 
1214 Liq. + Magn. : foes 1260 Liq. + Hem. + Magn. 
1199 Liq. + Magn. + C,F’F, 1224 C,F’F, + Hem. + Magn. 
1189 Maen. + CF 1243 Liq. + Hem. 11.8 
1408 Lig. + Magn. 10.8% 1234 Lig. + Hem. 
1240 Liq. + Magn. 1219 C,F’F, + Hem. + CF, 
1190 Magn. + C,F’F, + CF 1191 C,F’F, + Hem. + CF, 
1408 Liq. Magn. 10.8 9.5 79.7 1134 +Hem. + CF 
1368 Lig. + Magn. + Hem. 1194 C,F’F, + CF, + Hem. 12 er Def, 84.6 
1331 Liq. + Magn. + Hem. 1194 C,F’F, + CF, + Hem. 14.2 0.8 85.0 
1230 C,F’F, + Magn. + Hem. 
8 1203 C,F’F, + CF 14.5 2.0 83.5 
1280 Liq. + Magn. 11.8 74.4 1261 
1199 Liq. i Magn. iq. + Hem. 17.4 25 80.1 
1168 Magn. + CF Gall 
1364 16.2 1215 Liq. 21.0 3.0 76.0 
1344 Liq. + Magn. : 1216 Liq. 23.8 5.0 71.2 
1275 Liq. + Magn, 1209 C.F F, + CF + Magn. 
1198 Lig. + Magn. + C,F’F, 1218 Liq. 24.0 10.2 65.8 
1193 C,F’F, + CF + Magn. 1209 + Magn. +C,F 
1260 —_Liiq. + Magn. (7.5. Lig. 24.1 7.122688 
1220 Liq. + Magn. 1209 Liq. + Magn. + C,F’F, 
1130 CF + Magn. + C,F’F, 1230 Liq. 24.7 4.9 70.4 
1334 Lia. 18.0 9.5 ‘ 1223 Liq. + C.F 
1314 Lig, + Magn. 1209 C,F’F, + CF 
1224 Lig. + Magn. 1244 Liq. ~ 24.9 7.0 68.1 
1206 Lig. + Magn. + C,F’F, 1243 Liq. + 
1201 Liq. + Magn. + C,F’F, 1219 Liq. + C,F 
1192 Magn. + CF 1209 + CE 
1235 Liq. + Magn. 19.0 5.0 76.0 1374 Liq. 31.3 2.5 66.2 
1202 Lig. + Magn. : 1331 Liq. + C,F 
1195 Liq. + CF + Magn. 1271 Liq. + C,F 
1244 Liq. 22.5 9.5 68.0 
1226 Lig. + Magn. *Abbreviations used have the following meanings: Hem. =crystals of 
1216 Lig. + Magn. hematite; Magn. ~=crystals of magnetite; CF,=crystals of CaO-2Fe,0,; 
1209 C,F’F, + Magn. CF =crystals of CaO-Fe,0,; C,F=crystals of 2CaO-Fe,0,; C,F’F,= 
1216 Lig: 3.1 7.2 69.7 of 4CaO-FeO-4Fe,0,; C,F’F, =crystals of 4CaO-FeO:8Fe,0,; 

1209 Lig. + C,F’F, + Magn. 
1223 Liq. 23.4 9.3 67.3 


light techniques were used almost exclusively. Cal- 
cium oxide containing phases observed in polished 
sections showed only minor differences in reflectivi- 
ties, and reliable identification could be achieved 
only after considerable familiarity was established 
with respect to size and shape of the crystals. The 
identity of phases was confirmed by powder X-ray 
diffraction examination. 

For checking purposes, chemical analyses for FeO 
were performed on two samples before and after 
sealing in the tubes, and after sealing and heating at 
1250°C for 2 hr. The following analytical procedure 
was used: Approximately 0.2-g samples were heated 
to boiling in 20 ml 1:3 H,SO, in a covered platinum 
crucible. When steam evolved, 5 ml of HF were ad- 
ded and the solution allowed to boil slowly for 5 to 
10 min. The crucible was then plunged into a 5 pct 
H.SO, solution saturated with boric acid, and the 
solution was titrated with 0.05 N KMnQ,. The results 
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indicated no measurable change in FeO content cau- 
sed by the sealing procedure and =1 pct change in 
FeO content after the 2-hr run. 

The compositions of the samples chosen for analy- 
sis were close to the FeO: Fe,0,-2CaO-Fe,03 outline 
of the triangle representing the system, and hence 
the oxygen pressure in equilibrium with the liquid at 
liquidus temperatures is low and the activity of me- 
tallic iron in the melt is high as compared with those 
in other mixtures used. It is therefore concluded 
that the use of sealed Pt-Rh tubes for containing 
samples in the present investigation is a satisfactory 
method for keeping compositions of condensed phases 
approximately constant. 


RESULTS AND DISCUSSION 


Results of equilibration runs are presented in 
Table I. These data are combined with information 
available in the literature toestablish phase relations 
at liquidus temperatures, as illustrated in Fig. 5. 
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Fig. 5—Diagram illustrating phase relations at liquidus 
temperatures in the system 2CaO-Fe,03—FeO -Fe,03—Fe,03, 
based on data obtained in the present investigation. Heavy 
lines are boundary curves, with arrows pointing in direct- 
ions of decreasing temperatures, light lines are liquidus 
isotherms, and light dash-dot lines are oxygen isobars (at 
liquidus temperatures) whose approximate locations were 
determined by methods explained in text. Compositions of 
ternary compounds are estimated to be accurate to + 2 pct 
of the oxide components. 


The following crystalline phases are present in sta- 
ble equilibrium with liquids in the system; magnetite 
(approximate composition FeO-Fe,0,), hematite 
(Fe,03), CaO-2Fe,O3, CaO-Fe,03, 2CaO-Fe, 03, and 
two ternary phases of approximate compositions 
4CaO:FeO:8Fe,0O, (~ 14 wt pet CaO, 5 wt pct FeO, 
81 wt pet Fe,Os) and 4CaO-FeO-4Fe,0, (~ 24 wt pct 
CaO, 8 wt pct FeO, 68 wt pct Fe.O;). Some ternary 
solid solution may exist in the two latter phases; no 
attempt to determine accurately their composition 
limits was made-in the present investigation. 

Seven invariant situations have been approximately 
located within the ternary system. Crystalline phases 
present, liquid composition and temperature at each 
are given in Table II. Each assemblage is numbered 


Table Ill. Powder X-Ray Diffraction Data for Ternary Phases in 
the System 


4Ca0-FeO-4Fe,0, 4CaO-FeO-8Fe,0,* 


d-Spacing I/Iy, Pet d-Spacing I/1,, Pet 

11.33 15 4.92 20 
5.60 25 25 
3.79 5 2.98 40 
3.00 30 2.87 10 
2.81 100 2.69 30 
2.59 15 2.62 70 
2.50 10 2.59 100 
DS) 10 2.56 5 
2.25 5 2.46 5 
2.07 5 2.16 20 
1.84 5) 2.00 15 
1.74 5 1.72 30 
1.58 15 
151 5 
1.50 10 


*These phases are reported as if they are of stoichiometric compo- 
sition. However, they may exhibit some solid solution. 
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Table II. Summary of Invariant Situations in the System 


Composition of Liquid, 


Temp., Wt Pct 
No.* “Xe! Phases Present** CaO FeO Fe,0, 
I 1210 Liq. + C.F + CF + 23.0 2.0 75.0 
Il 1212‘ Liq. + C,F + Magn. + C,F’F,' 23.0. 5.0" 
Ill 1197 Lig. + CF + Magn. + C,F’F, 20.0 4.0 76.0 
IV 1194° Liq. + CF -19.5.-" 3.5 
Vv 1230 Liq. +Magn.+Hem.+C,F’F, 17.0 3.5 79.5 
VI 1220 ‘Liq. +Hem. +CF,+C,F 
VII 1200 Liq. +CF, + CF +C,F’F, 19.5 2.0: 78.5 


Probable maximum on CF—C,F’F, boundary curve: 
1205 Liq. + CF +C,F’F, 19.5 25) 78.0 


*Numbers are the same as those marking the invariant pointsin 


Fig. 5s 
**Abbreviations used have the same meanings as explained in Tablel. 


to correspond to the labeling of invariant points in 
Fig. 5. Powder X-ray diffraction data for the two 
ternary phases observed are given in Table III. 
Isothermal sections showing equilibrium phase 
assemblages at selected temperatures in the range 
from 1135° to 1230°C are presented in Fig. 6. Includ- 
ed in the sections is an area representing magnetite 
solid solution to comply with data on the solubility of 
hematite in magnetite’ * and data of Burdese and 
Brisi’ on the solubility of CaO-Fe,O,; in magnetite. 
Two diagrams representing phase relations along 
the join FeO: Fe,03-CaQO-Fe20; are presentedas Figs. 
7(a) and (b). The diagram shown in Fig. 7(@) is based 
mainly on the data of Martin and Vogel,’ with addi- 
tion of a magnetite solid-solution field as suggested 


by Burdese and Brisi.® Phase relations illustrated 
in Fig. 7(b) were determined by derivation of equi- 
librium crystallization paths for selected mixtures 
along this join, based on data obtained in the present 
work. 

When using the diagram in Fig. 5 it is important 
to keep in mind that the oxygen partial pressure of 
the gas phase varies as compositions of condensed 
phases vary across the diagram. Locations of dash- 
dot curves illustrating variations in oxygen partial 
pressures across the diagram were inferred in the 
following way: approximate values of oxygen pres- 
sures at liquidus temperatures in the system 
FeO: Fe20;- Fe,03; are known from experimental work 
(see Fig. 1). The positions of the 0.21-and 1-atm iso- 
bars in the ternary system have also been determined 
experimentally (see Figs. 3 and 4). Furthermore, 
the data of Darken and Gurry’”® on the magnetite- 
hematite equilibrium in the system Fe-O may be ex- 
tended into the present ternary system if the small 
amount of substitution of Ca°** for Fe’* in the magne- 
tite structure is neglected.’ Thus approximate values 
of oxygen pressures of the gas phase in equilibrium 
with condensed phases along the magnetite-hematite 
boundary curve in the ternary system, Fig. 5, may 
be obtained. As an example, the 1077 atmosphere 
oxygen isobar crosses the boundary curve at approxi- 
mately 1250°C, the temperature of coexistence of 
magnetite and hematite in the system Fe-O at this 
level of oxygen pressure. The points discussed above 
serve as a guide in suggesting the positions of other 
oxygen isobars sketched in the diagram of Fig. 5. 
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The diagram in Fig. 5 deviates in many important 
respects from that reported by Martin and Vogel, 
Fig. 2.° Their diagram lacks areas representing 
stability fields of the two ternary phases and one 
binary phase (CaO-2Fe,0;). They have also drawn 
the magnetite-hematite boundary curve to a position 
on the Fe-O binary which is in conflict with the data 
on the system FeO: Fe,03-Fe,03;. Furthermore, their 
diagram does not suggest approximate locations of 
oxygen isobars at liquidus temperatures. 


Compositions and X-ray patterns of the ternary pha- 


ses observed in equilibrium with liquids inthe present 


investigation are in good agreement with those reported 


by Holmquist® to be stable at approximately 1000°C. 
A notable feature of the diagram in Fig. 5 is the 
fact that the primary areas of magnetite, hematite 
and 2CaO-Fe,O, together occupy approximately 95 
pet of the total area of the composition triangle, 
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LEGEND 


18. LIQ.+ CF Fe 

19. LIQ.+ MAGN. + CF 

Fig. 6—Isothermal sections illustrating 
CaF'Fe phase relations at various temperatures 
23, MAGN. + in the system 2CaO -Fe,03— FeO -Fe,03— 
24. MAGN. +CF Fe,03, based mainly on data obtained in 
25. MAGN. +C,F +C4F'F, the present investigation. A field of mag- 
26. MAGN.+CF +C4F'Fe netite solid solutions is included in ac- 
27. MAGN.+CF *CaFFs cordance with data of Greig, Posnjak, 


28. MAGN.+HEM.+CaF'Fe Merwin, and Sosman! and of Burdese 
29, HEM.+Ch + CaF Fe and 

30. +CF +CaF'Fy 

31. CF + CoF + CaF Fy 

32. CF + CFp + CaF'Fg 

33. HEM.+CF+ C,F'Fe 


leaving what may seem to be an insignificant 5 pct 
for the remaining four areas where the other phases 
are primary. However, even though they exist in 
very small areas on the liquidus surface, these 
latter phases may be important in ore sintering pro- 
cesses. All four persist to subsolidus temperatures, 
and a wide range of compositions within the system 
will yield one or more of these phases in the phase 
assemblages if equilibrium prevails. The use of the 
phase CaO-2Fe,O; as a binder in ore pellets has 
already been suggested.° This phase is stable over 

a narrow temperature range, below which it dissoci- 
ates to CaO-Fe2,03 and Fe,O3;. The range has been 
found to increase with decreasing oxygen pressures,’ 
but data in the present study show that the lower 
limit is always above 1135°C in equilibrium phase 
assemblages obtained in the system 2CaO-Fe,03-FeO- 
Fe,0;- 
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Fig. 7—Diagrams illustrating phase re- 
lations in the join FeO-Fe,03;—CaO-Fe,03 
of the system 2CaO-Fe,03—FeO-Fe,03— 
Fe,03. (a) shows the diagram drawn by 
Martin and Vogel,® with a magnetite 
solid solution field as introduced by 
Burdese and Brisi.’ (b) was drawn on 
the basis of the present work by select- 
ing mixtures along the join and follow- 
ing crystallization paths in the ternary 
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SUMMARY 


The quenching technique has been used in an inves- 
tigation of phase relations in the system 2CaO-Fe20, 
-FeO-Fe,0;- Fe.0; in the temperature interval 1135° 
to 1408°C. Samples were kept in sealed 80 pct Pt 
20 pct Rh tubes in order to maintain total composi- 
tion of condensed phases approximately constant 
during equilibration. 

The following crystalline phases have been found 
to have stable existence at liquidus temperatures: 
magnetite (approximate composition FeO: Fe20s), 
hematite (Fe,0,), 2CaO-Fe20s, 
and two ternary phases with approximate composi- 
tions 4CaO-FeO-8Fe,0; and 4CaO-FeO-4Fe,0;, re- 
spectively. The latter two phases, as well as 
CaO-2Fe,03, were not included in previous versions 
of the diagram (Martin and Vogel). Powder X-ray 
diffraction data are presented for the two ternary 
phases found in the present study (Table III). 

Positions of oxygen isobars for the liquidus sur- 
face have been suggested, Fig. 5, on the basis of 
those previously determined experimentally for the 
system CaO-iron oxide in air and at one atmosphere 
oxygen pressure, Figs. 3 and 4, as well as for the 
system Fe-O, Fig. 1. 

Seven invariant situations have been determined 
in the range of compositions and temperatures inves- 
tigated in the present work, as listed in Table II. All 
are within the temperature range 1190° to 1230°C, 
giving rise to particularly complicated sequences 
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30 corp, relations prevail. 


of phase changes as mixtures are heated in this 
interval. These changes are illustrated more clearly 
by isothermal sections drawn for selected tempera- 
tures as shown in Fig. 6. The isothermal sections 
may be useful for understanding ore sintering pro- 
cesses, because raw materials used for this purpose 
may have compositions represented within the sys- 
tem 2CaO- Fe,03- FeO: Fe203- Fe2O3. 

Paths of equilibrium crystallization were followed 
to obtain a phase diagram for the system FeO: Fe,O3 
-CaO-Fe,O03;. This system is not truly binary, as was 
also recognized by previous investigators, However, 
considerable disagreement is noted on comparing 
the diagram obtained in the present study, Fig 7(0), 
with that reported previously Fig. 7(@). 
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Discussions — Institute of Metals Division 


Boundary Migration of High-Purity Lead during Creep and Grain Growth 


R. C. Gifkins 


AIME Trans., vol. 215, p. 1015 


K. T. Aust and J. W. Rutter (General Electric Re- 
search Laboratory)—We find it difficult to reconcile 
the activation energies determined by Gifkins with 
his general conclusion that ‘‘migration during both 
creep and grain growth can thus be treated on the. 
basis of the same model’’ (that of Liicke and Detert). 
Gifkins finds the activation energy for grain boundary 
migration during creep to be 24.5 kcal per mol and 
that for grain boundary migration during grain growth 
to be 7.5 kcal per mol. The calculation carried out 
by Gifkins of the activation energy for grain boundary 
migration during grain growth, using the Liicke and 
Detert model, gives a value of 20 to 24.5 kcal per 
mol, rather than his experimental value of 7.5 kcal 
per mol. The theory of Liicke and Detert was de- 
veloped to account for the rates of migration of 
grain boundaries in the presence of impurities dur- 
ing grain growth. The theory does not take into ac- 
count the effect on the boundary migration of another, 
Simultaneous process such as creep deformation and 
would be expected, therefore, to be applicable only to 
migration during grain growth. The fact that Gifkins 
measured a different activation energy for boundary 
migration during grain growth (7.5 kcal per mol) 
from that during creep (24.5 kcal per mol), although 
the specimens were of the same composition, shows 
clearly that such an effect exists under his experi- 
mental conditions; the presence of a simultaneous 
creep deformation markedly affects the boundary 
migration process in comparison with what would be 
observed under the same conditions but without th 
creep deformation. a 
The failure of McLean’s equation (Eq. [4] of Gifkins’ 
paper ) to give a satisfactory dislocation density dif- 
ference for boundary migration during creep is not 
surprising, since the activation energy which must 
ebe used in this equation refers only to the elementary 
atom transfer process of grain boundary migration. 
This activation energy value is approximately 6 kcal 
per mol for zone-refined lead, as determined in both 
the grain boundary migration experiments of Aust 
and Rutter*”°* and the grain growth experiments of 
Bolling and Winegard.* Using this activation energy 
value, McLean’s equation gives reasonable agree- 
ment with observed migration rates for grain bound- 
aries moving free of the influence of impurities.°”*” 
The value of 24.5 kcal per mol is probably associated 
with the presence of impurity atoms, as Gifkins sug- 
gests. It should be noted, however, that this value 
was obtained using lead of only one composition and 
measurements at only two temperatures. The work 
of Aust and Rutter*”** on the effects of tin, silver, 
and gold on grain boundary migration in zone-re- 
fined lead in the temperature range from 320° to cf 
200°C, as well as the work of Bolling and Winegard 
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on the effect of silver and gold on grain growth in 
zone-refined lead, shows that the measured activa- 
tion energy is markedly dependent upon the kind and 
amount of solute present. Gifkins’ work does not 
permit evaluation of the effect of the 8 ppm of im- 
purities other than oxygen present in his specimens. 
One incidental point: the symbols used to designate 
the experimental points of Fig. 6 appear to be in in- 
correct order in the figure caption. As the caption 
is printed, it would indicate that larger grain sizes 
were obtained after annealing at 47°C than at 100°C, 
which does not agree with the text (point IX, p. 1019), 
Finally, it seems clear from Gifkins’ results that 
any serious attempt to determine whether grain 
boundary migration and grain boundary sliding during 
creep occur with the same activation energy, as 
Gifkins suggests and McLean rejects, must take into 
account the effects of impurities on these two proc- 
esses. Although the work of Weinberg® indicated 
that adding small amounts of copper, iron and silicon 
to aluminum did not affect the grain boundary shear 
behavior, it should be noted that his starting material 
contained approximately 60 ppm of impurities. Gif- 
kins’ results indicate impurity effects at an impurity 
level of 8 ppm, suggesting strongly that the most 
significant impurity range to be investigated lies 
substantially below that value. 
R. C. Gifkins (author’s reply)—As Drs. Aust and 
Rutter suggest, the results under discussion may 
have to be reinterpreted in the light of their own 
work on grain boundary migration, which was not 
available to me when the paper was written. Because 
of their work, Aust and Rutter attach more import- 
ance than I did to the activation energy for grain 
boundary migration during annealing (7.5 kcal per 
mol) obtained from a ‘‘direct’’ plot of log-rate 
against the reciprocal of absolute temperature. At 
the time it was obtained, this value seemed rather 


low, although it was similar to the value obtained by 


Bolling and Winegard.*° It was then, and still is, 
difficult to accept this value because of the low value 
of the index in the power law for grain growth, which 
seemed to indicate the influence of impurities. It 
was also concluded that the low value of the activa- 
tion energy might have arisen from the manner of 
selecting rates of grain growth which were truly 
comparable at the two temperatures. 

There were many other indications in these ex- 
periments and those on recrystallization during 
creep*” that an impurity, probably oxygen, was of 
importance. The model for grain-boundary migration 
which Liicke and Detert had proposed was an obvious 
possibility and its use yielded an activation energy 
for boundary migration during annealing of 20 to 25 
kcal per mol. 
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For grain boundary migration during creep a 
similar value for the activation energy (25 kcal per 
mol) was obtained by a direct plot and this was used 
in the equation for rate of migration which Liicke and 
Detert had developed. Strictly, the activation energy 
should have been obtained from a plot of log VT 
against 1/7, but the effect of this on calculated den- 
sity of dislocations was not great. This value of dis- 
location density, substituted in the appropriate ex- 
pression from Liicke and Detert, gave a critical 
concentration of oxygen which accorded well with 
experiment and strengthened the feeling that this was 
the appropriate model to use. 

Aust and Rutter suggest that the model of Liicke 
and Detert is not applicable to the case of migration 
during creep, because it does not allow for the effect 
of deformation. This was done by changing the driving 
force from grain boundary surface energy to disloca- 
tion pressure or tension resulting from the deforma- 
tion. The results for varying stress, Table II(a) are 
such that the dislocation density in a test at 1500 lb 
per sq in. would exceed 10” dislocation per sq cm. 
Thus, at high stresses, recrystallization might be 
expected to occur from many nuclei, because of the 
high general density of dislocations; this has been 
observed.*’ The alternative, which Aust and Rutter 
probably had in mind, would be to suppose deforma- 
tion affected the rates of diffusion involved. The 
evidence for such an effect on self-diffusion is not 
clear*”*® and it is even less certain what the effect 
would be on impurity diffusion, especially in a zone 
close to a grain boundary at which sliding is occur- 
ring. The simple suggestion that stress enters 
through the dislocation density seems as good as 
any at present. 

It seems, in the discussion on the use of McLean’s 
formula to obtain a dislocation density, that it may 
also be incorrect to apply an activation energy ob- 
tained for zone-refined lead to a case in which the 
influence of impurities is admitted. 

The acceptance by Aust and Rutter of the value of 
7.5 keal per mol for grain boundary migration dur- 
ing creep implies that the lead used was equivalent 
to the zone-refined lead used by Aust and Rutter 
and by Bolling and Winegard. In this case, the in- 


fluence of the 8 ppm of impurities other than oxygen 
is not very great, but on the basis of the other evi- 
dence they might well be important. The major im- 
purity was copper (0.0003 wt pct); if its behavior is 
similar to that of silver, this concentration might 
not have much effect, because Bolling and Winegard” 
found concentrations as high as 0.01 wt pet of Ag 
were required to change the activation energy sig- 
nificantly. Silver itself was only present in the lead 
I used as 0.00008 wt pct. It is interesting to note, 
however, that Aust and Rutter* found that very much 


smaller amounts of tin (about 0.0001 wt pct pct) 


caused marked changes in rates of migration and 
activation energies. At first sight this is surprising, 
because tin is much more soluble in lead than silver. 
It seems possible that the much higher affinity of 

tin for oxygen might be important, and that chemical 
interaction of this kind might be important even in 
zone-refined lead and especially in the grain bound- 
ary region. 

Aust and Rutter correctly indicate the order of the 
symbols for Fig. 6 in the paper. 

Finally, the results of both McLean’s work and the 
work on creep of lead seem to leave it open whether 
grain-boundary migration and sliding have the same 
activation energies. It is most likely, as suggested in 
the discussion, that impurities present at very low 
levels of concentration will be important. 

It may be that the effects of impurities at very low 
levels will only be found to affect grain boundary 
sliding when migration occurs extensively and syste- 
matically, as in polycrystalline specimens. In bi- 
crystals, migration is usually absent, so that the in- 
fluence of impurities through the migration is cor- 
respondingly absent. 
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The Effect of Striation Type Substructure on the Deformation of Aluminum Single Crystals 


J. T. McGrath and G. B. Craig 


AIME Trans., vol. 215, p. 1022 


R. L. Fleischer (General Electric Co.)—This dis- 
cussion is an attempt to interpret McGrath and 
Craig’s results in terms of dislocation interactions. 
Though approximate agreement with theory is pos- 
sible, an interesting problem remains. 

The results for the resolved shear stress at yield, 
t, plotted as a function of w”?, where w is the aver- 
age striation width, yield a reasonable fit to a straight 
line. If this functional relation is accepted, the re- 
sults may then be described by the following equa- 
tion: 
t= 22 + 14.5/w ¥? [3] 
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Here ¢ is given in g/mm?’ and w in cm. 

It is now assumed that the critical stress t, is that 
to force a dislocation through a small angle boundary 
whose dislocation spacing is b/@ (b=slip vector; 6 = 
disorientation). If this cutting operation occurs over 
a distance Nb, the work done by the stress f, is 
at-b*/@ for each boundary dislocation that is cut. 

a is a geometric factor of the order of V2 due to the 
dislocation not being perpendicular to the disloca- 
tions in the boundary and not cutting them at right 
angles. If the cutting operation supplies an energy 
Gb” (G = shear modulus), 
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t. = 6G/aN [4] 


Also if it is assumed that the stress f, is exerted by 
a pileup of dislocations extending a distance w/2,* 


At = (t¢Gb/w)¥? (5) 


At is the increase in stress due to striations of 
width w. Comparing with Eq. [3], ft. may be evalu- 
ated and checked with Eq. [4]. One finds t, =3kg/mm/?; 
and if @ = 1/2°,N = 5 will give agreement with Eq. [4]. 
Since at five atomic distances from a dislocation the 
stress has approximately the theoretical maximum 
value (G/20), five is a reasonable value for N. 

The interesting anomaly is that although @ was 
varied by a factor of 2 above and below 1/2°, the 
data do not indicate the expected variation of t, (or 
4) with 9. This observation is in agreement with the 
results of Ball’® for subgrains in polycrystalline 
aluminum, although Ball’s calculated value of ¢, was 
larger than that determined here. 
McGrath and Craig (author’s reply)—The authors 
would like to thank Dr. Fleischer for his interest in 
and lucid comments on the paper, and agree that a 
discrepancy seems to exist between the theoretical 


and measured variation of the critical resolved shear 
stress (0) with 6, the angle between the striations. 

We should like to point out that no attempt was 
made in the paper to correlate these two quantities, 
Since we felt that the measurements made of the 
angle between striations was at best a coarse esti- 
mate. 

On the other hand, we should like to mention that 
preliminary results which we have obtained on zinc 
show that over a limited range the critical resolved 
shear stress and striation width, ¢, bear a relation- 
ship one to the other of the form oat /*. This form 
is identical to that indicated by Dr. Fleischer for our 
results on aluminum and also Ball’s** results on the 
same material. The relationship, however, breaks 
down for zinc at low numbers of striations. We ex- 
pect to submit more complete results at a later date, 
which will show, in agreement with Dr. Fleischer’s 
comments, that 6 does exert an influence on the 
critical resolved shear stress. 
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Grain Growth in Silicon lron a 


P. K. Koh 


AIME Trans., vol. 215, p. 1043 


K.Detert (Institut fir Metallkunde der Technischen 
Universitét)—I have read your article with great 
interest. Your results appear to be in close agree- 
ment with our own investigations. The difference in 
growth behavior at higher temperature between your 
material and the material I had investigated at 
Vakuumschmelze can be explained by the difference 
in the thermal stability of the inclusions present in 
the material. I do not think that your conclusions 
are contradictory to my results published in Z. 
Metallk. 1958. We both agree that an isothermal 
annealing at temperatures higher than 950°C leads 
to a decrease of the sharpness of (110) [001] texture 
due to an increased ratio N/G. If the inclusions, 
present to stabilize the primary recrystallized 
matrix, would dissolve or coagulate more rapidly 

at higher temperature, the ratio of N/G would 
increase still more and grain growth at this temper- 
ature would approach that of normal grain growth. 
P. K. Koh (Allegheny Ludlum Steel Corp.)—The 
author concurs with Dr. Detert on close agreement 
between the present findings and his published work? 
The main disagreement, however, arises in the use 
of the term ‘‘normal grain growth’’. Normal grain 
growth usually implies the coexistence of equiaxed 
grains of the same order of size and of all possible 
orientations grown from the primary matrix grains. 
Micrographs shown in Figs. 2, 4, 5, 6, and 7, texture 
data in Figs. 8 and 9 as well as magnetic data in 
Fig. 11 clearly indicate the absence of normal grain 
growth in 1260°C salt bath annealing. The growth 
behavior is intermediate between normal growth and 
secondary growth, and hence the author described 
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the special growth behavior as ‘‘nucleated grain 


| growth of high nucleation frequency’’. In this special 


form of secondary recrystallization a decrease in 
the size of secondaries was found with increasing 
temperature of isothermal annealing, indicating an 
increase in the ratio N/G with temperature which 
is in agreement with May and Turnbull.’° The 
induction period for growth of secondaries also was 
found to decrease with increasing temperature but 
it never quite approached the point of zero time. 
Had the induction period reached the zero time axis 
then the special grain growth may well have been 
indistinguishable from that of normal grain growth. 
Certainly the ultimate grain size is approaching a 
value not far from the specimen thickness, and the 
end result as well as the nature of growth make for 
agreement between the present results and those of 
Dr. Detert.° 

Fig. 12 shows that 5 min at 927°C is sufficient for 
almost complete secondary grain growth; the same 
as shown in Fig. 2 for Heat B in Dr. Detert’s paper. 
Without knowing the heating rate and the time at 
temperature of 1100°C annealing in Dr. Detert’s 
work, it is hard to comment on the relative thermal 
stability of inclusion particles between the samples 
used by Dr. Detert as against the present material. 
Basically, the author cannot see any real difference 
between the steel samples used by Dr. Detert and 
the present material either in chemical composition 
or in metalloids. 

The author believes that the inhibition of normal 
growth of primary matrix grains by second phase 
inclusion particles plays an important role in com- 
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mercial silicon iron. But this perhaps represents 
only a part of the whole picture in selective grain 
growth of silicon iron. Among the operating factors 
there are orientation dependence of secondary grain 


growth, texture of primary matrix, prior grain size, 


and some more. 


°”, Detert: Metallwissenschaft Technik, 1958, vol. 12, p. 817. 
107. E, May and D. Turnbull: AIME Trans., 1958, vol. 212, p. 769. 


The Relationship between the Boundary Area and Hardness of Recrystallized Cartridge Brass 


W. J. Babyak and F. N. Rhines 


AIME Trans., vol. 218, p. 21 


D.A. Thomas (Massachusetts Institute of Technology) 
An observed relationship between two quantities 
supports an hypothesis only if the hypothesis leads to 
the prediction of the relationship. The authors have 
supposed that hardness and grain boundary area are 
linearly related, but they have not deduced this from 
their implied hypothesis that grain boundary area 
determines hardness. Therefore, the linear relation- 
ship observed must be regarded as coincidental. 

No theoretical basis exists for hardness being 
linearly proportional to grain boundary area. Hard- 
ness is a complex property but should be related to 
structure in a way similar to other strength proper- 
ties. Those cases for which a theoretical connection 
between grain size and strength exists suggest that 
the grain diameter is the proper structural parameter 
to consider.*~° Slip in annealed metals occurs across 
individual grains; the slip path is thus directly relat- 
ed to the grain dimensions and not to the grain bound- 
ary area. Although it may be correct that twin bound- 
aries strengthen a metal much as grain boundaries 
do, the mere observance of a straight-line plot is not 
evidence for this. 

W. J. Babyak and F. N. Rhines (authors’ reply)—In 
writing the paper, care was taken to avoid the associ- 
ation of the work with any “‘hypothesis”’ relating to 
the nature of hardness, because it was felt that the 
introduction of a controversial issue would tend to 
obscure the message of the experimental results. The 
message is simply that hardness is proportional to 
boundary area. Ambiguity in this oonclusion is mini- 
mized by the demonstration that proportionality holds 
only for total boundary area; i.e., grain boundary 

plus twin boundary area. That grain and twin boundary 
area are truly equivalent in their influence upon hard- 
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Fig. 5—Change in hardness per unit boundary area as a 
function of the ratio of twin to grain boundary area. 
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ness is shown by a plot of the ratio of twin boundary 
area to grain boundary area as a function of the unit 
hardness increase for each experimental point, Fig. 
5; if the one point which is beyond the normal scatter 
is disregarded, the data show, and statistical calcula- 
tions verify, that the rate of hardness increase is 
constant regardless of the relative amounts of twin 
and grain boundary area. 

Since Dr. Thomas has opened the question of inter- 
pretation, it now seems appropriate to state our own 
views. A first conclusion that we draw from our ex- 
perimental results is that the grain boundary as an 
entity in itself, contributes to the hardness, because 
only thus should its effect be expected to be propor- 
tional to its area. This is, of course, contrary to the 
postulate offered by Dr. Thomas, which assumes, in 
effect, that hardening should derive from the limita- 
tion upon the length of the mean free path of disloca- 
tion glide imposed by the grain boundaries. Super- 
ficially, it might be concluded that this assumption is 
justified, because d~’/* (reciprocal of the square root 
of diameter) is almost proportional to S/V (surface 
area per unit volume) over a six to one range of diam- 
eter, Fig. 6. Similarly, the total boundary area is 
proportional to d~’/ over the experimental range of 
grain diameters, Fig. 7; within this range hardness 
appears proportional to d~¥?, Fig. 8. 

That it is the latter relationship, rather than ours, 
which is coincidental, however, is indicated by the 
equivalence of twin and grain boundary area. As an 
increasing proportion of twin boundary is introduced 
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Fig. 6—Surface area per unit volume as a function of di- 
ameter. Points calculated from S/V = 6/d. 
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Fig. 7—Experimental data showing total twin plus grain 
boundary area as a function of grain diameter~!/? of re- 
crystallized cartridge brass. 


_into the system, the grains become more slab-like in 
shape and the meaning 0 d changes. Were the propor- 
tionality of hardness d~/ * valid, there should be a 
distinct variation in the hardness of change with in- 
crease in the ratio of grain to twin boundaries; but 
this is not observed, Fig. 5. Accordingly, it must be 
concluded that there is something wrong with this 
application of the Petch hypothesis.” Perhaps the 
relationship between other plastic properties and the 


60 


55 
50 


45 


40 


35 


BRINELL HARDNESS 


30 


| 2 4 


+ 5 6 
(GRAIN DIAMETER) 2 


Fig. 8—Hardness as a function of grain diameter~!/2 of 
recrystallized cartridge brass. 


grain size should be reexamined by the use of area 
measurements. 


‘N. J. Petch: J. Iron Steel Inst., 1953, vol. 173, p. 25. 

5A, H. Cottrell: AIME Trans., 1958, vol. 212, p. 192. 

°D, A. Thomas and B. L. Averbach: Acta Met., 1959; vol. 7, p. 69. 
™N. J. Petch: J. Iron Steel Inst., 1953, vol. 174, p. 25. 


The Relationship of Structure to Mechanical Properties in Udimet 500 


M. Kaufman and A. E. Palty 


AIME Trans., vol. 218, p. 107 


H. J. Beattie, Jr. (General Electric Co.)—It is grati- 
fying that the autors’ results on phase reactions and 
aging properties mainly agree with our results for 
Udimet 500.° It is instructive to compare the ranges 
of solutioning temperatures of MzsCe and y’ phase 
determined by each of us: 


Phase Kaufman and Palty Hagel and Beattie 


Mo3Ce 1800° to 1975°F 1900° to 2000°F 
y! 1975° to 2100°F 1900° to 2000°F 


This combined information narrows the ranges of 
uncertainty to 1900° to 1975°F for MzsCe and 1975° 
to 2000°F for'y’. Since the solutioning temperatures 
lie so near one another, a small decrease in titanium- 
aluminum concentration would probably bring the 
solution point of the y’ phase below that of the carbide, 
thus making it possible to cure for carbide embrittle- 
ment without overaging the alloy. 

The authors suggest that their unidentified X-ray 
line corresponding to an interplanar spacing of 
around 2.22A may be due to a new phase that we have 
designated ‘‘T’’ in a Company report. X-ray data 
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for this phase were included in a paper on A-286,° 
where it was assigned no letter designation. Let me 
take this opportunity to correct a misstatement that 
was made in that paper. By a coincidence of correla- 
tion between microscopic and X-ray data, we mis- 
takenly identified this new phase with a lamellar 
precipitate of parallel plates extending from grain 
boundaries. Selected-area electron diffraction has 
since shown that the lamellae are NisTi, and further- 
more ‘‘T’’ phase has been found in alloys that con- 
tain no lamellar formations. 

We also have found a single unidentified line at 
d = 2.22Ain several Udimet 500 specimens and at- 
tribute it to either ‘‘T’’ or ‘‘Y’’ phase. The latter is 
more common, has been found in a great many 
alloys and is probably a titanium-rich inclusion. 

In regard to the authors’ ‘‘X’’ phase, which we did 
not find, the proposed fcc lattice with ao = 3.32A 
gives a coordination number of 12 with an atomic 
radius of 1.17A. Beryllium is the only element 
whose CN 12 atomic radius according to Goldschmidt 
or Pauling even comes close to this value. 


A. E. Palty (author’s reply)—We are pleased to have 
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clarification of the possibilities of ‘‘T’’ and ‘‘Y”’ 
phase, and the agreement of phase results with those 
of Hagel and Beattie. 

On the suggestion of Mr. Beattie, we have recheck- 
ed our data concerning ‘‘X’’ phase, and it has been 
discovered that no such phase exists. The diffraction 
lines attributed to this phase were found to be pro- 
duced by diffraction from the Nis(Al, Ti) phase by 
iron radiation from contamination in the cobalt target. 


Hence, ‘‘X’’ appeared only in conjunction with Nis 
(Al, Ti), but at lower intensities. 


8w. C. Hagel and H. J. Beattie, Jr.: High-Temperature Aging Structures in 
y'-Hardened Austenitic Alloys, AJME Trans., 1959, vol. 215, p. 967. iat 

°H, J. Beattie, Jr., and W. C. Hagel: Intermetallic Compounds in Titanium- 
Hardened Alloys, AIME Trans., 1957, vol. 209, p. 911. 

10M, G. Gemmill, H. Hughes, J. D. Murray, F. B. Pickering, and K. W. An- 
drews: Study of 7 and 8 Pct Chromium Creep-Resisting Steels, J. Iron Steel 
Inst., 1956, vol. 184, p. 122. : 

J, F. Brown, W. D. Clark, and A, Parker: The Extraction of Minor Phases 
from Austenitic Steel, Metallurgia, 1957, vol. 56, p. 215. 


Measurement of Deformation Resulting from Grain Boundary Sliding in Aluminum and Aluminum-Magnesium Alloys from 410°F to 940°F 


Hans Brunner and N. J. Grant 


AIME Trans., vol. 218, pp. 122-127 


R. C. Gifkins (University of Melbourne) —Each new 
paper on the subject of grain boundary sliding adds 
new contradictions and although Brunner and Grant 
have attempted to improve the mathematical founda- 
tions of their measurements, doubts still persist. 

The results reported in Figs. 2 and 3 and Table II 
may be influenced by the fact that there were only 
two or three grains in the specimen thickness. There 
is evidence that the number of grains in the thickness 
(G) can affect sliding** if it is considered as a plot of 
€/€tot. A reconsideration of results by various 
workers made recently by McLean and Gifkins” sug- 
gests that, under comparable conditions, the amount 
of sliding per boundary is dependent upon grain size 
and &i/tot may, in consequence, be misleading. 

Two incidental points: 1) The text states the strain 
rate to be approximately 2.7 pct per hr, whereas in 
Table II the rates vary from 1.7 to 3.6; for Figs. 4 
and 5 the rate is given as 0.1 pct per hr in the text 
and 0.9 to 3.4 pct per hr in the figure captions. 2) 
The right hand sides of Eqs. [2] and [3] are incon- 
sistent; presumably the 1 in Eq. [3] should be a small 

In Figs. 2 and 3 stress and temperature are 
treated as separate variables, whereas in fact each 
varies in both diagrams. It is thus possible that the 
drop in the value of ©,,/&~ at higher temperatures 
is actually an effect of the reduced stress, or that the 
stress relation is actually due to temperature. The 
hook on these curves may be much less than shown 
because of the scatter of + 0.1.x tot in values of 
feb. 

One of the most important and controversial of the 
findings in the paper concerns the relation of Oop to 
Egrain, Which is shown as a curve which flattens at 
high values of grain and also shows erratic behavior, 
Fig. 4. This contrasts with the wide applicability of a 
linear relation of 3 to ©grainfound previously in 
diagrams (but not always apparent in Tables of re- 


sults—see Gifkins.** It is difficult to disentangle the 
various curves in Fig. 4, but it appears that Eb is 
linear against €grainif the errors in 5 are about 
+10 pct as implied in the paper. It should be noted 
that &grain is also affected by this error, since Ograin 
was presumably found by subtracting ©,, from &tot. 
At present it seems that the whole question of the 
relation of ©,» to Esrainrequires a statistical ap- 
proach to define the confidence to be placed on re- 
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sults. It is worth noting that when this was done in 
experiments with very coarse-grained 8 brass*° 
the relation found was @ (ft )”*, &gb here being 
denoted by the standard deviation of the amounts of 
sliding. 

If the reduction in €5/€tot at higher strains is 
real and is an effect of corrugations due to subgrains 
in pure aluminum, as Brunner and Grant suggest, it 
is possible that there is no conflict with some other 
results. This is because in most previous work the 
subgrain size has been equal to, or not much less 
than, the grain size, thus the corrugations have not 
been important. 

The true ‘‘size’’ of the points in Figs. 4 and 5 may 
also affect the interpretation of the effects of grain 
size. Apart from this, there is evidence from pre- 
vious work that the ratio of © /& , measured on 
tHe surface of specimens is not greatly affected by 
grain size (see Gifkins,** Table II). The true effect 
of grain size may only be apparent when measure- 
ments are made in the interior of specimens or when 
the effect of varying the number of grains in the 
thickness is eliminated. 

There is a large number of possible variables, 
stress, temperature, grain size, composition, grains 
in the specimen thickness, crystal system, preferred 
orientation and subgrain size; added to this there are 
the various ways ©, may be measured. This makes 
it difficult for any one worker or even moderately- 
sized group of workers to carry out a complete sur- 
vey with proper statistical control, and it may be 
worth considering some planned cooperative attack 
on the problem. 


Hans Brunner and Nicholas J. Grant (author’s reply) 
— The strain rate of 0.9 pct per hr stated in the cap- 
tions of Figs. 4 and 5 is a misprint. It should read 
0.09 pet per hr. However, Eqs. [2] and [3] are cor- 
rect. Their derivation has been presented ina pre- 
vious paper.” The effect of the variation of the 
strain rate (1.7 to 3.6 pct per hr) was considered 

by the authors, and presumed to be too small to 
matter. It was found that the deviation from the 
average (2.7 pct per hr) corresponds to a change of 
temperature of less than 15°F, Dorn,” or to a change 
of stress of less than 10 pct per Weertmann.?® The 
correction would not change the appearance of Figs. 1 
and 3 and the interested reader may easily correct 
the test results presented in Table II himself. 
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It is agreed that the only satisfactory solution 
would be the use of constant strain rate tests. 

The authors were and are aware of the fact that 
stress and temperature are not Separate variables. 
The decision as to which one of these variables 
really is the dominating one was left to other in- 
vestigators and the results therefore were presented 
as functions of either variables. 

It is conceded that the modest number of grains in 
the specimen cross section may have affected the 
results, although the results presented in Fig. 5 do 
not indicate a decrease of E,;/Egz with decreasing 
number (7. é., increasing grain size) as found by 
Gifkins. 

The authors share the concern of all investigators 
about the justification of accepting the deformation 
at a free surface as representative of the deforma- 


tion in the interior of a specimen. However, Rach- 
inger’s” conclusions are not conclusive either, since 
it is known that grain boundary migration occurs 
more easily in the interior than on the surface of 
the specimen. This fact may be responsible for 
Rachinger’s finding that the grains in the interior 
remained equiaxed during deformation. 


“4R. C. Gifkins: Chap. 27 of Fracture, Ed. Averbach et al., New York, Tech- 
nology Press M.I.T. and John Wiley & Sons, pp. 587-589, 1960. 
48D, McLean and R, C. Gifkins: Difference in Grain Boundary Sliding, sub- 
mitted J. Inst. Metals. 
*©7, A. Martin, M. Herman and N. Brown: AJME Trans., 1957, vol, 209, p. 78, 
17, Brunner and N. J. Grant: Deformation Resulting om Grain Boundary 
Sliding, AIME Trans., 1959, vol, 215, p. 48. 
183, E. Dorn: The Spectram of Activation Energies for Creep, Seminar on 
Creep and Recovery, p. 255, ASM, 1957. 
197, Weertmann: Steady-State Creep Through Dislocation Climb, J. Appl. 
Physics, 1957, vol, 28, p. 362. 
20w, A, Rachinger: Relative Grain Translations in the Plastic Flow of Alu- 
minum, J. Inst. of Metals, 1952, vol. 81, p. 33. 


Habit Plane of Hydride Precipitation in Zirconium and Zirconium-Uranium 


F. W. Kunz and A. E. Bibb a 


AIME Trans., vol. 218, p. 133 


T. S. Liu (Lockheed Aircraft Corp.)—With reference 
to the statement in the paper that ‘‘Liu and Steinberg 
concluded that titanium hydride in various titanium 
alloys precipitates as needles,’’ we wish to cite our 
statement in that reference paper. We stated, ‘‘under 
favorable conditions of hydride precipitation and 
growth, the appearance of the hydrides in unalloyed 
and alloyed atitanium are basically the same ... thin 
needles.’’ 

Our interpretation of this statement is that this 
‘‘thin needle’’ appearance on the surface could be 
caused either by a platelet-shaped or a needle-shap- 
ed precipitate. It is the intersection of the hydride 
precipitate with the surface of observation which 
determines their appearance on that surface. Due to 
the small thickness of unalloyed titanium single- 
crystal flakes used in our investigation, no attempt 
was made to observe the shape of the hydride precip- 
itate in them. 

The authors mentioned that at low temperatures 
the deformation mechanism of twinning becomes in- 
creasingly important and the presence of hydrides 
on these twin planes promotes cracking. The high 


ductility at -196°C of a zirconium specimen hydrogen 


solution treated and quenched, as observed by For- 
scher’ would tend to suggest that hydrides could be 
retained in a zirconium by quenching. In a titanium 


and a titanium alloys, hydrides cannot be retained 
by quenching. 
F. W. Kunz and A. E. Bibb (authors’ reply)—It is 


unfortunate that we did not interpret the statement 

by Liu and Steinberg as these authors intended it, 

but due to the numerous references to ‘‘hydride 
needles’’ throughout their paper and the lack of refer- 
ence to ‘‘platelets’’, we inferred that hydride needles, 
not platelets, existed in their Ti and Ti alloys. 

At lower temperatures the deformation mechanism 
of twinning becomes increasingly important and if 
hydride is present on the twin planes, cracking may 
be expected to initiate at the roots or intersections 
of the platelets where high stress concentrations 
must prevail. 

The standard procedure for forming hydrides is 
by a solution heat treatment followed by slow cooling. 
This produces an equilibrium structure of hydrides 
precipitated in the zirconium matrix. Quenching 
from the hydrogen solution temperature could result 
in a metastable condition whereby the hydrogen is 
retained in solution. ° In this condition the Zr should 
exhibit little loss in ductility (at Forscher’s test 
temperature of —196°C) due to the presence of the 
hydrogen in the interstices of the Zr lattice. 


10°F. Forscher, AJME Trans., 1956, vol, 206, p. 536. 
11C, M. Schwartz and M. W. Mallett: Trans. ASM, 1954, vol. 46, p. 640. 


The Effect of Grain Boundary Migration on the Formation of Intercrystalline Voids During Creep 


C. W. Chen and E. S. Machlin 


AIME Trans., vol. 218, pp. 177-179 


R. C. Gifkins (University of Melbourne)—Essentially 
the same model for the initiation of intercrystalline 
cracking as that proposed by Chen and Machlin® was 
put forward independently by McLean’ and by 
Gifkins.”* In the note by the latter, the probable role 
of grain-boundary migration was clearly envisaged 
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in the consideration of the high-temperature ductility 
of metals, like aluminum or lead, which do not show 
void formation. Subsequently, Reid and Greenwood, 
working in this laboratory, found evidence in copper- 
nickel alloys for the association of a recovery of 
ductility at high temperatures with the onset of grain 
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Fig. 3—Ductility of creep-rupture tests on O.F.H.C. copper 
at 355° C and various pressures. 


boundary migration; this was found to prevent the 
formation of voids at grain boundaries (points 7 and 
8 of their summary). However, they did not interpret 
this effect in terms of the boundary-sliding models." 
The effects of environment and oxygen content on 
the high-temperature ductility of copper reported by 
Chen and Machlin are similar to those previously 
reported by Bleakney,** who saw in them evidence for 
the weakening of grain boundary cohesion by impurity 
atoms (of oxygen). Although there are reasons for 
rejecting this hypothesis,’ there is another effect of 
oxygen which may be more important than the inhi- 
bition of grain boundary migration. This is the sug- 
gestion” that the oxygen provides particles at which 
grain boundary sliding concentrates the stress and 
so initiates voids; grain boundary migration may then 
be of secondary importance. In chromium Wilms” 
has interpreted the evidence as showing a link be- 
tween oxide particles and void formation. It is not 
easy to devise experiments which clearly distinguish 
between the importance of these two effects. It might 
be possible to do so if a clearer picture of the mecha- 
nism of grain boundary sliding emerges and if more 
is learned about the factors controlling grain bounda- 
ry migration during creep. 
H. H. Bleakney (Department of Mines and Technical 
Survey, Canada)—The authors are to be commended 
for rejecting vacancy condensation as a satisfactory 
explanation for the occurrence of intercrystalline 
fissures in creep-rupture tests. This mechanism 
was introduced by Seitz *” as an explanation for the 
porosity sometimes found to accompany the Kirkend- 
all effect, but recent evidence indicates that the 


Fig. 4—Vacuum- 
melted copper broken 
in tension at 565° C 

in air. 
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Table Il 
Reduction in Area Reduction in Area 
Before Insertion Time to After Insertion 
of Turnings Failure of Turnings* 
80 pct 28 min 95 pet 
60.9 pet 51 min 92 pct 
69.8 pct 98 min 89 pct 
54.4 pet 126 min 86 pct 
54.4 pct 185 min 83 pet 
40 pet 227 min 82 pct 


*Figures estimated from the higher vacuum curve of Fig. 3. 


original assumptions are not valid. In his 1959 
Institute of Metals lecture, Seitz’® presented a radi- 
cally changed picture of the volume of a vacancy (for 
the original picture see Lomer’’) which provides a 
simple mechanism for the development of triaxial 
stresses. To explain the Kirkendall effect, therefore, 
it is not necessary to invoke migration of vacancies. 
At about the same time Puttick” published a photo- 
graph of a longitudinal section through the neck of a 
copper tension test piece which displayed porosity 
remarkably similar to that revealed in Fig. 4 of the 
Smigelskas and Kirkendall” paper. The evidence 
constitutes a prima facie case that both occurrences 
have their origins in the same cause: the action of 
multiaxial stresses on centres of impaired cohesive 
strength. The figure of 13 pct for the reduction in 
area of the sample tested at 355°C, and reported by 
the authors in their Table I, is most surprising. It 
will be interesting to learn how they reconcile the 
extreme brittleness of this sample with the compara- 
ble tests shown in Fig. 3.” This figure was repro- 
duced by one of the authors in his first paper” on 
this subject, and the implications seem to require 
explanation. Comparison of the two sets of data 
indicate that the authors’ results are not representa- 
tive of those to be expected from oxygen-free copper 
and therefore are not a safe basis from which to draw 
general conclusions. 

The results shown in the higher vacuum curve of 
Fig. 3 were obtained by the writer only after a hand- 
ful of brass turnings was stuffed into the neck of the 
oil diffusion pump. The figures obtained for reduction 
in area of samples tested for comparable times be- 
fore and after insertion of the turnings are presented 
in Table II. These turnings were used for the purpose 
of scrubbing out oil from any vapors which might be 
streaming back into the vacuum chamber. 

Rightly or wrongly the improvement of ductility 
was attributed to a reduction in the partial pressure 


Table III. Creep-Rupture Tests of Vacuum-Melted Copper in Air at 565°C 


Test Stress in Time to Reduction 
Number in Psi Failure in Area 
0 8,000 5 min 98 pct 

1 1.900 101 hr 18.5 pet 

2 1,900 110 hr 18.5 pet 
3 1,900 116 hr 20 pct 
4 1,900 48 hr# 95 pct 
5 1,900 68 hr 96 pct 

6 1,900 108 hr? 92.5 pct 


“Broken forcibly after the indicated time under load. 
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of hydrogen in the vacuum chamber. This hydrogen 
was assumed to have been introduced by oil back- 
streaming from the diffusion pump. It appears that 
the authors may not confidently attribute the results 
shown in their Table I and Fig. 1 to the effect of 
temperature until they have shown that the atmos- 
phere is not the predominating influence. 

Table III shows the results of a recent set of 
experiments on vacuum-melted copper designed to 
provide information on the rate of its embrittlement 
in creep-rupture tests. Test No. 0, illustrated in 
Fig. 4, indicates that the maximum ductility to be 
expected from the material at the selected tempera- 
ture is very close to 100 pct. Tests 1, 2, and 3 are 
conventional creep-rupture tests which give a rough 
indication of the scatter of results to be expected 
under the selected testing conditions. In these tests, 
the third stage of creep, characterized by inter- 
crystalline cracking, occurred after about 9 to10 pct 
extension. Tests 4, 5, and 6 were not allowed to run 
out their normal lives but were forcibly broken after 
being under load for the times shown in the table and 
after extensions of about 5, 5, and 8 pct respectively. 

The rate of embrittlement of this material is thus 
seen to be very slow, even in air, but to accelerate 
with comparative rapidity near the end. This be- 
havior is not at all consistent with a mechanism of 
void formation and growth under the influence of a 
steady stress acting on stationary grain boundaries. 
On the other hand it is consistent with a mechanism 
suggested by Oriani” ‘‘As a grain boundary sweeps 
through a region of specimen it accumulates impurity 
atoms in the grain boundary phase’’. A similar sug- 
gestion was made independently by the writer” at 
about the same time. In the present example the 
results could be attributed to acceleration of grain 
boundary migration by the stress intensification 
resulting from the inevitable reduction in area of the 
test piece which accompanies creep deformation; 
hence accumulation of impurities. 

The authors cite Gemmell and Grant” in confir- 
mation of their conclusions. Gemmell and Grant 
argue that, since they found intercrystalline cracking 
in pure solid solution alloys, ‘‘Impurities such as 
oxygen, nitrogen, or carbon, or certain tramp ele- 
ments are not necessary therefore to initiate or 
cause intercrystalline cracking’’. It appears, how- 
ever, that although the alloys used were of the solid- 
solution type, the solutes were not completely in 
solution under the testing conditions employed. Over 
ten years ago Demer and Beck” demonstrated the 
persistence of a second phase in an Al 2 pet Mg 
alloy after 2960 min at 350°C; and as recently as 
September 1959 Perryman’ made a similar obser- 
vation regarding an Al 10 pct Zn alloy. 

The authors’ proposed mechanism of crack initi- 
ation was discussed in connection with their previous 
paper.”® Detailed objections were advanced and need 
not be repeated. It should suffice to say that evidence 
presented since that time to support various mecha- 
nical hypotheses have served to strengthen rather 
than to weaken the writer’s belief that the chemical 
impairment of cohesion across grain boundaries by 
films of embrittling impurities is a necessary and 
sufficient condition for the development of inter- 
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crystalline cracks in creep-rupture tests. 


C. W. Chen and E.S.Machlin (authors’ reply)—The 
authors are grateful to Mr. Gifkins for reminding 
them that what they have proposed has been proposed 
independently by others. In answer to the specific 
comment about another possible role of oxygen, the 
authors agree that Mr. Gifkins’ suggestion that oxygen 
may provide particles at which grain-boundary slid- 
ing concentrates the stress and so initiates voids may 
be valid. Indeed, another effect of oxygen on void 
formation was observed by Intrater and Machlin”™ in 
copper bicrystals. These authors found that oxygen 
tended to increase the area of void along the grain 
boundary per void nucleus as compared to that ob- 
tained with similar crystals tested in hydrogen. 
However, in our own experiments, oxygen had the 
observed effect of pinning boundaries against migra- 
tion. Whether other effects of oxygen are present in 
our experiments could not be determined from our 
observations. The observation that grain boundaries 
of specimens tested in air do not migrate whereas 
those in Specimens tested in vacuum do migrate is 
believed to be significantly correlatable to the con- 
comitant observation of low and high ductilities, re- 
spectively. 

With respect to Mr. Bleakney’s discussion, it is 
not our desire to engage in a fruitless argument 
relating to phenomena that can be interpreted with 
equal validity in a number of ways. 

It is strange that Mr. Bleakney conveniently leaves 
out of the discussion the few critical experiments 
that cannot be interpreted in more than one way. We 
refer in particular to our own’ and others’ experi- 
ments with bicrystals. With respect to the possible 
effect of adsorbed impurities at grain boundaries on 
ductility, we believe that effects other than the 
particular one cited in our paper do exist. For ex- 
ample, see our reply to Gifkins which cites the 
work of Intrater and Machlin.” However, in contrast 
to Mr. Bleakney, there is no question in our mind 
that the bicrystal experiments lead to the sole in- 
terpretation that grain boundary sliding is a neces- 
sary condition for intercrystalline void formation, 
whereas, adsorbed impurities are not necessary for 
intercrystalline void formation. However, once voids 
are nucleated by grain boundary sliding, there is 
evidence to show that adsorbed impurities can effect 
the extent of the crack that emanates from void 
nucleus. Thus, we do not deny that adsorbed impuri- 
ties can play a role in intercrystalline rupture, but 
we do deny that this role is primary or necessary. 


°C. W. Chen and E. S. Machlin: On the Mechanism of Intercrystalline Crack- 
ing, Acta Met., 1956, vol. 4, p. 655. 

10F), McLean: Grain Boundaries in Metals, Oxford, Clarendon Press, p. 334, 
1957. 

1R, C. Gifkins: A Mechanism for the Formation of Intercrystalline Cracks 
when Boundary Sliding Occurs, Acta Met., 1956, vol. 4, p. 98. 

128, J. Reid and J. N. Greenwood; Intergranular Cavitation in Stressed Cop- 
per-Nickel Alloys, AJME Trans., 1958, vol. 212, p. 503. 

1317... Bleakney: The Ductility of Metals in Creep-Rupture Tests, Can. J. 
Tech., 1952, vol. 30, p. 340. 

MUR. Gifkins: /bid., p. 610. 
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Creep of Indium, Lead, and Some of Their Alloys with Various Metals 


J. Weertman 


AIME Trans., vol. 218, p. 207 


R. C. Gifkins (University of Melbourne)—The results 
of a number of creep tests on pure lead and some 
lead-thallium alloys were available from previous 
work’ and it is of interest to see how these fitted 
the stress laws proposed by Weertman. 

The lead used”* was of high purity (99.99992 pct 
Pb, hydrogen-reduced); the grain size of annealed, 
extruded specimens was about 0.4 mm. The grain 
size of the thallium alloys became progressively 
finer as the thallium content was increased. Creep 
was under constant load at room temperature. 

For pure lead the slope of the plot of In. creep 
rate against In. stress (see Fig. 16) is ~6 for the 
range of stresses 300 to 1500 lb per sq in. Below 
about 400 Ib per sq in., there is a suggestion of a 
change in slope to ~3. Weertman’s analysis predicts 
a Slope of 4.5 for stresses below a critical stress, 
which is about 3 X10" dyne per sq cm (= 500 lb per 
sq in.) for lead at 393°K. At room temperature this 
critical stress should be somewhat lower, so that 
the present result is reasonable, although the slope 
is rather low. It is possible that the result is con- 
fused by the fact that a wide range of values for the 
creep rate at 400 lb per sq in. was obtained, ac- 
cording to the precise time of annealing at 100°C 
and the actual oxygen content, which was thought to 
vary, although standardization was attempted. 
Changes in oxygen content at low concentrations may 
affect the creep of lead markedly.*”’*° 

For the thallium alloys (see Table II) there was a 
distinct tendency for the slope to move towards 2 as 
the thallium content was increased. Thus, although 


Table |. Stress, o, in 10? Psi. Creep rate K in 1075 Day~! 


K |o| K }o |K jo} K |o|K |o |K {Slope |T, Pct 

600} 5 27514 | 34.5] 3 4.6 | 0.01 
(3.5) 

5} 147} 4.5 AMT 16), 12403 3.8 | 0.25 
(2.6) 

140|5| 70} 4} 25)3] 15] 2] 4.8 2.95 | 0.47 
(2.2) 

10} 4600} 6 | 480] 4 | 250} 3] 127] 2] 47 3.0 | 2.45 
(2.5) 

5} 930 3 | 290} 2 |-110 3.92 
(2.4) 

5} 860 3| 316 4.35 
(2.2) 

5} 660} 4 | 400} 3] 230} 2] 85 4.81 
(2.04) 

15 | 53000 | 7.5 | 24800] 5 | 1000 3] 310} 2] 89 
(2.4) 

5} 530 3| 120} 2} 68 13.45 
(2.4) 

76 3 | 27.6 26.5 
(2.1) 
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the trend is in agreement with Weertman’s prediction 
that the slope should decrease when alloying intro- 
duces micro-mechanisms of creep, the actual values 
of the slope become too small to agree with his 
theory. Weertman has pointed out (private communi- 
cation) that a value of 2 has been predicted by 
Friedel*’ for creep when boundary sliding is predomi- 
nant. This was certainly the case for the thallium 
alloys containing more than about 3 to 4 pct Th. 
Where sufficient points were available, there was 

an indication of a decrease in slope below 500 lb per 
sq in., again in reasonable agreement with the theory 
(see bracketed figures in Table II). However, the 
slope of the low-stress portion is then too low for 

all the alloys. 

The full effect of thallium additions appears to be 
achieved by very much lower amounts of thallium, 
proportional to the maximum solid solubility, than 
for indium or tin in Weertman’s work. This is the 
more surprising, since the first 8 to 10 pct of thal- 
lium goes into solution without changing the lattice 
spacing of lead. Weertman found that 8 at. pct of tin 
was required to give the full change in the creep of 
lead-tin alloys, this amount being in excess of the 
maximum solid solubility (5 at. pet). Even with 
indium, 31 at. pct was required (cf. the solubility of 
65 at. pct). Possibly these differences could be 
related to the grain size and the contribution of 
boundary sliding. 

The other effect of note is that Weertman worked 
with lead which was almost certainly saturated with 
oxygen at least to its maximum solid solubility. It 
might have been expected that this would have given 
‘“‘alloy’’ behavior (i.e. a slope of 3 rather than 4.5) 
before any additions of indium or tin had been made. 
Possibly the higher temperature of Weertman’s 
tests removed any micromechanism associated with 
oxygen. 

J. Weertman (author’s reply)—I would like to take the 


the opportunity to correct a few mistakes in my paper. 


Fig. 1 should be rotated 90 deg clockwise. In Fig. 6, 
read 12 pct for 1.2 pct for the composition listed 
with alloy with slope 3. In Fig. 9, read 36 pct and 
27 pet for 3.6 and 2.7 pct. 

I wish to thank Dr. Gifkins for his valuable analy- 
sis of some of his 1952 to 1953 room-temperature 
creep data on lead and lead-thallium alloys. I also 
believe, as he suggested, that most of the differences 
between our results can be accounted for by the 
difference in grain size between our samples. Those 
of Dr. Gifkins were in general an order of magnitude 
or two larger than my own. His smallest grained 
samples (0.02 mm) had grain diameters of the order 
of average length of a Frank-Read source in large 
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grained material. Thus, it is reasonable to expect 
that grain boundary effects may be controlling his 
creep rates. The grain boundaries in my samples 
would be expected to have a much smaller influence 
because of the greater diameter of the grains which 
was produced by a much higher temperature anneal 
(close to the melting point rather than at 100°C). It 
is very interesting that Dr. Gifkins has observed a 
Slope that was predicted by Friedel for fine grained 
materials. 

Concerning the slope 6 and possible slope 3 which 
is obtained in Dr. Gifkins’ figure, I think a quibble 
could be made that one could just as easily get a 
Slope of near 4.5 in the lower stress range part of 
this data. The scatter of the data at lower stresses 
would make it difficult to obtainan accurate measure 
of the slope. 

I believe it would be most improbable for oxygen 
impurities to give an ‘‘alloy’’ behavior. In order for 
a microcreep mechanism to become rate controlling, 
the diffusion constant of the alloying element must 
be within an order of magnitude or two of the self- 


diffusion constant of the host atom. If it is very much 
faster, the climb mechanism will always be rate 
controlling. One would expect that the rate of dif- 
fusion of oxygen in lead is very much faster than lead 
itself and, therefore, not to expect to find much of 

an effect. However, if grain boundary sliding is the 
important creep mechanism in fine grained material, 
the formation of oxides at grain boundaries could 
have a large effect. 

I also wish to thank Dr. Gifkins for pointing out 
that our indium with 7.9 pct Sn would be in a two- 
phase region. Actually, it is only our low-tempera- 
ture high-stress tests which would be in this region. 
About 75°C the alloy is single phase (M. Hansen, 
Constitution of Binary Alloys, Second Edition, 
McGraw Hill, New York, p. 861, 1958). Most of the 
low stress tests, the ones of interest in determining 
the slope, are above this temperature. 


*8R. C. Gifkins: J. Inst. Metals, 1952-53, vol. 81, p. 417. 
3°R. C. Gifkins: Acta Met., 1958, vol. 6, p. 132. 

R. C. Gifkins: AJME Trans., 1959, vol. 215, p. 1015. 

“J. Friedel: Les Dislocations, Paris, Gauthier-Villars, 1956. 


Carbide Precipitation and Evolution and Depletion of Matrix in Heat Resisting Steels and Alloys Treated in Carburizing Atmospheres 


G. Pomey 


AIME Trans., vol. 218, p. 310 


Charles Bondy (Compagnie des Ateliers et Forges de 
la Loive)—I took a great interest in reading this 
paper. It is, to be sure, a valuable contribution. I 
would however ask some questions as regards two 
assertions. 

First (pp. 311 and 313) the author says the M,C, 
carbide to be triclinic although one knows this car- 
bide to crystallize in the trigonal* or the hexagonal? 
system. Has the author actually seen an X-ray dif- 
fraction pattern caused by a triclinic lattice or is it 
only a matter of misprint? 

On the other hand (pp. 313) the author asserts it 
possible to show that in a carburized 27 pct Cr-N 
base alloy a phase could be the orthorhombic Cr;Cz 
chromium carbide. The existence of this carbide 
was stated® and firmly established* long ago, but this 
carbide has not yet been identified in chromium 
steels.”® Chromium alloys containing it must have 
not less than 9 pct carbon and are troublesome to 
produce. The original feature of the discussed work 
is therefore twofold: the carbon-rich carbide has 
been obtained not by melting but by carburization; 
it is not in direct equilibrium with a metallic phase 
but through another, “‘transitional’’, carbide. If 
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actually the carbide in question is the orthorhombic 
Cr3C, carbide, one must congratulate the author for 
his outstanding study. : 

G. Pomey (author’s reply)—The author would like to 


thank Mr. Charles Bondy for bringing to his atten- 


tion the misprint referred to in his discussion: 7. e. 
that the M.C; carbide crystallizes in the trigonal 
system. We agreed with the interpretation of the 
diffraction pattern for this carbide given in the 
literature by Westgren. 

On the other hand, we have identified by X-ray dif- 
fraction the carbide Cr;C2 in equilibrium with an- 
other carbide M/C; in a 46 Ni-27Cr-5W allay car- 
burized at 950°C. The diffraction pattern of this 
carbide has been successfully compared both with the 
Goldschmidt determination and with a synthetic car- 
bide obtained by carburizing chromium at an elevated 
temperature. The determination of the content of the 
carbide in this alloy by the electron probe is in good 
agreement with the above formula. 


4Westgren, Phragmen, and Negresco: J. Iron Steel Inst., 1928, p. 383. 
5Westgren: Jernkont. Ann., 1935, vol. 119, p. 231. 

°Moissan: Compt. Rend., 1894, vol. 119, p. 185; and 1897, vol. 125, p. 841. 
7Bungardt, Kunze, and Horn: Arch. Eisenhiittenw., 1958, vol. 29, p. 193. 
8Goldschmidt: J. Iron Steel Inst., 1948, vol. 160, p. 345. 
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Discussions—Iron and Steel Division 


Kinetic Factors in the Reduction of Silica from Blast-Furnace Type Slags 


James C, Fulton and John Chipman 


AIME Trans., vol. 215, p. 888 


R. Schuhmann, Jr. (Purdue University)—Fulton and 
Chipman’s results on rate of silica reduction from 
slags are analogous in many ways to the results of 
Parlee, Seagle, and Schuhmann’’ on rate of alumina 
reduction from alumina crucibles. Both investigations 
have given comparably low rates of reduction and 
slow approaches to equilibrium. Accordingly, we 
may hypothesize that the rate-determining step is 
the same in both kinds of experiments; that is, oxygen 
diffusion across the stagnant boundary layer on the 
liquid-metal side of the interface between the liquid 
metal and the oxide phase (slag or solid oxide). 

I suggest that silica reduction involves the follow- 
ing consecutive steps: 

I) At the slag-metal interface: 


SiO2 (slag) +Si+ 20 


II) Transport of oxygen from slag-metal to gas- 
metal interface: 
a) diffusion across liquid-metal boundary 
layer at slag-metal interface. 
b) convection within the body of liquid metal. 
c) diffusion across boundary layer at metal- 
gas interface. 
III) At the metal-gas interface: 


C + O~ CO(gas) 
IV) At the graphite-metal interface: 
C (graphite) ~C 


At steelmaking temperatures it is reasonable to as- 
sume that equilibrium is attained in all three chem- 
ical reactions (I, III, and IV) right at the respective 
interfaces. Convection within the stirred liquid metal 
(step IIb) is also rapid. Transport of Si and C should 
be orders of magnitude easier than transport of O, 
because of the relatively high concentrations of Si 
and C. Accordingly, we might expect the overall 
reaction rate to be determined by boundary-layer 
diffusion of oxygen, either IIa or IIc. Fulton and 
Chipman’s demonstration that bubbling CO through 
the system had no major effect on reaction rate 
indicates that IIc is not the slowest step. Therefore, 
it becomes logical to estimate the maximum rate for 
step IIa and to compare this theoretical estimate 
with Fulton and Chipman’s experimental data. 

If oxygen diffusion across the liquid metal boundary 
layer at the slag metal interface (step IIa) is rate- 
determining, 


ansio, 
dt 


Do 


1130—-VOLUME 218, DECEMBER 1960 


In this equation, dn... /dt is the rate of silica reduc- 
tion in moles per sec, A is the area of slag-metal 
interface in sq cm, D, is the diffusivity of oxygen in 
sq cm per sec, 5, is the boundary layer thickness in 
cm, c* is the oxygen concentration right at the slag- 
metal interface in moles per cubic cm, and c, is the 
oxygen concentration in the body of the liquid metal, 
also in moles per cubic cm. 

Equilibrium data™ on the silicon deoxidation react- 
ion in liquid iron and steel at 1600°C indicate that 
the oxygen contents of the liquid metal in Fulton and 
Chipman’s experiments at 1600°C probably fell in 
the range of 0.5 X10 to 3 X10" wt pet. That is, the 
maximum conceivable value of c*-c, for the system 
under consideration was on the order of 10°’ mole 
oxygen per cubic cm. On the basis of previously 
published data,’”’"’ itis estimated that D,/5, will fall 
somewhere in the range from 10° to 10” cm per 
sec. The surface area A in Fulton and Chipman’s 
experiments was approximately 20 sq cm, and the 
weight of metal involved was about 500 grams. Com- 
bination of all these figures with the above rate equa- 
tion leads to an estimate that the rate of silica reduc- 
tion should fall within the range from 0.002 to 0.2 wt 
pet Si per hr. This estimate is consistent with the 
experimental data. For example, Fulton and Chip- 
man’s Fig. 2 shows a change of about 0.3 pct Si in 
10 hr, corresponding to an average rate of 0.03 pct 
per hr. 

According to the proposed hypothesis, increasing 
the temperature will increase the reaction rate in 
two ways: 1) by increasing oxygen diffusivity and 2) 
by increasing the oxygen concentration (oxygen solu- 
bility) in the liquid metal. The combination of these 
two effects accounts for the high value of the observed 
activation energy. 

Summarizing, I propose that the rate of silica re- 
duction, like that of the carbon-oxygen reaction, is 
diffusion controlled and that low oxygen concentration 
in the liquid metal is the major factor accounting for 
the very low observed rates of silica reduction. 


John Chipman (author’s reply)—The authors thank 


Professor Schuhmann for his interesting contribution. 
His proposed explanation may well prove to be the 
correct one. There is clearly a need for much further 
experimental work on this problem, and further re- 
search is in progress. 


SON AG Parlee, S. R. Seagle, and R. Schuhmann, Jr.: Rate of the Carbon- 
Oxygen Reaction in Liquid Iron, AJME Trans., 1958, vol. 212, pp. 132-138. 
“Basic Open Hearth Steelmaking, AIME, 1951, 
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Electrochemical Characteristics of FeO-MnO-SiO 2 Melts 


D. A. Dukelow and G. Derge 


AIME Trans., vol. 218, p. 136 


John O’M. Bockris (University of Pennsylvania)—It is 
certainly of great interest to study Dukelow and 
Derge’s important work upon the old but hitherto un- 
certain matter of whether semi-conduction occurs in 
slags containing transition metals. 


Departures from Faraday’s laws in this type of sys- 


tem are usually open to two types of interpretation, 
that of semi-conduction; and that of the use of elec- 
trons at the anode to drive a redox reaction, e.¢., 

Fe -—Fe* 4 e5. Hence, unless one takes steps to 
follow the redox potential with passage of current, 
there is a remaining ambiguity in the interpretation. 
An added suspicion in this direction might be implied 
by the fact that the apparent degree of ionic conduct- 
ance begins to fall sharply (in FeO-SiOz) above ap- 
proximately the orthosilicate composition, when, for 
the first time, added O ions can no longer coordinate 
with Si (now saturated at SiO,.*~) and presumably are 
then free, possibly to take part in redox processes. 
Again, the apparent degree of ionic conductance de- 
pends little on temperature. Does this not imply that 
the heats of activation for the electronic and ionic 
conduction would be equal, a possible but improbable 
condition ? 

On the other hand, Baak, using a moving boundary 
method, found that the transport number of Ca in 
CaO-SiOz dropped markedly above the orthosilicate 
composition, an observation which agrees with the 
authors’ interpretation of results, but suggests that 
the effect may be always characteristic of the pre- 
sence of oxygen ions. 

Lastly, I consider the authors should state more 
fully their model for conduction by ‘‘positive holes.’’ 
This concept is a clear one in p-type semiconductors, 
where an atomic impurity ionizes at the expense of 
the electrons in the semiconductor material. When 
FeO is added to a silicate melt, it ztself ionizes to 
Fe++ + oxygen-containing anions (including O--, 


Technical Notes 


Zn- ZnO Alloys for Dispersion Hardening 


Horace Pops and J. F. Libsch 


Tre discovery of SAP alloys (sintered aluminum 
powders) by Irmann’ has stimulated investigations in 
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according to composition). Further, a redox equilib- 
ria in the bulk surely need not involve ‘‘positive 
holes’’ ? 


D. A. Dukelow and G. Derge (authors’ reply)—The 
alternative interpretations proposed by Dr. Bockris 
should indeed be considered and his interest in the 
problem is appreciated. However, the authors would 
like 10 make the following additional remarks in 
support of their original views. 

The presence of semi-conduction as well as ionic 
conduction in FeQ-SiOz and FeO-MnO-SiOz melts as 
proposed by the authors is based on observations 
made from both conductivity and current efficiency 
work. As early as 1934, Wejnarth (Trans. Amer. 
Electrochem. Soc., vol. 65, P. 177.) noted the influ- 
ence of iron oxide on the conductivity of slags and 
logically postulated semi-conduction carry over into 
silicates to explain the high conductivities observed 
in these systems. Inouye et al.’ observed the same 
carry over in the binary FeO-SiOz. Since investi- 
gations of the obeyance of Faraday’s laws in the 
FeO-SiO2* and the FeO-MnO-SiO2z systems have 
shown departures from 100 pct current efficiency, 
it seems logical to postulate the existence of semi- 
conduction in these melts. As pointed out in the 
paper, the independence of current efficiency and of 
current density indicates that no other redox reaction 
was taking place, thereby supporting the view that 
the current efficiency values are an accurate meas - 
ure of the fraction of current carried by ions. 

Dr. Bockris mentions one mechanism for the pro- 
duction of positive holes, namely, those generated by 
certain substutional impurities. However, positive 
holes can also exist in a system because of another 
defect, i.e. cation vacancies such as are present in 
nonstoichiometric FeO, which is the model proposed 
here. 


other alloy systems.” Not only do such alloys have 
good room-temperature properties, but they maintain 
high strength after prolonged service at elevated 
temperatures. In addition, they show high structural 
stability, including unusually high recrystallization 
temperatures. These characteristics are secured 

by dispersion hardening. 

For this investigation, Zn-ZnO alloys were select- 
ed. Practically, the fact that commercially pure zinc 
recrystallizes near room temperature prohibits 
strengthening and hardening by cold deformation and 
therefore limits the application of zinc where me- 
chanical strength is important. Similarly, the poor 


VOLUME 218, DECEMBER 1960-1131 


Es 
i us 
4 
A 
Hot Pressed 
Compact Deformed 
O 31-39% 
O 6-63 
A 
93% 
35 
é 
4 
q 
15 


° 1590 300 uso 600 750 
Annealing Temperature °F 


Fig. 1—Influence of annealing temperature upon macro- 
hardness and microhardness of hot-pressed deformed Zn- 
ZnO compacts. Time—4hr.(R 15-T* Hardness modified 
for 10-sec load application; Vickers hardness determined 
within powder particles using Bergsman tester with 10 g 
load applied for 20 sec.) 


creep resistance of Zn limits its application. Success- 
ful preparation of Zn-ZnO alloys exhibiting SAP-type 
characteristics might minimize these limitations. 

Powder metallurgy was chosen to obtain a fine 
dispersion of oxide in the metal. Particles of the 
zinc dust powder used were spherical, generally had 
a diameter of 3 to 5 u, and contained approximately 
5 vol pct oxide. These particles have a natural coat- 
ing of oxide as produced. 

Attempts to fabricate alloys of reasonable strength 
by cold pressing and sintering in a purified hydrogen 
atmosphere at various temperatures were unsuccess- 
ful. Coining and resintering were not helpful. How- 
ever, hot pressing produced Zn-ZnO alloys with good 
strength and high density. For example, pressing at 
200° to 600°F for 10 min in a purified hydrogen at- 
mosphere using a pressure of 60 tsi produced alloys 
with 96 to 98 pct of the density of cast and wrought 
zinc and transverse rupture strengths of 32,000/40,000 
psi. Presumably, plastic deformation in a nonoxidiz- 
ing atmosphere is effective in providing clean sur- 
faces at points of contact between powder particles 
and the development of point bonds, while diffusion 
at the pressing temperature rapidly extends these 
bonds. 

To determine the deformation and recrystallization 
behavior of the Zn-ZnO alloys prepared by hot press- 
ing at 60 tsi and 275°F, compacts 1 1/4 by 1/8 by 14 
in. in size were hot and cold rolled using reductions 
of approximately 0.012 in. per pass in a two-high 
rolling mill. They were then annealed in a hydrogen 
atmosphere at 450° to 765°F for periods up to 256 hr. 

Both the macrohardness, i.e., interparticle, and 
microhardness, 7.é., intraparticle hardness, decrease 
as room-temperature deformation increases. This 
behavior appears related to progressive recrystal- 
lization within the powder particles as cold deforma- 
tion reduces the recrystallization temperature and 
also occurs in pure wrought zinc when it is plastically 
deformed at room temperature. Hot deformation 
prior to cold rolling does not influence the behavior 
but does eliminate edge cracking which occurs if the 
alloys are cold rolled directly after hot pressing. 
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Fig. 2—Effect of annealing time at 765°F upon macrohard- 
ness for deformed Zn-ZnO alloys prepared from as-re- 
ceived and ball-milled powders. 


Fig. 1 shows that annealing has a negligible influ- 
ence on the microhardness (intraparticle), presuma- 
bly because the particles had recrystallized at room 
temperature after cold deformation prior to anneal- 
ing. There is, however, some indication of a decrease 
in macrohardness at the highest annealing tempera- 
tures. This is related to interparticle growth, 7.é., 
growth beyond the oxide films. This softening be- 
comes quite pronounced at still higher annealing 
temperature and long time. (See Fig. 2.) 

The results presented indicate that while the oxide 
films on zinc dust powders have little influence on 
intraparticle recrystallization behavior and proper- 
ties, they are effective in inhibiting interparticle 
growth and further softening. This suggests that finer 
particles, perhaps with a high degree of shape anis- 
otrophy, would be more effective in providing SAP- 
type characteristics. As-received powders were 
therefore ball-milled for 100 hr, and alloys prepared 
by hot-pressing. The effect of ball-milling the pow- 
ders is striking, Fig. 2; the macrohardness remain- 
ing high and relatively stable after annealing at 765°F 
for 256 hr. Moreover, the level of hardness, i.e., to 
R45-7Tx 00 is higher than that achieved with alloys 
from the as-received powder. The softening of the 
alloys prepared from as-received powder is in mark- 
ed contrast to the structural stability exhibited by 
the ball-milled powders. 

The results of Fig. 2 can be correlated with the 
microstructures of the alloys. While the Zn-ZnO 
alloy prepared from the as-received zinc dust and 
annealed for 256 hrs at 765°F exhibited broken and 
generally agglomerated oxide films in a coarse- 
grained zinc matrix, the alloy prepared from ball- 
milled powder showed a very fine dispersion of oxide 
particles throughout the matrix. These results sug- 
gest that particle size and shape are primary factors 
in developing a dispersion hardened alloy in the Zn- 
ZnO system. 

In conclusion, it appears that Zn-ZnO alloys of the 
SAP-type can be produced by hot pressing ball-milled 
zinc dust powder. Further, these alloys offer promise 
of higher strength and unusual structural stability at 
elevated temperatures. The strengthening effect 
appears related primarily to the very fine dispersion 
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of oxide in the zinc matrix, rather than to cold defor- 
mation. 


Bier Irmann: Sintered Aluminum with High Strength at Elevated Temperatures, 
Metallurgica, 1952, vol. 46, p. 125, 


2N. J. Grant and O, Preston: Dis i i 
b ‘ persed Hard Particle Strength f 1 
J. Metals, 1957, vol. 9, no. 3, p. 349 See eet 
W. L. Bruckart, C. M. Craighead, and R. I, Jaffe: WADC Technical Report 
No. 54-398, Battelle Memorial Institute, January 1955, 


Effect of Strain Rate and Temperature on 
the Compression Texture of Aluminum 


L.J. Dwiggins, William J. Rogers and R. O. Williams 


Tuere has been comparatively little work on the 
importance of strain rate and temperature as varia- 
bles in the formation of deformation textures. For 
this reason the present work was started, the choice 
of compression being in part that of convenience and 
in part because of the absence of quantitative data in 
this area. These do not turn out to be important 
variables within the range studied which permits the 
results to be condensed into this note. 

Samples 1/4 in. in diam and 1/2 in. long were 
machined from 99.9 pct pure commercial aluminum 
and recrystallized to a fine grain size. A set of five 
samples were deformed between a spring-driven 
weight and an anvil resulting in roughly 20 pct strain 
each time. The strain rate varied because of decle- 
ration and shortening of the sample but would aver- 
age about 10° per min. Deformation at temperatures 
over the range of —76° to 150°C were obtained by 
heating or cooling the samples. Complete lubrication 
could be obtained by oil since the short time of con- 
tact did not permit its escape. The samples were 
compressed to a total true strain of 1.4 to 1.6. 

A larger sample was prepared similarly with 
spiral grooves in the ends to hold paraffin which 
provided essentially complete lubrication. This sam- 
ple was compressed slowly at room temperature at 
a rate of about 2 per min to a total strain of 1.0. 

Cylindrical samples were carefully machined from 
these discs with a radial direction as an axis. They 
came from the center half of the samples and were 
roughly 1/16 in. in diam. The samples were etched 
down 15 pct to remove any surface effects. Diffrac- 
tion data were then obtained for six different kinds 
of planes by the use of the Norton technique’ as ap- 
plied to a fiber texture. Direct comparison between 
the raw data failed to reveal any significant differ- 
ence between any of the samples and consequently 
the data_from only one sample was completely re- 
duced. The particular sample had been deformed at 
OC. 

The background was subtracted from the intensity 
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Fig. 1—Fiber-axis distribution for aluminum compressed 
to a strain of 1.38. 


data which were averaged over the four quadrants and 
then normalized to random. These data were then 
used to obtain fiber-axis distribution charts as 
previously described.” For this sample the (422) 
plane was also run to assist in this inversion. The 
final result, Fig. 1, provided a comparable fit to that 
previously obtained from fiber data. About 85 pct of 
the material forms an elliptical texture around the 
<110> direction. The radius (at half height) is 5.5 
deg along the (111) boundary and 8 deg along the 
(100) boundary. The remaining 15 pct forms a ridge 
running from this texture to near the <311> direct- 
ion. The regions around the (100) and (111) planes 
are devoid of material. The earlier qualitative 
results of Barrett® are in complete agreement with 
the present results. The possibility has been dis- 
cused that the material around the <311> results 
from friction between the sample and compres- 

sion plates.* The present results are considered 
proof that such is not the case because of the uni- 
formity of sample deformation and the require- 
ment of axial symmetry before fiber-axis distri- 
bution charts can be accurately obtained. 

Recently results have been obtained to show that 
strain rate and temperature are important variables 
in the extrusion of aluminum.” Perhaps the most 
important observation was that the partial recrystal- 
lization occurred even at room temperature. Strain 
rate was considered to be a factor only in that it 
produced a temperature change. There are many 
differences between the two experiments, the most 
important possibly being that their material was 
roughly ten times the purity of the present material. 
The present experiment, however, may not be as 
definitive as desired in this respect since it has been 
shown that compressed aluminum recrystallizes 
without a texture change” although supplementary 
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data did not disclose any recrystallization in the 
present case. 


SUMMARY 


1) The compressional texture of aluminum is pri- 
marily <110> with a ridge running over to the 

2) For aluminum of this purity changing the strain 

5 ° 
rate by 10° per min or the temperature from —76 to 
150°C has no effect on the compression texture. 

1J. T. Norton: J. Appl. Phys., 1948, vol. 19, p. 1176. 

aL, K, Jetter, C. J. McHargue, and R. O, Williams: J. Appl. Phys., 1956, 
vol, 27, p. 368. 

3C, S. Barrett: AJME Trans., 1940, vol. 137, p. 112. 

4C. S. Barrett: Structure of Metals, 2nd Ed., McGraw-Hill Book Co., New 
York, 1952. 

5C, J. McHargue, L. K. Jetter, and J. C. Ogle: AJME Trans., 1959, vol. 215, 


p. 831. 
°C. S. Barrett: AJME Trans., 1940, vol, 137, p. 128. 


Ionic Disorder in Manganous Oxide 


C. Ernest Birchenall 


Davies and Richardson’ have measured composi- 
tion changes for Mn,-sO with variation in the equi- 
librium partial pressure of oxygen at 1500°, 1575°, 
and 1650°C, where 6 is the deviation from the sim- 
ple stoichiometric ratio. No trend in this relation- 
ship with temperature was observed, so these re- 
marks apply to the whole temperature range. The 
experimental values and their spread are shown by 
the bounded straight-line segments in the figure. 

Davies and Richardson assume that the stoichio- 
metric oxide shows Frenkel disorder, given by the 
equation 


Mn?* = Mn,?* + Mn," [1] 


where Mn*’ is a normal lattice ion which moves into 
an interstitial site (Mn;?*) leaving a vacancy (Mn,,"). 
The superscript dashes indicate that there is an ex- 
cess charge on the anions surrounding the vacancy. 

Schottky disorder, in which a perfect crystal ac- 
quires equal numbers of cation and anion (©,"') va- 
cancies according to 


nil = Mn," +0," [1"] 


leads to equations of exactly the same form in the 
analysis below. In view of the neutron diffraction 
results of Roth,” which shows extensive Frenkel dis- 
order in Fei-sO, Eq. [1] seems more appropriate. 
The deviations from stoichiometric composition, 
MnO, result from the addition of oxygen according to 


+ 1/2 O2(g) = O= + Mn," +2Mn™ [2] 


In effect Davies and Richardson ignore the variation 

of Mn** in constructing equilibrium constants. This 

approximation might not appear to be very serious 

if the excess positive charges are really free posi- 
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-2 


+0 
Fig. 1—Calculated dissociation pressure curve (solid line) 
compared with the ranges of values measured by Davies 
and Richardson. 


tive holes (p*) and if the intrinsic conductivity is 
high as a result of the reaction 


nil [3] 


where e- is a conducting electron. However, the 
calculations of Buessem and Butler® indicate that 
the partition functions of the free charges make a 
large contribution to the equilibrium constant, and 
this approximation would not be a desirable one. 
Furthermore, Morin* shows that the positive holes 
are probably localized in MnO and therefore are de- 
scribed better by the mass action principle than by 
a degenerate gas model. Davies and Richardson’s 
considerations require that activity corrections be 
applied beyond a 6 value of about 0.005. It is pro- 
posed to show here that the dissociation pressure 
curve can be calculated reasonably well over the 
whole composition range studied without activity 
corrections by choosing appropriate equilibrium 
constants for reactions 1 and 2. 

As stoichiometric composition 


[Mn,"|s) = [Mn;*"]¢.) [4] 


The mass action constant, K,, for reaction [1] and 
the equilibrium constant, Kn, for reaction [2] are 
given by 


Ks = [5] 


Kn = [Mno"][Mn*"]? 7? 
where the concentrations which do not change 
significantly have been absorbed into the constants. 
The brackets denote concentrations. The deviation 
from stoichometric composition is given by 

[Mn"] ["] 
[Mn "] = 6 only when 6 [Mn,"] >> K,. [Mn**] = 25re- 
gardless of [Mn;”  ]. 


Substituting Eq. [7] in [6] 


= [Mm,"] [Mn,*"] = [M, "] — 


K, = (5 + [Mni**]) 
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Table |. Dissociation Pressures Calculated for Mn, _ 50 with K, = 10-3 and K_ = 1072 


r) 0.0443 0.0355 0.026 0.018 0.0107 0.0052 0.0021 0.0007 

Po, (atm) 20% 10 2.9 x 10° 2.9 x 10-° 107 3.1 x 107° 3.810 
40° Py -1/2 [3] basis of this type of reaction failed. 
[Mn,"]) or? As Davies and Richardson point out, their results 
show that the partial molar heat of solution of oxygen 

When 6 > [Mn Nis) is very small, and they take it to mean that Eq. [1] 
has no temperature coefficient. The relative insen- 
Sa Og [9] sitivity of these calculations to variations in K, and 


Eqs. [7] and [8] were solved simultaneously with 
arbitrarily selected values of the constants. For 
K,= 10° and Kn = 10°* the values in Table I were 
calculated. The smooth curve in the figure is based 
on these calculations. Although a slight improve- 
ment in fit might be obtained by further attempts 
with slightly adjusted constants, no great change is 


likely without the introduction of activity coefficients. 


Roth’s results” on Fe,_;O might be explained by a 
reaction 


+ 1/20, + 2Fe," + Fe 


in which every extra oxide ion added leads to the 
formation of two vacant cation sites and one inter- 
stitial cation, assuming that the hypothetical 
stoichiometric FeO has a low intrinsic defect con- 
centration. Attempts to fit the MnO results on the 


K, suggest that the dissociation pressure curve would 
change little with temperature if K, and Kn have 
nearly the same temperature coefficient. 

I appreciated a discussion of this problem with 
Prof. F. D. Richardson during an extended visit 
in his laboratory where a considerable part of this 
work was carried out. Support is acknowledged from 
the National Science Foundation through a Science 
Faculty Fellowship and from the Air Force Office 
of Scientific Research (ARDC) under Contract No. 
AF 49(638)-53. Reproduction in whole or in part is 
permitted for any purpose of the United States 
Government. 


4M. W. Davies and F. D. Richardson: Trans. Farad. Soc., 1959, vol. 55, p. 604. 

2W. L. Roth: J. Appl. Phys. Suppl., 1959, vol. 30, p. 303S and research to be 
published. 

SW. R. Buessem and S, R. Butler: in Kinetics of High-Temperature Processes, 
W. D. Kingery, Ed., pp. 13-19, Technology Press and John Wiley & Sons, New 
York, 1959. 

4F, J. Morin: in Semiconductors, N. B. Hannay, Ed., Reinhold, New York, 1959. 


X-Ray Line Broadening from Explosively 
Loaded Copper 


J. B. Cohen 


In an investigation of the microstructure of shock- 
loaded metal specimens’ C. 8S. Smith found that there 
was little distortion of grain boundaries or change 

in external dimensions, although the hardness corre- 
sponded to that produced by severe rolling. Further- 
more, the hardness of individual grains was independ- 
ent of the deformation structures present; grains 
with no markings were as hard as those heavily 
populated with markings. These markings which re- 
semble twins do not appear in copper until high shock- 
loads of the order of 200 kb are applied. 

It appears that due to the high velocity of a shock 
wave and its sharp front, heavy deformation takes 
place on a submicroscopic scale. In this work an 
attempt was made to examine this deformation, parti- 
cularly at a load below which macroscopic markings 
appear. The broadening of 200 and 400 diffraction 
peaks was examined from the face of a polycrystal- 
line sample normal to the direction of the shock wave. 
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These peaks were chosen because the elastic con- 
stants in copper are such that residual strains would 
be greatest in the <100> directions; hence, the 
strain-broadening contribution to these peaks would 
be large in comparison to other sets. Also the 
broadening due to stacking faults and microtwins 
would be greatest with this set.” A complete Fourier 
analysis of these peaks was made, as described by 
Warren,’ using the Stokes correction with peaks from 
an annealed sample.* With the aid of the U. S. Army 
Ordnance Corps EDVAC computer and a curve 
matching program, sixty sine and sixty cosine co- 
efficients were obtained for each peak. The last of 
these was about 1.5 pct or less of the largest co- 
efficient, indicating good representation. 

Transverse sections from a1.5in. rod of as-drawn 
electrolytic tough-pitch copper were reduced in 
cross-sectional area about 50 pct by cross rolling. 
Disks 1.5 in. in diam were recrystallized at 275°C 
for 30 min and then at 300°C for the same time. The 
faces were polished and deeply etched in nitric acid 
to remove 25 mils. The grain size was 0.02 mm. 
Laue back-reflection patterns indicated the sample 
was well recrystallized. 

The two diffraction peaks from this sample were 
recorded on a Norelco diffractometer using filtered 
copper radiation. Peak intensities were kept less 
than 600 cps to assure linearity of the counter and 
circuitry. This sample was then placed between two 
rods of the same material and diameter. The top rod 
was 2.25 in. long and the bottom rod 1 in. long. (In 
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preliminary experiments it was found that with this 
arrangement spalling was minimized.) A cast rod of 
composition B explosive, 3 in. long with a tetryl 
booster and detonator was placed on the surface of 
the top rod. The system was fired into a container 
of sawdust. (The pressure at the sample was esti- 
mated from previous work to be about 10 kb.) 

After recovery, the face of the sample was leveled 
in a lathe while it was bathed in oil and again deeply 
etched. The experimental data was taken within 3 hr 
of the explosion. The hardness of the sample was 
Rp 43. Peaks were also recorded from a sample 
rolled to the same hardness. 

As in Smith’s work, the explosively loaded sample 
had changed its diameter by only about 4 pct. The 
microstructure was essentially unchanged, whereas 
the rolled sample showed the grain elongation charac- 
teristic of the rolling process. However, the correct- 
ed Fourier coefficients of the peaks from the rolled 
and shock-loaded samples were essentially identical. 
The broadening in both samples was principally due 
to strain; this strain was not homogeneous. The 
rms value averaged over 50Awas 0.0012 and over 
100A was 0.0010. The particle size was about 0.16 yu. 
(If this size was due only to faults, the change in the 
26 separation of the 111 and 200 peaks would have 
been about 30 seconds of arc, i.e., immeasurable. ) 

Therefore, no appreciable faulting was present 
after a shock load of 10 kb. 

The author thanks Messrs. S. Lanahan, G. Moss 
and S. Golaski, and Drs. G. Glass and R. J. Eichel- 
berger of the Ballistic Research Laboratories APG, 
Md. for advice and assistance. Further studies at 
higher loads are now underway at Northwestern 
University. 

1C..S. Smith: AJME Trans., 1958, vol. 212, p. 574. 

2B. E. Warren: in Progress in Metal Physics, vol. 8, Pergamon Press, Lon- 


don, England, p. 147, 1959. 
3A. R. Stokes: Proc. Phys. Soc., 1948, vol. 61, p. 382. 


Vapor Pressure of Iron at 1600°C 


E. T. Turkdogan and L. E. Leake 


WAcaucber of measurements have been made on the 
vapor pressure of pure iron at 1600°C. Experiments 
were carried out by the transportation method in 
which a sample of iron is exposed in a furnace to a 
stream of pure argon, metered at a predetermined 
flow rate for a specified period of time. The vapor 
pressure was obtained from the weight loss of the 
sample. 

A detailed diagram of the apparatus used for the 
experiments is given in Fig. 1. It consisted of a hori- 
zontal molybdenum-wire-wound furnace fitted with a 
recrystallized alumina tube 1 1/8 in. internal diam. 
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The boats, 1 by 3/16 by 1/8 in., were fired in argon 
at 1600°C to constant weight before use. After this 
treatment, subsequent heating of the boats to 1600 °C 
gave little or no further change in weight, ¢.g. + 0.05 
mg in 24 hr. 

The furnace and reaction tube were separately fed 
with argon from two independent flowmeters. These 
were connected to a common supply source via an 
argon purification furnace containing metallic titanium 
sponge at 700°C, and an anhydrone drying-tower. A 
rotary displacement-type meter was included in the 
gas train to provide a direct means of measuring the 
total volume of gas passed through the reaction tube. 

The material used was vacuum melted high-purity 
iron in the form of wire 2mm in diam. The following 
impurities were present in the iron: 0.008 pct C, 
0.002 pct Si, 0.005 pct Mn, 0.008 pct S, 0.001 pet P, 
0.01 pct Ni, 0.001 pct Cr, 0.006 pct Cu, and 0.001 pct 
Al. Samples consisting of three small pieces of this 
wire were laid end to end in a recrystallized alumina- 
combustion boat, and were separated by small frag- 
ments of alumina. The wire samples were then melt- 
ed in argon to form spherical beads 2 to 3 mm in 
diam. After weighing, the boat with its contents was 
placed on the boat carrier and introduced into the 
cool end of the reaction tube. The-entire furnace 
system was then flushed with argon for 30 min. At 
the end of this period, the flow of argon to both fur- 
nace and reaction tubes was adjusted to the desired 
level; then the boat was slid rapidly into the hot-zone 
of the reaction tube. After a known volume of gas 
had passed through the reaction tube, the boat was 
withdrawn quickly to the cool end of the furnace. 
When quite cool, the boat was removed from the fur- 
mace and placed in a desiccator for subsequent re- 
weighing. The semi-micro balance used in these 
experiments had a sensitivity of 0.005 mg. 

The above procedure was repeated at several flow 
rates within the range of 25 to 300 ml per min. The 
flow of argon in the annular space between the two 
tubes was at a rate of 300 ml per min in all experi- 
ments. During all the experiments the furnace tem- 
perature was maintained at 1600° + 5°C by means of 
a temperature controller. The temperature of the 
reaction zone was measured with a Tinsley high 
precision disappearing filament pyrometer which 
was initially calibrated against a Pt-13 pct Rh/Pt 
thermocouple; the errors due to temperature meas- 
urements were within + 5°C. 


RESULTS 


Assuming that the iron vapor is in the monatomic 
state, the vapor pressure can be calculated from the 
weight loss of the sample and the volume of the car- 
rier gas. The results obtained are plotted in Fig. 2 
against the rate of flow of argon through the chamber 
containing liquid iron beads. At low flow rates, the 
thermal diffusion of iron gives an apparent high vapor 
pressure, but at high gas flow rates, the carrier gas 
is not saturated with the vapor, and therefore, low 
vapor-pressure values are obtained. This is now a 
well-known phenomenon. There is a distinct inflexion 
of the curve at about 120 to 160 ml per min rate of 
argon flow and the vapor pressure of iron within this 
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range of flow is 0.035 + 0.002 mm Hg. This value 
agrees very well with the values of 0.039 and 0.036 


mm Hg for 1600°C deri 
Johnston, and Ditmars’ 
However, Zellars et 


ved from the data of Edwards, 
and Vintalkin,” respectively. 
and Speiser et al. reported 


a much higher value, e.g. 0.057 mm Hg at 1600°C, 


for the vapor pressure 
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vol, 73, p. 4729. 


2k, Z. Vintalkin: Doklady Akademii Nauk, SSSR, 1957, vol. 117, 
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and W. E. Ditmars: J. Amer. Chem. Soc., 


632. 
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1959, vol, 215, 181. 
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CORRECTIONS TO VOLUME 218, OCTOBER 1960 


Page 774, line 24 from bottom 


Recovery Properties of 
Lithium-Fluoride Single 
Crystals, page 947 


Page 959 


1148-VOLUME 218, DECEMBER 1960 


Part of a sentence was omitted. Sentence should read: ... of the indi- 
vidual phases. A summary of the physical properties of salt and metal 
at 500°C is given in Table I. 


Author should be W. L. Phillips, Jr. 


Reference was omitted. Reference should be 
*H. P. Worner: J. Inst. Metals, 1952-53, vol. 81, pp. 521-528. 
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